






Bionanomateri aIs
for
Dental
Hpplications

edited by

Mieczyslaw Jurczyk

PAN STANFORD'rrr PURUSHI NG



CRC Press

Taylor & Francis Group

6000 Broken Sound Parkway NW, Suite 300

Boca Raton, FL 33487-2742

© 2012 by Taylor & Francis Group, LLC

CRC Press is an imprint of Taylor & Francis Group, an Informa business

No claim to original U.S. Government works

Version Date: 20121004

International Standard Book Number-13: 978-9-81430-384-2 (eBook - PDF)

This book contains information obtained from authentic and highly regarded sources. Reason-

able efforts have been made to publish reliable data and information, but the author and publisher 

cannot assume responsibility for the validity of all materials or the consequences of their use. The 

authors and publishers have attempted to trace the copyright holders of all material reproduced in 

this publication and apologize to copyright holders if permission to publish in this form has not 

been obtained. If any copyright material has not been acknowledged please write and let us know so 

we may rectify in any future reprint.

Except as permitted under U.S. Copyright Law, no part of this book may be reprinted, reproduced, 

transmitted, or utilized in any form by any electronic, mechanical, or other means, now known or 

hereafter invented, including photocopying, microfilming, and recording, or in any information 

storage or retrieval system, without written permission from the publishers.

For permission to photocopy or use material electronically from this work, please access www.

copyright.com (http://www.copyright.com/) or contact the Copyright Clearance Center, Inc. 

(CCC), 222 Rosewood Drive, Danvers, MA 01923, 978-750-8400. CCC is a not-for-profit organiza-

tion that provides licenses and registration for a variety of users. For organizations that have been 

granted a photocopy license by the CCC, a separate system of payment has been arranged.

Trademark Notice: Product or corporate names may be trademarks or registered trademarks, and 

are used only for identification and explanation without intent to infringe.

Visit the Taylor & Francis Web site at
http://www.taylorandfrancis.com

and the CRC Press Web site at
http://www.crcpress.com



Contents

Preface ix

1. Introduction 1
 Mieczyslaw Jurczyk and Karolina Jurczyk
 1.1 Motivation 1
 1.2 Nanomaterials 6
 1.3 Nanobiotechnology  9

2. Stomatognathic System 17
 Karolina Jurczyk
 2.1 Elements of the Stomatognathic System 17
 2.2 Implantology Issues in the Stomatognathic System  22
 2.3 Characteristics of the Stomatognathic System 25

3. Biomaterials 29
 Mieczyslaw Jurczyk and Karolina Jurczyk
 3.1 Introduction 29
 3.2 Metallic Biomaterials  33
 3.2.1 Stainless Steel 35
 3.2.2 Cobalt Alloys  39
 3.2.3 Titanium and Titanium Alloys 42
 3.2.4 Noble Metal Alloys     50
 3.3 Ceramic Biomaterials  50
 3.3.1 Bioinert Ceramics      52
 3.3.1.1 Alumina  52
 3.3.1.2 Zirconia  53
 3.3.1.3 Carbon  55
 3.3.2 Bioactive Ceramics       56
 3.3.3 Bioresorbable Ceramics      59
 3.4 Polymers   61
 3.4.1 Acrylic Resins   62
 3.4.2 Composite Resins   63
 3.5 Composite Biomaterials  65



vi Contents

4. Nanotechnology 81
 Mieczyslaw Jurczyk and Mieczyslawa U. Jurczyk
 4.1 Synthesis of Nanopowders 83
 4.1.1 Top-Down Approach  83
 4.1.1.1 Milling processes  83
 4.1.1.2 Nanoprocessing  85
 4.1.1.3 Mechanical alloying  86
 4.1.2 Bottom-Up Approach  91
 4.1.2.1 Wet chemical processes 91
 4.1.2.2 Form in place processes 92
 4.1.2.3 Gas phase synthesis 93
 4.2 Nanopowder Consolidation 95
 4.2.1 Consolidation Methods 96
 4.2.2 Nanosintering  97
 4.2.3 Pore Effects and Grain Growth 98
 4.3 Severe Plastic Deformation  98
 4.3.1 Equal Channel Angular Pressing 99
 4.3.2 Cyclic Extrusion Compression Method 100
 4.3.3 High Pressure Torsion  100
 4.3.4 Other Severe Plastic Deformation Methods  101

5. Corrosion of the Metallic Biomaterials and Implants 107
 Jaroslaw Jakubowicz
 5.1 Corrosion of the Ti-Based Alloys 107
 5.2 Corrosion of the Ti-Based Porous Materials 127
 5.3 Corrosion of the Hydroxyapatite  

Ti-Coated Compounds 132
 5.4 Corrosion of the Other Dental Materials 138

6. Nanostructured Stainless Steels 147
 Maciej Tulinski
 6.1 NickelǧFree Stainless Steels 148
 6.2 Nanostructured NickelǧFree Stainless Steels  153
 6.3 NickelǧFree Stainless Steels/ 

Hydroxyapatite Nanocomposites 158

7. Ti-Based Ceramic Nanocomposites 165
 Katarzyna Niespodziana and Mieczyslaw Jurczyk
 7.1 Introduction 165
 7.2 Ti-HA Nanocomposites  167



viiContents

 7.2.1 Microstructure and Phase Constitution  167
 7.2.2 Mechanical Properties  171
 7.2.3 Corrosion Properties  174
 7.3 Ti-SiO2 Nanocomposites 176
 7.4 Ti-45S5 Bioglass Nanocomposites 179
 7.5 Ti-Al2O3 Nanocomposites 180

8. Shape Memory NiTi Materials 185
 Andrzej Miklaszewski
 8.1 Background 185
 8.2 Overview of Shape Memory Materials 189
 8.2.1 MSMAs — Magnetic Shape Memory Alloys 189
 8.2.2 SMPs — Shape Memory Polymers 192
 8.3 Brief History of SMAs 194
 8.4 SMAs — Introduction to Properties 196
 8.4.1 Thermally Induced Transformation 198
 8.4.2 Mechanically Induced Transformation 199
 8.4.3 SME — Shape Memory Effect 201
 8.4.4 TWSME — Two-Way Shape Memory Effect 202
 8.5 Receiving of Nickel–Titanium Shape Memory Alloy 204
 8.6 Biocompatibility and Corosion Resistance of Nickel 

Titanium SMA 211
 8.7 Shape Memory Materials Application 213

9. Surface Treatment of the Ti-Based Nanomaterials 221
 Jaroslaw Jakubowicz
 9.1 Introduction 221
 9.2 Electrochemical Anodic Oxidation 224
 9.2.1 Electrochemically Grown Porous TiO2 224
 9.2.2 TiO2 Nanotubes and Nanoϐibers 251
 9.2.3 Ti-Based Nanocomposites 273
 9.2.4 Ti-Based Nanoalloys 276
 9.3 Formation of Electrochemically Grown Ca/P Layer 280

10. Carbon Materials 305
 Jaroslaw Jakubowicz
 10.1 Carbon Thin Films 305
 10.2 Carbon Nanotubes 309
 10.3 Carbon Nanoϐibers 317
 10.4 Carbon Nanoparticles 324



viii Contents

11. Nanomaterials in Preventive Dentistry 333
 Karolina Jurczyk and Mieczyslawa U. Jurczyk
 11.1 Nanodentistry 334
 11.2 Biomimetic Nanomaterials 334
 11.3 Antimicrobial Effect of Nanometric Bioactive  

Glass 45S5   337
 11.4 Nano-Sized Calcium-Deϐicient Apatite Crystals 340

12. Osteoblast Behavior on Nanostructured 
Implant Materials 345

 Karolina Jurczyk and Mieczyslawa U. Jurczyk
 12.1 Introduction 345
 12.2 Biocompatibility  347
 12.3 Nanostructured Biomaterials  352
 12.3.1 Nanostructured Biointerfaces  354
 12.3.2 Osteoblastic Cell Behavior on Nanostructured 

Surface of Metal Implants 355
 12.3.3 Adhesion of Osteoblast-Like Cells on 

Nanostructured Hydroxyapatite 365
 12.3.4 Size Effect of Hydroxyapatite Nanoparticles 

on Proliferation and Apoptosis of  
Osteoblast Cells 366

 12.3.5 Biocompatibility of Ti-Bioceramic 
Nanocomposites 369

 12.3.6 Biocompatibility of Ni-Free Stainless Steel 371

13. Applications of Nanostructured Materials  
in Dentistry 387

 Karolina Jurczyk and Mieczyslawa U. Jurczyk
 13.1 Bulk Nanostructured Titanium 388
 13.2 Dental Implants with Nanosurface 392
 13.3 Nanostructured Materials for Permanent and 

Bioresorbable Medical Implants 396
 13.4 Nanostructured Dental Composite Restorative  

Materials 399
Index   407



Preface

Nanotechnology involves the precise manipulation and control of 
atoms, the building elements of all matter, to create new materials. 
It is widely accepted that this technology is developing into a major 
driver for commercial success in the 21st century. Over the last 
decade, the use of nanostructured metallic and ceramic materials 
has already changed the approach to materials design in many 
applications, by seeking structural control at the atomic level and 
by the tailoring of the mechanical engineering, physico-chemical, 
and biological properties. Today, it is possible to prepare metal and 
ceramic nanocrystals with nearly monodispersive size distribution. 
Nanomaterials demonstrate novel properties compared with 
conventional (microcrystalline) materials owing to their nanoscale 
features. 
 Recently, the mechanical alloying method and the powder 
metallurgy process for the fabrication of metal/alloy–ceramic 
nanocomposites with a unique microstructure have been developed. 
The processes permit the control of microstructural properties such 
as the size of pore openings, surface properties, and the nature of 
the base metal/alloy. The availability of large amounts of speciϐically 
tailored nanostructured metal/alloy-based powders is crucial for 
the successful development of new dental implants. 
 One of the potential applications of nanostructured materials 
is dentistry. Although Ti is widely used for clinical purposes, some 
unresolved issues still remain. The clinical failure rate for implant 
materials occurs in the range from a few to over 10%. 
 The lack of sufϐicient bonding of synthetic implants to 
surrounding body tissues has led to the investigations of novel 
material formulations. Nanomaterials can be used to synthesize 
implants with surface roughness similar to that of natural tissues. 
The mechanical properties are improved, and what is more, the book 
highlights the enhanced cytocompatibility of the nanomaterials, 
leading to increased tissue regeneration. 
 The present research aims to fabricate porous scaffolds to 
promote bone or tissue ingrowth into pores and provide biological 
anchorage. Several factors have shown their inϐluence on bone 
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ingrowth into porous implants, such as porous structure (pore size, 
pore shape, porosity, and interconnecting pore size) of the implant, 
duration of implantation, biocompatibility, implant stiffness, and 
micromotion between the implant and the adjacent bone. The 
architecture of a porous implant has been suggested to have a great 
effect on implant integration by newly grown bone. 
 This book is our contribution to this innovative area of 
bionanomaterials and bionanocomposites for dental applications. 
Wherever possible, we used our own results to illustrate the 
discussed subject. The content of this book is classiϐied into 
13 chapters. The ϐirst chapter emphasizes the motivation for 
the transformation to the bionanomaterials and synthesis of 
nanomaterials, aiming at describing the principles and approaches 
of the synthesis techniques. We provide a comprehensive history of 
the development of biomaterials, including the existing fabrication 
methods, with special emphasis on ball milling in high-energy 
mills. The second chapter focuses on the stomatognathic system. In 
Chapters 3 and 4, we review the properties of selected biomaterials 
and the application of nanotechnology in dental materials. Chapter 5 
presents a thorough review of the corrosion of metallic biomaterials 
and implants. The book also describes Ni-free austenitic stainless 
steel–hydroxyapatite nanocomposites (Chapter 6), Ti-based ceramic 
nanocomposites (Chapter 7), and shape memory Ni–Ti materials 
(Chapter 8). Chapters 9 and 10 provide information on the surface 
treatment of Ti-based nanocrystalline biomaterials and carbon 
materials. The present state of knowledge related to nanomaterials 
in preventive dentistry and osteoblast behavior on nanostructured 
metal implants are presented in Chapters 11 and 12. Chapter 13, 
the last chapter, focuses on the application of bulk nanostructured 
materials in dentistry. The objective is to show their unique 
properties.     
 Our goal is to provide comprehensive and complete knowledge 
about bionanomaterials for dental applications to graduate students 
and researchers, whose background can be in chemistry, physics, 
chemical engineering, materials science, biomedical science, or even 
dental science.
 I express my appreciation to all of the authors for their 
contributions.

Mieczyslaw Jurczyk

Preface



1.1 Motivation

In 1959 Richard Feynman, a Physics Nobel laureate, presented his 
famous idea of nanostructure materials production [17]. He stated: 
“The principles of physics, as far as I can see, do not speak against 
the possibility of maneuvering things atom by atom.” Feynman 
proceeded to describe building with atomic precision, and outlined a 
pathway involving a series of increasingly smaller machines. Today, 
it is possible to prepare metal, ceramic, and alloy nanocrystals with 
nearly monodispersive size distribution. Nanostructures represent 
key building blocks for nanoscale science and technology. 
 Nanotechnology is a technology that owes its name to the preϐix 
nano, a Greek word for dwarf, as applied to objects that exhibit 
billionth (10–9) meter dimensions. Recently, nanotechnology has led 
to a remarkable convergence of disparate ϐields including biology, 
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applied physics, chemistry, materials science, and computational 
modeling [3]. Broadly speaking, nanotechnology is the development 
and use of techniques to construct structures in the physical size 
range of 1–100 nanometers (nm), as well as the incorporation of 
these structures into applications. Now, nanotechnology is entering 
many industry sectors including energy, electronics, aerospace as 
well as medicine.
 Nanoscience and nanotechnologies are not new. Size-dependent 
properties have been exploited for centuries. For example, Au and 
Ag nanoparticles have been used as colored pigments in stained 
glass and ceramics since the 10th century AD. Many chemicals 
and chemical processes have nanoscale features and, for example, 
chemists have been making polymers (large molecules made up of 
nanoscalar subunits) for many decades. But now, due to imaging 
techniques like the scanning tunneling microscope and the atomic 
force microscope, the understanding of the nanoworld has improved 
considerably [14, 16].
 During the past few years, interest in the study of bionanostruc-
ture materials has been increasing at an accelerating rate, stimulated 
by recent advances in materials synthesis and characterization 
techniques and the realization that these materials exhibit many 
interesting and unexpected properties with a number of potential 
technological applications [6, 18, 40, 52]. Nanotechnology provides 
the tools and technology platforms for the investigation and 
transformation of biological systems, and biology offers inspiration 
models and bio-assembled components to nanotechnology [21]. 
For example, the London Centre for Nanotechnology has a wide 
range of bionanotechnology and health care research programs: 
bionanoparticles, bionanosensors, biocompatible nanomaterials, 
advanced medical imaging, technologies for diagnosis, self-
assembled biostructures, degenerative disease studies, molecular 
simulation, lab on a chip and screening, drug screening technologies, 
and molecular simulation. 
 Application of new materials such as biomaterials and implants 
increases steadily. However not all replacement systems have 
provided trouble-free service. In dental implants the rate of success 
is 96–98%, which, by millions of implants, gives a signiϐicant number 
of patients in trouble [2]. Therefore, in a failure-free replacement 
system, no particulate or corrosion debris would be generated and 
no loosing of the implant components should occur. The source of 
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debris particles is the wear process and grit blast, which includes 
Al2O3, ZrO2, or SiO2 particles on the surfaces of especially treated 
implants. 
 An appropriate surface modiϐication would prevent their transfer 
into nearby tissues. The absence of debris particle generation is 
crucial for the prevention of implant malfunction. The determination 
of the mechanisms of debris generation and appreciate modiϐication 
of implant surface bulk structure and properties is one of the  
main aims of current research projects. 
 The main purpose of current research is to prevent the failures 
caused by infection by changing the biomaterial’s properties and 
making them highly friendly for surrounding tissues. 
 Ti and Ti-based alloys are preferred materials in the production 
of implants in both medical and dental applications. These 
biomaterials have relatively poor tribological properties because 
of their low hardness. One of the methods that allow the change 
of biological properties of Ti alloys is the modiϐication of its 
chemical composition. The other way is to produce a composite 
that will exhibit the favorable mechanical properties of titanium 
and excellent biocompatibility and bioactivity of ceramic. The most 
commonly used ceramics employed in medicine are hydroxyapatite 
(HA), silica, and bioglass. HA shows good biocompatibility because 
of its similar chemical and crystallographic structure to the apatite 
of living bone. The ceramic coating on the titanium improves the 
surface bioactivity but often ϐlakes off as a result of poor ceramic/
metal interface bonding, which may cause the surgery to fail. For this 
reason, composite materials containing titanium and ceramic as a 
reinforced phase are expected to have broad practical applications.
 Since 1996 a research program was initiated at the Institute of 
Materials Science and Engineering, Poznan University of Technology, 
in which ϐine grained, intermetallic compounds were produced 
by mechanical alloying, high-energy ball milling, hydrogenation-
disproportionation-desorption-recombination (HDDR), or mechano-
chemical processing (MCP) [22−28, 34−36]. The mechanical synthesis 
of nanopowders and their subsequent consolidation is an example 
how this idea can be realized in metals by a so-called bottom-up 
approach. On the other hand, other methods have been developed, 
which are based on the concept of the production of nanomaterials 
from conventional bulk materials via the top-down approach. The 
investigations by severe plastic deformation (e.g., cyclic extrusion 
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compression method (CEC) or equal channel angular extrusion 
(ECAE)) [39, 46, 50, 51], show that such a transformation is indeed 
possible. Currently, at Poznan University of Technology, we facilitate 
the multidisciplinary interaction of physicists, chemists, materials 
engineers, biologists, and dentists collaborating on nanoscience, with 
the goal of integrating nanoscale materials with biological systems. 
The aim of our research is to develop a new generation of titanium 
(Ni-free stainless steel)-ceramic bionanocomposites by producing 
the porous structures with a strictly speciϐied chemical and phase 
compositions, porosity and surface morphology and, as such, will 
adhere well to the substrate, show high hardness, high resistance to 
biological corrosion and good biocompatibility with human tissues. 
 Nanomaterials can be metals, ceramics, polymers, and composite 
materials that demonstrate novel properties compared with 
conventional (microcrystalline) materials due to their nanoscale 
features. Moreover, researchers have exhibited an increased interest 
in exploring numerous biomedical applications of nanomaterials and 
nanocomposites [3, 6, 40]. Till now, it has been shown that implants 
made from metallic, carbon, or oxide bionanomaterials considerably 
improved the prosthesis strength and their biocompatibility. These 
nanocrystalline structures can be produced by non-equilibrium 
processing techniques such as mechanical alloying [4, 9, 47].
 The current projects aim to fabricate Ti-based porous scaffolds to 
promote bone or tissue ingrowth into pores and provide biological 
anchorage. Generally, porous metallic scaffolds are fabricated using 
a variety of processes to provide a high degree of interconnected 
porosity to allow bone ingrowth. Fabrication technologies include 
chemical vapor inϐiltration to deposit tantalum onto vitreous  
carbon foams, solid freeform fabrication, self-propagating high-
temperature synthesis, and powder metallurgy [13, 20, 29, 34, 45, 
48]. While these porous metals have been successful at encouraging 
bone ingrowth both in vivo and in clinical trials, the range of materials 
and microstructures available is still rather limited. It is important to 
use appropriate surface modiϐication to increase the anti-corrosive 
and biocompatible properties of Ti implants for long-term clinical 
applications. 
 Mechanical alloying, high-energy ball milling, reactive milling, 
chemical vapor transport, solid–liquid–vapor growth, solvothermal 
synthesis, solid–gas high-temperature reactions, microwave 
chemistry, arc furnace techniques, aerosol spray techniques, liquid 
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metals chemistry, and powder metallurgy process for the fabrication 
of titanium (Ni-free stainless steel)–ceramic nanocomposites with 
a unique microstructure were developed. Those processes permit 
the control of microstructural properties such as the size of pore 
openings, surfaces properties, and the nature of the base metal/
alloy. A new type of bulk three-dimensional porous Ti (Ni-free 
stainless steel)-based nanocomposite biomaterials with desired  
size of porous and three-dimensional capillary-porous coatings on 
these nanobiocomposites was developed. Materials with nanoscale 
grains would offer new structural and functional properties for 
innovative products in medical/dental applications. 
 Various methodologies are being used in an effort to improve  
the interfacial properties between the biological tissues and the 
existing implants, e.g., Ti and Ti-based alloy. The electrochemical 
technique, a simpler and faster method, can be used as a potential 
alternative for producing porous Ti-based metals for medical 
implants. Good corrosion resistance of the titanium is provided by 
the passive titanium oxide ϐilm on the surface. This layer is important 
for the good biocompatibility. The native oxide has thickness of a 
few nanometers. In the case of anodic oxidation, the oxide thickness 
can be multiplied up to the micrometer range. The structure 
and thickness of the grown oxide depend on the electrochemical 
etching conditions, for example: current density, voltage, electrolyte 
composition. In the electrochemical etching of titanium, electrolytes 
containing H3PO4, CH3COOH, and H2SO4 are used. In Ti anodization, 
the dissolution is enhanced by HF- or NH4F-containing electrolytes, 
which results in pore or nanotube formation. The current density 
in this case is much higher than in the electrolyte without HF or 
NH4F [22]. Fluoride ions form soluble [TiF6]2– complexes resulting 
in the dissolution of the titanium oxides. In this way, the dissolution 
process limits the thickness of the porous layer. 
 Porous implants layer has lower density than respective bulk, 
and good mechanical strength is provided by bulk substrate. Hence, 
the latter is attractive with respect to bulk titanium alloys. The 
porous layer on the Ti substrate is necessary for osseointegration 
with bones, which is not normally provided by the native oxide.
 On the other hand, Ti and its alloys possess favorable properties, 
such as relatively low modulus, low density, and high strength. 
Apart from that, these alloys are generally regarded to have good 
biocompatibility and high corrosion resistance but cannot directly 
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bond to the bone. In addition, metal implants may loosen and even 
separate from surrounding tissues during implantation. Titanium- 
and titanium-based alloys have relatively poor tribological pro-
perties because of their low hardness. One of the methods that 
allow the change of biological properties of Ti alloys is to produce a 
nanocomposite that will exhibit the favorable mechanical properties 
of titanium and excellent biocompatibility and bioactivity of ceramic. 
The most commonly used ceramics in medicine are hydroxyapatite, 
bioglass, and Al2O3 [7, 34]. 
 Current research on the synthesis of nanoscale metallic and 
composite biomaterials, shows that Ti/(Ni-free stainless steel)–HA 
nanocomposites posses better mechanical and corrosion properties 
than microcrystalline titanium/Ni-free stainless steel [49]. In the 
case of Ti–HA nanocomposities, the Vickers hardness also strongly 
increases for Ti-20 vol% HA nanocomposites (1030 HV0.2) and 
is four times higher than that of pure microcrystalline Ti metal  
(250 HV0.2). The corrosion test results indicated that the 
microcrystalline titanium possesses lower corrosion resistance and 
thus higher corrosion current density in Ringer’s solutions. The 
result indicated that there was no signiϐicant difference in corrosion 
resistance among Ti-3 vol% HA (IC = 9.06 × 10–8 A/cm2, EC = –0.34 V) 
and Ti-20 vol% HA (IC = 8.5 × 10–8, A/cm2, EC = –0.55 V) although 
there was a signiϐicant difference in porosity. For this reason, they 
are promising biomaterial for use as heavy load-bearing tissue 
replacement implants.
 The availability of large amounts of speciϐically tailored 
nanostructure Ti-based powders is crucial for the successful 
development of new dental implants. The processing of these 
nanomaterials and their upscaling to enable industrial use has many 
challenges. Those new approaches are the gateway for traditional 
industry to nanotechnology and knowledge-based materials, with 
positive effects on health issues [1, 29, 45, 53]. 

1.2 Nanomaterials

One of the ϐirst scientiϐic reports is the colloidal gold particles 
synthesized by Michael Faraday as early as 1857 [18]. By the 
early 1940s, precipitated and fumed silica nanoparticles were 
being manufactured and sold in the United States and Germany as 
substitutes for ultraϐine carbon black for rubber reinforcements. 
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 In the 1960s and 1970s, metallic nanopowders for magnetic 
recording tapes were developed. The ϐirst nano-size metallic 
materials were produced in 1960 by the application of rapid 
quenching process with the cooling rate of 106 K s–1 by Pol Duvez 
and coworkers [30]. Using a quench technique capable of cooling 
metal/alloy melts to ambient temperatures with such extraordinary 
cooling rates, the process of nucleation and growth was kinetically 
bypassed to yield a conϐiguration of frozen liquid or amorphous 
metal. The nanoalloys with nanometric grains were processed by 
low-temperature annealing of amorphous alloy [12]. Additionally, 
in 1972 a new rapid quenching process of melt spinning was used 
to spin the ϐirst nonocrystalline ferrous and ferromagnetic metal 
ribbons (Fe80B20) [10]. The outstanding physical and chemical 
properties of these materials were the direct consequence of the 
lack of structural crystalline long-range order and the presence 
of short-range order. It is important to mention that many, if not 
all of these amorphous alloys, i.e., metallic glasses, when carefully 
annealed at low temperatures change to nanostructure alloy phases. 
Those were the ϐirst nanomaterials. They were produced in the 
form of thin ribbons via rapid solidiϐication processing of melt 
alloys. They allowed controlled exploration of physical, chemical, 
mechanical, and other properties as arising from nanostructures. 
At this time, scientists and engineers became refocused from well-
ordered crystalline materials to disordered and nanocrystalline 
phases. Gleiter observed that nanometer-size crystalline materials 
being polycrystals with very small crystallite sizes of about 2–10 nm 
in diameter are composed of randomly oriented high-angle grain 
boundaries [18].
 The ϐirst such nanocrystalline phases came from Gleiter research 
group around 1984 by evaporation of the material in a high-purity 
inert gas atmosphere followed by condensation and compaction in 
ultrahigh vacuum [5]. The percentage of metal atoms on the surface 
of grain increases from a few percent in a 100 nm particle to about 
90% in a 1 nm crystallite [19, 43]. As above, these materials should 
be attractive for the development of engineering materials with an 
outstanding combination of properties or novel properties. In the 
meantime, among materials that became studied were nanophases 
produced by mechanical alloying [4, 7, 47]. 
 Nanomaterials continue to attract a great deal of attention  
because of their potential impact on an incredibly wide range of 

Nanomaterials
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industries and markets. Consequently, the technology is evolving 
rapidly and will develop faster over the coming years. Nanomaterials 
cross the boundary between nanoscience and nanotechnology 
and link the two areas together [37]. Nanoscience is the study of 
phenomena and manipulation of materials at atomic, molecular, 
and macromolecular scales, where properties differ signiϐicantly 
from those at a larger scale. Nanotechnologies are the design, 
characterization, production, and application of structures, devices, 
and systems by controlling shape and size on the nanoscale. 
Nanoparticles can come in a wide range of morphologies, from 
spheres, through ϐlakes and platelets, to dendritic structures, tubes, 
and rods.
 It is recognized that the size range that provides the greatest 
potential and, hence, the greatest interest is that below 100 nm; 
however, there are still many applications for which larger particles 
can provide properties of great interest. 

0D systems

2D systems

3D nanocrystals

1D nanocrystals

Figure 1.1 Siegel’s classiϐication of nanomaterials [43].

 According to Siegel, nanostructure materials are classiϐied as 
zero-dimensional, one-dimensional, two-dimensional, and three-
dimensional nanostructures (Fig. 1.1) [43].
 The ϐirst industrial production of nanomaterials occurred in 
the early 20th century with the production of carbon black and 
subsequently, in the 1940s, fumed silica. The real burst in the 
commercialization of nanoparticle production has occurred over 
the last 10 years or so. One of the main drivers for this has been  
the extraordinary growth in the electronics and optoelectronics as 
well as in power/energy, healthcare/medical, engineering, consumer 
goods, environmental and electronics industries. Table 1.1 identiϐies 
the key applications in healthcare/medical industries. 
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Table 1.1 A selection of current and future applications using nano-
particles in healthcare/medical industries [2]

 Under development Being introduced Well established

Nanocrystalline drugs for 
easier absorption

Molecular tagging 
using CdSe quantum 
dots 

Ag-based antibacterial 
wound dressings, ZnO 
fungicide

Inhalable insulin Drug carriers for 
drugs with low water 
solubility

Au for biolabeling and 
detection

Nanospheres for inhaling 
drugs currently injected 
using biocompatible Si

Coatings for 
implants such as 
hydroxyapatite

Magnetic resonance 
imaging contrast 
agents using 
superparamagnetic 
Fe2O3

Bone growth promoters Marker particles for 
use in assays

Sunscreens using ZnO 
and TiO2

Virus detection using 
quantum dots

  

Anticancer treatments   
Magnetic particles for 
the repair of the human 
body with prosthetics 
or artiϐicial replacement 
parts

  

Antioxidant drugs based 
on fullerenes

  

1.3 Nanobiotechnology 

Nanobiotechnology is deϐined as a ϐield that applies the nanoscale 
principles and techniques to understand and transform living or non-
living biosystems and that uses biological principles and materials 
to create new devices and systems integrated from the nanoscale 
[11, 41, 42]. Recent research on biosystems at the nanoscale has 
created one of the most dynamic science and technology domains at 
the conϐluence of physical sciences, molecular engineering, biology, 
biotechnology, and medicine [11, 45, 53]. This domain includes 
better understanding of living and thinking systems, revolutionary 
biotechnology processes, the synthesis of new drugs and their 
targeted delivery, regenerative medicine, neuromorphic engineering 

Nanobiotechnology 
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and developing a sustainable environment [42]. Smalley [44] 
classiϐied nanotechnology into two categories: “wet” nanotechnology 
(including living biosystems) and “dry” nanotechnology. Research 
on dry nanostructures is now seeking systematic approaches 
to engineer man-made objects at the nanoscale and to integrate 
nanoscale structures into large-scale structures, as nature does. 
 The relationship between biomaterials and nanotechnology 
was discussed recently by Williams [54]. Three aspects were 
considered:
 (i) In many medical applications, the form of the biomaterial is 

speciϐically designed such that it is presented to the human 
body as a unit with nanoscale dimensions. It is important 
that such material has distinctly different properties from the 
bulk material as a consequence of its occurrence as discrete 
entities for it to be considered a nanomaterial. 

 (ii) Biocompatibility phenomena are controlled by nanoscale 
topographical features. It is known that interactions between 
cells and biomaterial surfaces are mediated by molecules 
and structures on cell membranes and within the cytoplasm. 
Therefore, the behavior of such cells at the interface 
with a biomaterial may be profoundly inϐluenced by the 
nanotopography. 

 (iii) Nanotechnologies have positively inϐluenced the quality of life 
through advances in medicine and biotechnology; however, it 
is also possible that they may be associated with health and 
environmental risks [15, 32, 33]. The rapid progress in the 
industry causes, for example, huge quantities of nanoparticles 
in the air produced by combustion. Small size alone is not the 
critical factor in the toxicity of nanoparticles, but the overall 
number and thus the total surface area (essentially the dose) 
are also important. Therefore, we have to note the increasing 
risk due to the development of new materials and wider 
applications based on nanotechnology.

 A large number of potential applications of nanotechnologies 
are now opening up. Some reports give an overview of current and 
potential future developments in nanoscience and nanotechnologies 
and their health, safety, environmental, social, and ethical 
implications. Much of nanoscience and many nanotechnologies 
are concerned with producing new or enhanced materials. Some 
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nano-products are already on the market and enjoying commercial 
success. For example, nanoparticles are used in some sunscreens 
to reϐlect and absorb ultraviolet (UV) light; the football-shaped 
buckminsterfullerene (C60) and its analogs show great promise as 
lubricants and, thanks to their cage structures, as drug delivery 
systems [8, 31]. 
 Applications of nanotechnologies in medicine are especially 
promising in the long term. These can be expected to enable drug 
delivery targeted at speciϐic sites in the body so that, for example, 
chemotherapy is less invasive [8]. Nanotechnology is expected to 
lead to stronger, longer-lasting implants; sensors that can be used to 
monitor aspects of human health; and improved artiϐicial cochleae 
and retinas. However, many of these applications will not be realized 
for at least 10 years, partly because of the rigorous testing and 
evaluation that will be required. Antimicrobial wound dressings 
are already on the market in the United States. These dressings use 
nanocrystalline Ag to provide a steady dose of ionic Ag to protect 
against secondary infections and are claimed to be effective against 
150 different pathogens. 
 Little research has been carried out on the toxicity of 
manufactured nanoparticles, but we can learn from studies on the 
effects of exposure to mineral dusts in some workplaces and to the 
nanoparticles in air pollution. Considerable evidence from industrial 
exposure to mineral dusts demonstrates that the toxic hazard is 
related to the surface area of the inhaled particles and to their surface 
activity. Epidemiological studies of urban air pollution support the 
conclusion that ϐiner particles cause more harm than coarser ones 
— diesel PM10 pollution is implicated in heart and lung disease and 
asthma, particularly in susceptible people.
 There is practically no information on the environmental impacts 
of nanoparticles. More research on their properties and effects is 
necessary. It is time to look at the toxicity, epidemiology, persistence, 
and bioaccumulation of manufactured nanoparticles, including their 
exposure pathways. 
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2.1 Elements of the Stomatognathic System

Stomatognathic system is a part of the human body inϐluenced 
by external factors. Initially considered a relationship between 
occlusion and temporomandibular joint, it turned out to be a more 
complex morphological and functional unit, consisting of tissues 
and organs functionally combined with one another [8]. Apart from 
the temporomandibular joint, we have to stress the importance 
of the bones of the head, alveolar process, teeth, periodontium, 
neuromuscular system, blood and lymph vessels, oral mucosa and 
salivary glands, in the functioning of the stomatognathic system.
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Figure 2.1  Lateral and front view of human skull.

 Precise anatomy of the bones of the head, as a part of the skeletal 
system, has been described by many authors [6, 7]. The human skull 
is made up of 22 bones, which are, except for the mandible, connected 
together by sutures, a rigid connection enabling very little movement 
(Fig. 2.1). Eight bones form the neurocranium, including one frontal, 
two parietals, one occipital bone, one sphenoid, two temporals, and 
one ethmoid, which is a protective vault surrounding the brain. 
However, the remaining 14 bones form the splanchnocranium, the 
support for the face.
 The mandible consists of the horizontal part, from which the body 
of the mandible perpendicularly extends on both sides of the rami, 
ending with two processes. Condyle is the superior and posterior 
projection of the ramus and together with the temporal bone forms 
the temporomandibular articulation. The other projection is the 
coronoid process, lying more anterior to the latter, and it provides 
attachment to the temporalis muscle.
 The temporomandibular joint, as a paired articulation, enables 
remarkable freedom of motion of the mandible, but still controls 
and limits the motions. The anatomy is complex and not the typical 
compared with other joints of the body. The articular surface of 
the condyle is small compared with the glenoid fossa and articular 
eminence on the temporal bone. The capsule of the joint is not as well 
organized as the capsules of other joints. Its lateral side is reinforced 
by temporomandibular ligament consisting of collagen ϐibers.
 The movement and position of the mandible is inϐluenced by 
many muscles, among them the mastication muscles (Fig. 2.2). This 
group consists of eight muscles symmetrically positioned on both 
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sides of the skull. The masseter, temporalis, and medial pterygoid 
serve to elevate the mandible when they constrict (Fig. 2.3). As goes 
for the lateral pterygoid, when shortening in conjunction with other 
muscles, as well as the opposite lateral pterygoid, serves to depress, 
protrude, or shift the mandible laterally.

Figure 2.2 Mandibular movement projected on saggital plane.

Figure 2.3 Human skull showing masseter and temporalis muscles. 

 Moreover, the suprahyoid muscles extending from the skull and 
mandible to the hyoid bone serve to depress the mandible, strain 
ϐloor of the mouth and cooperate in deglutination. The muscles of 
facial expression are too weak to be involved in the movement of 
mandible; however, they play a vital role in the esthetics.

Elements of the Stomatognathic System
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 The teeth lie in the sockets of the maxillary alveolar process and 
the alveolar portion of the body of the mandible, forming two arches 
[10, 14]. According to the shape of the teeth, their anatomy, function, 
and position, they are classiϐied as incisors, canines, premolars, and 
molars. Their position in the arch is shown in Fig. 2.4. Most teeth have 
identiϐiable features that distinguish them from others. To simplify 
the identiϐication of teeth, they are classiϐied by a numbering system 
(Fig. 2.5).

Figure 2.4 View of the lower arch.

Figure 2.5 Numbering system.
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 The knowledge of the anatomical shape of the crowns of the  
teeth is the basis of the choice selection of prosthetic reconstructions 
of the missing teeth in patients. The position of the teeth in the arch 
is in respect to their function, meaning that they are supported 
in the alveolar sockets through a connective tissue called the 
periodontal ligament to play a distinctive role in the mastication 
process. The main function of the periodontium is to attach the 
teeth to the bone and to maintain the integrity of the surface of the 
masticatory mucosa of the oral cavity [5]. Also called “attachment 
apparatus,” it undergoes many changes with age and also due to 
functional and oral environment alterations.
 Maxillary teeth axes lie oblique to the vertical axis of the cranium. 
Roots in the dental arch in the maxilla are more closely spaced than 
are the crowns of the teeth, which appear to slightly tilt outward. As 
goes for the axes of the mandibular teeth, they are inclined inward 
relative to the vertical axis of the cranium, such that their crowns on 
the opposite side of the jaw lie closer than the roots.
 The anatomical crown of the tooth is covered by enamel, a highly 
mineralized tissue, up to the cervical region of the tooth (Fig. 2.6). 
Underneath lies the dentin, which forms the main core of the tooth. 
This structure contains 70% of inorganic substance, making it 
less brittle from the enamel. In the middle of the tooth is the pulp 
chamber containing vessels and nerves.

Figure 2.6 The anatomy of the tooth.

Elements of the Stomatognathic System
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2.2 Implantology Issues in the 
Stomatognathic System 

The stomatognathic system, as a morphological and functional 
unit, composed of many tissues, such as the teeth, jaws, muscles of 
mastication, epithelium, and temporomandibular joints and nerves 
that control these structures, takes part in many physiological 
processes.
 The combination of all the structures enables proper speech and 
the reception, mastication, deglutition of food, and respiration. The 
basis of proper functioning of the system is the well controlled central 
nervous system. All the speciϐic elements of the system remain in 
mutual synchronization, synergy, and cohesion, enabling the system 
to work properly. A disease or trauma occurring in any of the elements 
of the system causes the malfunctioning of the whole system, as well 
as in the biological aspect and also has its psychological inϐluence 
on the patient. Apart from the health beneϐits of a proper bite and 
speech, are the esthetic beneϐits, skin and muscle tone of the lips 
and cheeks, restoration of symmetry of the lower facial 1/3, and a 
radiant smile.
 The stomatognathic system is without any doubt a very complex 
structure. Its proper functioning is controlled by regulation 
mechanisms, in which a mutual relationship exists between 
morphology and function and different compensation abilities.
 The role of occlusion as a contributing factor in various signs 
and symptoms in the stomatognathic system has been discussed in 
literature [12]. In simpliϐied understanding, occlusion refers to the 
arrangement of maxillary and mandibular teeth and to the way the 
teeth contact. However, the biological and psychosocial role of this 
interference is seen the most in case of missing teeth. A variety of 
impairments, such as functional, aesthetic, and psychological, occur 
in case of edentulous patients, which have occlusion-free jaws. 
 Those occlusion deviations lead to further changes in the 
structures of the stomatognathic system [3, 13]. A hyperactivity of 
the mastication muscles has been notated, which, in consequence, 
leads to fatigue and muscle spasm. Moreover, the forces induced by 
mastication are also forwarded to the temporomandibular joint, 
which usually adapts to the functional demands. Adaptation may 
occur through the change in the osseous components of the joint. 
However, when the adaptive capacity is exceeded, dysfunction or 
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generation of the structure may take place, which is signaled by the 
patient in the form of pain.
 The whole adaptation process is controlled by the central 
nervous system due to the well innervated periodontium, muscles, 
oral mucosa, articulations, and tooth pulp. All the information 
from the peripheral nerves located in the tissues is forwarded later 
on to the central nervous system. A vital role in the function of 
proprioception encompasses the muscle spindles and Golgi tendon 
organs. In a narrow connotation, it can be said that these organs play 
an intermediate role, by passing information on the instantaneous 
length of the muscle in which they are located to the CNS. They help 
in keeping the proportion between muscles tension and stretch and 
have a part in the control of muscular contraction. In other words, 
the proprioreceptors may change the activity of the masticatory 
muscles and adapt the force of the mastication to the physiological 
limits of the tissues. This mechanism in physiological circumstances 
protects from the negative factors.
 However, when the loss or a change in one of the tissues occurs, it 
may exceed the adaptive limits of other structures, leading to further 
disability and collapse of function of the whole unit. At some point, 
the process speeds up and rapid breakdown ensues.
 To discuss the therapeutic or reconstructive issues of the 
stomatognathic system needs a good knowledge of the morphology 
and function of all elements. For this purpose we usually use 
materials, which would be capable of reconstructing the disable 
tissue, due to aging process, trauma or disease, and taking other its 
function. Biomedical engineering has rapidly developed over the past 
years, creating analogs of the tissues but is still far from perfection 
[9]. Improving the quality of life is a rewarding goal for scientists 
and engineers. One of the ϐields of science is based on understanding 
the relationship between the human system and the environment. 
Indeed, those ϐields of research and new technologies in the ϐield of 
rehabilitation improve the quality of life for disabled as well as abled 
patients. 
 Most of the global population, sooner or later, needs a repair or 
reconstruction within the craniofacial region [4]. It may be caused by 
a minor pathological process, such as a dental caries occurring in a 
tooth, or an oncological process leading to a resection of the tissues. 
Most of the human tissues are hybrid, such as the tooth composed 
of enamel, dentine, cementum, and pulp tissue. Therefore material 
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engineering is focused on developing single tissues, as well as hybrid 
organs and interfaces. Understanding the interaction between 
molecules of the extracellular matrix and attached cells to the 
materials is essential for proper biomaterial design. Applications of 
biomaterials need experimental veriϐications in different laboratory 
models to prove their functional effectiveness [1]. In addition to 
the physical, chemical, mechanical, and biological performance, 
the clinical performance of the material is also reviewed through 
different trials.
 Obtaining the same chemical structures as those of the body 
tissues, however, does not solve the problem that the artiϐicially 
obtained material is non-vital. For example, new structures of 
materials incorporating sensory systems and signal processing are 
proposed for the next generation of prostheses. They will help better 
tailor the response in stiffness and damping equipment or provide 
spectral properties closer to those of natural materials and living. 
 In the rehabilitation of the oral tissues, the fundamental role is 
played by osseointegration, due to its excellent results and great 
diversity of planning in the dental clinic. Osseointegration means 
a direct connection between bone and implant without interposed 
soft tissues layers [5]. However, 100% connection of the bone to 
the implant material does not occur. Therefore, a more suitable 
approach to understanding this term would be based on stability and 
not histological criteria: “A process whereby clinically asymptomatic 
rigid ϐixation of alloplastic materials is achieved, and maintained, in 
bone during functional loading” [15]. 
 Although modern implants have improved substantially over 
the last 50 years, the general concept has remained unchanged: 
replacing a missing tooth with an inert non-biological material. 
It can be metal, ceramic, or combination of both. The rate of 
technological improvements in implants has reached a plateau and 
new developments will require major changes to the basic approach. 
The recent researches focused on developing new materials, 
designs, and the introduction of new surfaces, although not all those 
tendencies were without pitfalls. For example, the ceramic-coated 
metal implants turned out to be not so successful in the clinical trial 
due to the brittle coating, which tends to ϐlake away.
 A great number of investigations are focused on implantology, 
but they should be considered with great caution although basic 
research is needed to search for new materials and designs. In 
vitro studies bring into our knowledge many interesting ϐindings; 
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however, we must remember that those trials are conducted on glass 
disk with artiϐicial environment without the inϐluence of hormones, 
nervous system and blood ϐlow. It so happens that in vivo studies not 
always conϐirm the in vitro results. Therefore, it is essential to ϐinish 
all the in vivo models to initiate the clinical trials.

2.3 Characteristics of the 
Stomatognathic System

Within the stomatognathic system, we can distinguish two 
environments. One of them is composed of hard and soft tissues 
as well as body ϐluids. From the biophysical point of view, tissue 
environment has the characteristics of electrochemical membrane. 
Moreover, it possesses membranes and membrane potentials, which 
are responsible for ionoselective effect and metabolism. Body ϐluids, 
on the contrary, are characterized by ion conductivity. Into this 
environment, due to a loss of tissue, biomaterials are introduced to 
repair and to bring back the function of the system. Mostly, these 
are metal implants or screws or bone materials used in maxillo-
facial surgery, implantology, and prosthetics. The osseointegrated 
interface depends on the physical and biophysical characteristics of 
the surrounding environment and the physicochemical properties of 
the surface of the implant. 
 The second environment is composed of the oral cavity, to which 
materials are introduced by preventive dentistry, prosthetics, and 
orthodontics. Those implants have hybrid composite structure, 
where the core is composed of metal, an electric conductor. However, 
the surface of the implant is coated by polymer or bioceramics, which 
has the characteristics of an insulator or a semiconductor. Moreover, 
the whole structure of the biomaterial forms a complex system, 
which is an essential issue for the development of corrosion or 
biodegradation of implants. Some of the prosthetic reconstructions 
are localized in both environments.
 Referring to the complexity of the system, biochemical, 
biomechanical, and bioelectronic factors should be considered, which 
are undoubtedly connected to the ongoing metabolic, bacteriological, 
and immunological processes within the system.
 Microϐlora of the oral cavity is speciϐic: containing unique 
molecular, structural, and microbial characteristics, each of the 
body sites harboring a normal microϐlora, therefore forming an 
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ecosystem [11]. It consists of species which are responsible for 
protecting the surrounding tissues against the pathogenic bacteria. 
In a physiological state, all bacteria remain in equilibrium. The 
change in a pathological state occurs when the inϐluence of the 
negative factors, such as antibiotic administration, fermentation of 
food, and a dysfunction of the immunological system, is stronger 
than the protective ability of the system. The physical and chemical 
nature of the oral cavity is not uniform and changes depending on  
the localization. For example, anaerobes can be found in gingival 
sulcus, whereas aerobes exist on supragingival surfaces, due to 
presence of oxygen. Also, the presence of food changes the oxygen 
concentration, pH, the metabolites, which in consequence also has 
its impact on the bacteria species existing in the oral cavity.
 The biocompatibility of biomaterials depends on many factors, 
mainly on composition, location, and interaction with surrounding 
tissues within the oral cavity [2]. Due to differences in composition 
of materials, we encounter different biological responses. However, 
the reaction of the host body depends on whether the implanted 
material releases any of its components, which may be toxic, 
mutagenic, or immunogenic to the tissues. Not without any inϐluence 
is also the location of the implant. Some materials that may be 
toxic in contact with oral mucosa are biocompatible with the hard 
tissues and vice versa. We have to take into consideration the fact 
that the stomatognathic system is variable, taking for instance the 
pH, the effects of body ϐluids, which also have their effect on the 
biocompatibility of materials. The morphology of the biomaterial 
surface should be designed so, or to elicit the growth of cells, or to 
prevent the attachment of other cells or retention of plaque.
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3.1 Introduction

Biomaterials are deϐined as “materials intended to interface with 
biological systems to evaluate, treat, augment, or replace any tissue, 
organ or function of the body” [139]. The range of applications is vast 
and includes things such as joint and limb replacements, artiϐicial 
arteries, and skin, contact lenses, and dentures. This increasing 
demand arises from an ageing population with higher quality of 
life expectations. The use of artiϐicial biomaterials for the treatment 
of diseased tissues traces back to more than 2000 years ago, when 
heavy metals such as gold were extensively used in dentistry [111]. 
Other early examples of biomaterials include wooden teeth, but 
generally, the ϐirst generation of biomaterials developed before 1960 
had low success rates due to a poor osseointegration. 
 An entirely new ϐield of research was initiated in the 1952 
[121]. Professor Per-Ingvar Brånemark’s serendipitous discovery 
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of osseointegration occurred during vital microscopy studies in 
rabbits. He and his team found that titanium oculars placed into the 
femurs of rabbits could not be removed from the bone after a period 
of healing. The ϐirst practical application of osseointegration was 
the implantation of new titanium roots in an edentulous patient in 
1965. Brånemark implant methods and materials are one of the most 
signiϐicant scientiϐic breakthroughs in dentistry since the late 1970s. 
 Table 3.1 gives examples of material properties and their rel-
evance to biomaterials [5, 15, 16]. In general, the physical properties 
play an important role only in the case of special functional 
applications such as heart pacemaker electrodes. Good chemical 
and biological properties are a prerequisite for application as a 
biomaterial as mentioned above. The most important mechanical 
properties for highly loaded implants such as hip endoprostheses are 
fatigue strength and Young’s modulus, which leads to the deϐinition 
of the biofunctionality BF as the ratio of the fatigue strength σf to 
Young’s modulus E [5]:

 BF = σf/E (3.1)

 Biomedical materials can be divided roughly into three main  
types governed by the tissue response: (i) inert (more strictly, nearly 
inert) materials illicit no or minimal tissue response, (ii) active materials 
encourage bonding to surrounding tissue with, (iii) degradable, or 
resorbable materials are incorporated into the surrounding tissue, or 
may even dissolve completely over a period of time. Metals are typically 
inert, ceramics may be inert, active or resorbable and polymers 
may be inert or resorbable. Table 3.2 provided some examples of 
biomaterials. A comparison of the biofunctionality of various alloys 
shows the exceptional properties of titanium and titanium alloys due 
to their low Young’s modulus (Fig. 3.1).

Figure 3.1 Biofunctionality of metallic biomaterials [5].
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Table 3.1  Speciϐic requirements for metallic biomaterials 

Material properties Important for application

Mechanical properties
Ultimate tensile strength, tensile 
yield strength elongation at fracture, 
reduction in area fracture
Toughness
Young’s modulus
Fatigue strength
Wear resistance 

Endosseous implants like 
orthopedic implants, dental 
implants, nails, plates, screws

Physical properties
Density
Acoustic properties 
Electrical resistance heart 
Magnetism 
Thermal expansion 

Ultrasonic examinations
Pacemaker electrodes
NMR-examinations
Composite materials

Chemical Properties
Oxidation 
Corrosion, degradation
Fretting corrosion 

Prerequisite for all biomaterials

Biological Properties
Bioadhesion (osseoconductivity, 
osseointegration) 
Immune reaction (allergic, toxic, 
mutogenic, carcinogenic) 

Prerequisite for all biomaterials

 The range of applications for biomaterials is large (see 
Table 3.3). The number of different biomaterials is also  
signiϐicant. However, in general, metallic biomaterials are used 
for load bearing applications and must have sufϐicient fatigue 
strength; ceramic biomaterials are generally used for their 
hardness and wear resistance for applications such as articulating 
surfaces in joints and in teeth as well as bone bonding surfaces in 
implants; polymeric materials are usually used for their ϐlexibility 
and stability, but have also been used for low friction articulating 
surfaces. 

Introduction
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Table 3.2 Some accepted biomaterials

Metals Ceramics Polymers

316L stainless steel Alumina Ultra-high molecular weight 
polyethylene

Co–Cr Alloys Zirconia Polyurethane
Titanium Carbon
Ti–6Al–4V
Noble metal alloys

Hydroxyapatite

Table 3.3 Dental applications of some biomaterials

Metals Ceramics Polymers

Implants Tooth implants Orthodontic devices 
(plates, dentures)

Parts of orthodontic 
devices

Dental porcelains

Pins for anchoring 
tooth

Hydroxyapatite 
(coatings on metallic pins) 
(ϐill large bone voids) 

 Interestingly, the separation between the three traditional 
material classes (i.e., metals, ceramics, and polymers) is gradually 
being replaced by keywords such as scaffolds and composite 
biomaterials. This might be explained by the realization that a single 
material class does not reϐlect the complexity of highly structured 
human tissues, and necessitates the use of advanced biomimetic 
processing techniques to create intelligent biomaterials of similar 
functionality [29, 119]. 
 Recently, increasing interest has been shown in ceramic–polymer 
composites as potential ϐillers of bone defects [65, 143]. Three of  
the most commonly used composites — calcium phosphate ceramics, 
tricalcium phosphate, and hydroxyapatite — have demonstrated 
adequate biocompatibility and suitable osteoconduction and 
osseointegration [8]. Bioceramic glasses such as 45S5 Bioglass® 
have also exhibited the capacity to induce bone-bonding, and even 
vascularization. However, these ceramics are considered too stiff and 
brittle to be used alone. The addition of a ceramic to a polymer scaffold 
has several advantages including combining the osteoconductivity 
and bone-bonding potential of the inorganic phase with the porosity 
and interconnectivity of the three-dimensional construct. The most 
prominent natural polymer used to fabricate matrices in composites 
is collagen type I, probably due to its prevalence in bone’s extracellular 
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matrix and its ability to promote mineral deposition and provide 
binding sites for osteogenic proteins [115, 135]. Although collagen 
itself is an inadequate bone graft, when combined with ceramics and 
growth factors, it becomes a powerful inducer of bone regeneration 
[137]. 
 Scaffolds comprised of synthetic polymers offer many advantages 
over natural polymers including reproducibility, unlimited supply, 
relative lack of immunologic concerns, and tailorable properties 
such as degradation rates and mechanical strength [8, 63]. Synthetic 
polymers used for bone regeneration include poly(lactic acid) 
(PLA), poly(glycolic acid) (PGA), poly(lactic-coglycolic) acid (PLGA), 
polypropylene fumarate (PPF), and the polyhydroxyalkanoates 
(PHAs) [73]. Combining polymers with ceramics creates bioactive 
scaffolds that enhance tissue formation with greater initial strength 
[40].
 Recently, titanium–hydroxyapatite [94] and Ni-free austenitic 
stainless steel/hydroxyapatite [128] nanocomposite biomaterials 
were synthesized. These composites could be medically beneϐicial 
in applications such as better biomedical implants with improved 
mechanical properties, corrosion resistance, and biocompatibility.

3.2 Metallic Biomaterials 

Metallic materials are used in biomedical devices for various parts 
of the human body (Table 3.4, Fig. 3.2). Metals and its alloys such 
as stainless steel, Co–Cr–Mo alloy, commercially pure titanium, and 
titanium alloys are widely used as biomedical materials and are 
important in medicine and they cannot be replaced with ceramics 
or polymers at present mainly because of their high strength and 
toughness (Table 3.5). 

Table 3.4 Biometallic devices and metallic biomaterials used for them

Biometallic devices Metallic biomaterials

Artiϐicial join Ti–6Al–4V alloy, Co–Cr alloy, 316 stainless steel
Bone plate Ti–6Al–4V alloy, 316 stainless steel, Ti–6Al–4V alloy 
Clip Ti–6Al–4V alloy, Co–Cr alloy
Crown, bridge Au–Cu–Ag alloy, Au–Cu–Ag–Pt–Pd alloy, Ti, Ti–6Al–4V 

alloy
Dental implant Ti, Ti–6Al–4V alloy, Ti–6Al–7Nb alloy
Pacemaker electrode: Pt–Ir alloy, Ti; case: Ti, Ti–6Al–4V alloy 
Stent 316 stainless steel, Ni–Ti alloy

Metallic Biomaterials
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Figure 3.2 Implant alloys.

Table 3.5 Mechanical properties of metallic biomaterials [15, 16]

Metals
Ultimate tensile
strength [MPa]

Fatigue 
strength* [MPa]

Elongation at
fracture [%]

BF
[*10–3]

E
[GPa]

CrNi-steels 490–690 200–250 >40 1–12 210

CoCr-alloys 800–1200 550–650 8–40 1.5–2.3 200

CP–Ti 390–450 150–200 22–30 1.4–1.9 100

Ti–6Al–4V 930–1140 350–650 8–15 3.0–5.6 115

* Rotating bending fatigue.

 Unfortunately, these materials have exhibited tendencies to fail 
after long-term use due to various reasons such as high modulus 
compared to that of bone, low wear and corrosion resistance, and 
lack of biocompatibility. The various causes for revision surgery are 
depicted in Fig. 3.3 [46]. 
 From the biomechanical point of view, it is desirable to have 
a Young’s modulus of metallic biomaterials comparable to that 
of the cortical bone in order to achieve a good load transfer from 
the implant into the bone, leading to a continuous stimulation of 
new bone formation (isoelastic material). In order to provide an E 
modulus comparable to that of compact bone (10−15 GPa), porous 
sintered implants are required. The reduction of Young's modulus 
as a function of the porosity can be calculated by means of equation 
(3.2) [5]:
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Figure 3.3 Various causes for failure of implants that leads to revision 
surgery (adopted from [46]). 

 Ep = E0 (1 – (1.21 · p2/3))   (3.2)

where Ep is the Young’s modulus of the porous sintered material, E0 
the modulus of the bulk material and p the porosity.

3.2.1 Stainless Steel

In 1913, English metallurgist Harry Brearly discovered that adding 
chromium to low carbon steel gives it stain resistance. In addition to 
iron, carbon, and chromium, modern stainless steel may also contain 
other elements, such as nickel, niobium, molybdenum, and titanium. 
These elements enhance the corrosion resistance of stainless steel. 
It is the addition of a minimum of 12% chromium to the steel that 
makes it resist rust, or stain “less” than other types of steel. The 
chromium in the steel combines with oxygen in the atmosphere to 

Metallic Biomaterials
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form a thin, invisible layer of chrome-containing oxide, called the 
passive ϐilm. 
 Stainless steel is usually divided into ϐive types: ferritic, austenitic, 
martensitic, precipitation-hardened, and duplex. Only austenitic 
and martensitic stainless steels are used in medical applications. 
Austenitic, or 300 series, stainless steels make up over 70% of 
total stainless steel production. They contain a maximum of 0.15% 
carbon, a minimum of 16% chromium and sufϐicient nickel and/or 
manganese to retain an austenitic structure at all temperatures from 
the cryogenic region to the melting point of the alloy. Superaustenitic 
stainless steels, such as alloy AL-6XN and 254SMO, exhibit great 
resistance to chloride pitting and crevice corrosion due to high 
molybdenum content (>6%) and nitrogen additions, and the higher 
nickel content ensures better resistance to stress-corrosion cracking 
versus the 300 series. The higher alloy content of superaustenitic 
steels makes them more expensive. They are nominally non-
magnetic but usually exhibit some magnetic response depending on 
the composition and the work hardening of the steel. 
 On the other hand, martensitic steels are similar to ferritic steels 
in being based on chromium but have higher carbon levels up as 
high as 1%. This allows them to be hardened and tempered much 
like carbon and low-alloy steels. They are used where high strength 
and moderate corrosion resistance is required. They have generally 
low weldability and formability and are magnetic. 
 These types of steel are well-suited for making surgical 
instruments: they are easy to clean and sterilize, strong and corrosion-
resistant. The nickel/chrome/molybdenum alloys are also used for 
orthopedic implants as aids in bone repair, as a structural part of 
artiϐicial heart valves, and other implants. Immune system reaction 
to nickel is a potential complication. Most surgical equipment is 
made out of martensite steel. It is much harder than austenitic steel, 
and it is easier to keep it sharp.
 Implants are made out of austenitic steel, often 316L and 
316LVM, because it is less brittle (see Tables 3.6 and 3.7). Grade 316 
is the standard molybdenum-bearing grade, second in importance to 
304 amongst the austenitic stainless steels. The molybdenum gives 
316 better overall corrosion resistant properties than Grade 304, 
particularly higher resistance to pit and crevice corrosion in chloride 
environments. Grade 316L, the low carbon version of 316 and is 
immune from sensitization (grain boundary carbide precipitation). 
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The austenitic structure also gives these grades excellent toughness, 
even down to cryogenic temperatures. Additionally, grade 316 
surgical steel is used in the manufacture and handling of food and 
pharmaceutical products where it is often required in order to 
minimize metallic contamination.

Table 3.6 Comparison of standardized some 300-type stainless steels

EN-standard
steel no. k.h.s DIN

EN-standard
steel name SAE grade UNS

1.4408 G-X 6 CrNizMo 18-10 316
1.4307 X2CrNi18-9 304L S30403
1.4306 X2CrNi19-11 304L S30403
1.4311 X2CrNiN18-10 304LN S30453
1.4301 X5CrNi18-10 304 S30400
1.4404 X2CrNiMo17-12-2 316L S31603
1.4401 X5CrNiMo17-12-2 316 S31600
1.4406 X2CrNiMoN17-12-2 316LN S31653
1.4432 X2CrNiMo17-12-3 316L S31603
1.4435 X2CrNiMo18-14-3 316L S31603
1.4436 X3CrNiMo17-13-3 316 S31600
1.4571 X6CrNiMoTi17-12-2 316Ti S31635
1.4429 X2CrNiMoN17-13-3 316LN S31653

UNS, uniϐied numbering system.

Table 3.7 Characteristics of some 300 grade stainless steels (austenitic 
chromium–nickel alloys)

Type Characteristics 

304 the most common grade; the classic 18/8 stainless steel 
304L same as the 304 grade but contains less carbon to increase 

weldability; is slightly weaker than 304
304LN same as 304L, but also nitrogen is added to obtain a much 

higher yield and tensile strength than 304L
316 the second most common grade (after 304); for surgical 

stainless steel uses; alloy addition of molybdenum prevents 
speciϐic forms of corrosion 

316L extra low carbon grade of 316
316LN same as 316L, but also nitrogen is added to obtain a much 

higher yield and tensile strength than 316L

 Grade 316LVM austenitic stainless steel is initially electric-arc 
melted and as a reϐinement to the purity and homogeneity of the 
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metal, 316LVM is Vacuum Arc Remelted (VAR). This process yields 
a more uniform chemistry with minimal voids and contaminants. A 
reducing atmosphere is preferred for thermal treatment, but inert 
gas can be used. 316LVM will fully anneal at 1010−1121°C in just a 
few minutes. The precipitation of carbides that decreases corrosion 
resistance in other 300 series alloys is controlled by reduced carbon 
content in 316LVM. This steel has been used for permanent implants 
for many years. The corrosion resistance in the annealed condition 
is good. This stainless steel has good ductility in the cold worked 
condition. Applications include: suture wire, orthopedic cables, 
skin closure staples, catheters, stylets, bone pins, and many small 
machined parts. 
 Nowadays, stainless steel is a frequently used biomaterial for 
internal ϐixation devices because of a favorable combination of 
mechanical properties, corrosion resistance, and cost effectiveness 
when compared to other metallic implant materials (Tables 3.8 
and 3.9). The biocompatibility of stainless steel has been proven 
by successful human implantation for decades. Metallurgical 
requirements are stringent to ensure sufϐicient corrosion resistance, 
non-magnetic response and satisfactory mechanical properties [64]. 

Table 3.8 Typical physical properties for 316L grade stainless steel

Density 
(kg/m3)

Elastic 
modulus 
(GPa)

Mean coefϐicient of 
thermal expansion 

(μm/m/°C)
0–100°C  0–315°C

Thermal  
conductivity  

(W/ m . K)
at     at
100oC   500oC

Speciϐic 
heat 
0–100°C 
(J/kg . K)

Electric 
resistivity 
(nΩ . m)

8000 193 15.9    16.2 16.3    21,5 500 740

Table 3.9 Mechanical properties of 316L stainless steel

Tensile str. 
(MPa) min

Yield str. 
0.2% proof 
(MPa) min

Elong. 
(% in 50 
mm) min

Hardness
rockwell B 
(HR B) max

Hardness 
brinell 
(HB) max

485 170 40 95 217

 In orthopedic and trauma surgery, stainless steel is mainly used 
when stiffness is required. The ductility of stainless steel is higher 
than that of cp titanium, because of its hexagonal crystal structure. 
This makes contouring of stainless steel plates easier, compared to 
titanium plates. Therefore, reconstruction plates made of stainless 
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steel are favored in acetabular and pelvic surgery and at other 
anatomical locations. 
 Due to their high nickel content (10–14%), stainless steel 
implants can cause negative tissue reactions and dermatitis  
(Table 3.10) [24, 76]. Moreover, the nickel ions released during 
corrosion of the device are reported to cause allergies and even 
cancer [76]. The World Health Organization (WHO) estimated that 
a content of less than 0.2% of nickel is congruous with medical 
requirements [24]. Therefore the development of materials with 
improved corrosion resistance and without nickel is absolutely 
imperative. One of the most promising austenitizing elements to 
replace nickel is nitrogen [103]. Nitrogen increases the stability 
of austenite, enhances corrosion resistance, and prevents the 
formation of sigma phase [124]. By this method, small devices with 
the ferritic structure can be precisely machined and subjected to 
nitrogenization of their surfaces in nitrogen gas at temperature of 
about 1200oC. They are then nickel-free austenitic stainless steels 
with improved mechanical properties and corrosion resistance 
[128]. It is expected, that these new stainless steel alloys may have a 
similar biocompatibility as cp titanium implants.

Table 3.10 Chemical composition of some 300 grade austenitic stainless 
steels

SAE 
designation % Cr % Ni % C % Mn % Si % P % S % N Other

304 18–20 8–10.50 0.08 2 0.75 0.045 0.03 0.1 —
304L 18–20 8–12 0.03 2 0.75 0.045 0.03 0.1 —
304N 18–20 8–10.50 0.08 2 0.75 0.045 0.03 0.10–0.16 —
316 16–18 10–14 0.08 2 0.75 0.045 0.03 0.10 2.0–3.0

Mo 
316L 16–18 10–14 0.03 2 0.75 0.045 0.03 0.10 2.0–3.0

Mo 
316N 16–18 10–14 0.08 2 0.75 0.045 0.03 0.10–0.16 2.0–3.0

Mo 
316LVM 17.57 14.68 0,023 1.84 0.37 0.014 0.01 0.03 2.79 Mo

0.03 Cu

3.2.2 Cobalt Alloys 

Co–Cr–Mo alloys are well used for biomedical applications such as 
dental and orthopedic implants owing to their excellent mechanical 
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properties, wear resistance, and biocompatibility [83]. Their 
biocompatibility is closely linked to the high resistance toward 
corrosion thanks to the spontaneous formation of a passive oxide 
ϐilm with elevated chemical and mechanical stability [57]. It is 
indicated that the cast alloys (ASTM-75) show low ductility and 
fatigue strength compared to those of the forged alloys (ASTM-799). 
Cast alloys have a coarse grain, casting defects like microporosity, 
and a cored matrix. For long-term requirements in arthroplasty, a 
high corrosion resistance combined with a good biocompatibility is 
needed. The fabrication process with the use of Co, Cr, and Mo allows 
achieving extremely hard implants with a high corrosion resistance 
in body ϐluids [83]. Cobalt-base alloys (e.g., CoCrW, CoCrMo) have a 
Young’s modulus of about 250 GPa combined with a high wear and 
heat resistance.
 Many properties of the alloy originate from the crystallographic 
nature of cobalt, the solid-solution-strengthening effect of chromium 
and molybdenum, the formation of extremely hard carbides, and the 
corrosion resistance imparted by chromium. Various in vitro and  
in vivo tests have shown that the alloys are bio-compatible and 
suitable for use as surgical implants.
 It is important to note, what the brittle σ phase formed along 
the interdendritic region deteriorate mechanical properties [74]. In 
addition, to increase the ductility of Co–Cr–Mo alloys, the γ phase 
(fcc) is more proper than the ε phase (hcp) considering the number 
of the slip plan. Therefore, it is very important for Co–Cr–Mo alloys 
to suppress the σ phase formation and to keep a matrix as the γ 
phase. In cast alloys, alloy design is the foremost valuables improving 
mechanical properties and microstructures. As for alloying elements, 
Cr and Mo are substantial elements, and C and N are well known 
interstitial elements. Among the main substantial elements, Cr is 
known for increasing strength of the cobalt alloys and also known 
for a ε phase stabilizer and have a tendency of forming an σ phase. 
In Fe–Cr systems, it is well known that the N addition stabilizes 
austenite and inhibits an σ phase formation, and increasing Cr 
content can increase N solubility [74]. This result brings about a 
signiϐicant improvement in the mechanical properties of the Ni-free 
Co–Cr–Mo alloy and even under the as-cast condition. Thus, the Co–
Cr–Mo alloys with enriched Cr content up to 34 wt%, modiϐied by 
N addition, are suitable for artiϐicial hip and knee joints, and dental 
implants that are produced on the basis of the casting process such 
as investment casting.
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 Available are several popular Co-based medical alloys. They 
include: vitallium, protasul-2, protasul-10, protasul-21 WF (Table 
3.11), endocast, MP35N (Table 3.12). Mechanical properties and 
corrosion resistance of cobalt-base alloys are function of chemical 
compositions of Co-base materials and their microstructures  
(Tables 3.13 and 3.14). 
Table 3.11 Chemical composition of protasul-21 WF [wt %]

Cr Mo Co Ni Fe C Si Mn W N
26−30 5−7 bal <1 <0,75 <0,35 <1 <1 <0,2 <0,25

Table 3.12 Chemical composition of MP35N [wt %]

Cr Mo Co Ni Fe C Si Mn Ti B, S P
19–21 9–10 bal 33–37 1.0 0.03 0.01 0.15 1.0 0.01 0.015

 Alloying theory as used in alloy development or design relates 
the properties of the alloys to their chemical compositions and 
microstructures [85, 120, 123]. A required property is obtained 
by selection of suitable chemical compositions and fabrication 
processes (e.g., melting, casting, forming and heat treatment) to 
obtain the desired microstructures. For biomedical materials, such 
as dental and joint implant materials, corrosion resistance, and 
mechanical properties (e.g., strength, ductility and work-ability, etc.) 
are of prime importance for optimum clinical performances [120]. 

Table 3.13 Mechanical properties of MP35N alloy

Properties Comments 

Hardness, Rockwell B 90 Annealed
Tensile strength, Ultimate 896 MPa Annealed
Tensile strength, Yield 379 MPa 0.2% YS; Annealed
Elongation at break 65.0 % Annealed; in 4D
Reduction of area 75.0 %
Modulus of elasticity 232.8 GPa

234.8 GPa
201.0 GPa 
Temperature 482°C
201.3 GPa 
Temperature 482°C

Annealed
Cold Worked and Aged
Annealed

Cold Worked and Aged

Shear modulus 67.8 GPa Cold Worked and Aged; at 
482°C

 70.60 GPa Annealed; at 482°C
 80.94 GPa Cold Worked and Aged; at 78°F

83.36 GPa Annealed; at 78°F

Metallic Biomaterials
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Table 3.14 Mechanical properties of protasul-21 WF after different 
processing

Properties Annealing Hot plastic forming Cold plastic forming 

R0,2 [MPa] 550 700 827
Rm [MPa] 750 1000 1172
A [%] 16 12 12

3.2.3 Titanium and Titanium Alloys

Since 1965, cp titanium has found an increasing application as an 
implant material in medicine (Table 3.15). Cp titanium has high 
corrosion resistance and outstanding biocompatibility [1, 2, 46, 47, 
71, 110]. One reason for these advantages may be a protective oxide 
layer, which forms spontaneously on the implant surface as long as 
oxygen is present. Variable ϐilm thickness can be electrochemically 
created yielding various colors of implants [33]. 
 Biomechanical properties of cp titanium depend mostly on the 
amount of trace elements present. Four grades of cp titanium are 
distinguished for medical applications (ISO 5832-2). The grading 
depends on the amounts of nitrogen, carbon, hydrogen, iron, and 
oxygen (Tables 3. 16 and 3.17). Increasing amounts of trace elements 
elevate tensile strength but reduce ductility of cp titanium. Titanium 
plates, used for osteosynthesis, offer less stress-shielding to bone 
tissue, because of their low Young’s modulus of 68 GPa [110]. 
Therefore, titanium is an ideal biomaterial for plates and screws 
used for fracture treatment.
 Titanium exists in two allotropic forms. At low temperatures, 
it has a closed packed hexagonal crystal structure (cph), which is 
commonly known as α, whereas above 883°C, it has a body centered 
cubic structure (bcc) termed β. The α to β transformation tempera-
ture of pure titanium either increases or decreases based on the 
nature of the alloying elements. The alloying elements (such as Al, O, 
N, etc.) that tend to stabilize the α phase are called alpha stabilizers 
and the addition of these elements increase the beta transus 
temperature, while elements that stabilize β phase are known as 
beta stabilizers (V, Mo, Nb, Fe, Cr, etc.) and addition of these elements 
depress the β transus temperature. Some of the elements that do not 
have marked effect on the stability of either of the phase but form 
solid solutions with titanium are termed as neutral elements (Zr and 
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Sn). It has been shown that the addition of Zr stabilizes the β phase 
in Ti–Zr–Nb system.

Table 3.15 Physical properties of titanium

Properties Value

Atomic number 22
Atomic mass 47.90
Crystallographic structure
                           α (hexagonal) a [Å] 
                                                           c [Å]

4.6832±0.0004 
2.9504±0.0004

                           β (cubic)    a [Å]                                          
   

3.28±0.003

Density [g/cm3] 4.54
Temperature coefϐicient of heat expansion α  at 20oC [K–1] 8.4.10–6

Thermal conductivity [W/(m.K)] 19.2
Melting temperature [oC] 1668
Evaporation temperature [oC] 3260
Temperature of allotropic transformation [oC] 882.5
Electric resistivity 
High-purity titanium [μΩ.cm] 42
Commercial-purity titanium [μΩ.cm] 55
Young’s modulus [GPa]  105
Yield strength  [MPa] 692

Table 3.16 Titanium and its alloy grades 

Grades ISO 
Cp-Titanium Grade 1 ISO 5832-2
Cp-Titanium Grade 2 ISO 5832-2
Cp-Titanium Grade 4 ISO 5832-2
Titanium alloy Ti Al6V4 (ELI) ISO 5832-3
Titanium alloy Ti Al6Nb7 ISO 5832-11

Table 3.17 Chemical compositions of different titanium grades

Grade C Fe O H N Al V Ti

1 max. 0.08 0.20 0.18 0.01 0.03 — — bal.
2 max. 0.08 0.30 0.25 0.01 0.03 — — bal.
4 max. 0.08 0.50 0.40 0.01 0.05 — — bal.

ELI max.
0.08 0.25 0.13 0.01 0.05 5.50 

6.50
3.50 
4.50 bal.

ELI – extra low interstitials 

Metallic Biomaterials
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 The α and β phases also form the basis for normally accepted 
classiϐication of titanium alloys. Alloys having only α stabilizer and 
consisting entirely of a phase are known as α alloys. Alloys containing 
1–2% of α stabilizers and about 5–10% of β phase are termed as near 
α alloys. Alloys containing higher amounts of α stabilizers, which 
results in 10–30% of β phase in the microstructure, are known as 
α + β alloys. Alloys with higher β stabilizers where β phase can be 
retained by fast cooling are known as metastable β alloys. These 
alloys decompose to α + β on aging. Most of the biomedical titanium 
alloys belong to α + β or metastable β class. 
 An alternative and potentially more attractive method for 
enhancing the mechanical performance of commercial-purity titan- 
ium has recently been reported by Valiev and coworkers [131]. 
These investigators have investigated the strengthening of grade 2 
commercial-purity titanium utilizing equal channel angular press-
ing (ECAP) in combination with other deformation processes. 
Procedures examined include ECAP (8 passes) at 400°C (#1), 
ECAP + 65% cold rolling (#2), and ECAP + rolling followed by 
annealing at 300°C, for 1 h (#3). Ultraϐine grained (UFG) structures 
can range from an equiaxed cellular microstructure to a sub-grain 
structure with a deϐined boundary structure. In all cases, the micro 
hardness of severely deformed commercial-purity titanium was 
superior to that of the original coarse-grained commercial-purity 
titanium (Table 3.18). The yield and ultimate tensile strengths 
also exhibit this enhancement, a 140% increase in ultimate tensile 
strength vis–à-vis coarse-grained commercial-purity titanium being 
observed. Notably this increase was achieved while maintaining an 
elongation to failure of 9%.

Table 3.18 Microhardness, tensile mechanical properties and fatigue limit 
of grade 2 Cp Ti in different states in comparison to Ti–6Al–4V 
ELI [131]

Structure type
HV 
(MPa)

UTS 
(MPa)

YS 
(MPa)

EL. 
(%)

RA 
(%)

Fatigue limit 
(MPa)

Coarse-grained 1800 460 380 26 60 238 ± 10
UFG #1 (Equiaxed, 
submicron-grained)

2700 710 625 14 60 403 ± 8

UFG #2 (Fibrous, 
with high dislocation 
density)

2821 960 725 10 45 434 ± 5

UFG #3 (subgrained 
with internal cells)

2850 1100 915 9 40 500 ± 8

 (Contd)
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Structure type
HV 
(MPa)

UTS 
(MPa)

YS 
(MPa)

EL. 
(%)

RA 
(%)

Fatigue limit 
(MPa)

Ti–6Al–4V ELI 
(annealed)

— 965 875 10–15 25–47 515

 To improve mechanical strength of titanium implants, α + β 
titanium alloys have been developed (Tables 3.19–3.21, Fig. 3.4). 
These titanium alloys have the greatest commercial potential and 
are widely used as load-bearing orthopedic implants due to their 
relatively good fatigue resistance and biological passivity [36]. 

Table 3.19 Ti-based biomaterials

No. Chemical composition Crystallographic structure
1 Cp Ti — grades 1, 2, 3, 4 α 
2 Ti–6Al–4V ELI α + β
3 Ti–6Al–4V α + β
4 Ti–6Al–7Nb α + β
5 Ti–5Al–2,5Fe β-rich, α + β
6 Ti–5Al–3Mo–4Zr α + β
7 Ti–15Sn–4Nb–2Ta-0.2Pd α + β
8 Ti–15Zr–4Nb–2Ta–0.2Pd α + β
9 Ti–13Nb–13Zr mostly β

10 Ti–12Mo–6Zr–2Fe β
11 Ti–15Mo β
12 Ti–16Nb–10Hf β
13 Ti–15Mo–5Zr–3Al β
14 Ti–15Mo–3Nb β
15 Ti–35.3Nb–5.1Ta–7.1Zr β
16 Ti–29Nb–13Ta–4.6Zr β

Table 3.20 Mechanical properties of biomedical Ti-based alloys

Composition
Rm
[MPa]

Re
[MPa]

A
[%]

Z
[%]

E
[GPa]

Structure 
type

Ti, grade 1 240 170 24 30 102.7 α 
Ti, grade 2 345 275 20 30 102.7 α 
Ti, grade 3 450 380 18 30 103.4 α 
Ti, grade 4 550 485 15 25 104.1 α 

Ti–6Al–4V ELI 860−965 795−875 10−15 25−47 101−110 α + β

Ti–6Al–4V (a) 895−930 825−869 6−10 20−25 110−114 α + β

Ti–6Al–7Nb 900−1050 880−950 8−15 25−45 114 α + β

Ti–5Al–2.5Fe 1020 895 15 35 112 α + β
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Composition
Rm
[MPa]

Re
[MPa]

A
[%]

Z
[%]

E
[GPa]

Structure 
type

Ti–5Al–1.5B 925−1080 820−930 15−17 36−45 110
Ti–15Sn–4Nb-
2Ta–0.2Pd
(a) 860 790 21 64 89

(b) 1109 1020 10 39 103
Ti–15Zr–4Nb–
4Ta-0.2Pd

α + β

(a) 715 693 28 67 94
(b) 919 806 18 72 99
Ti–13Nb–13Zr 
(b)

973−1037 836−908 10−16 27−53 79−84 β

Ti–12Mo–6Zr–
2Fe (a) 

1060−1100 900−1060 18−22 64−73 74−85 β

Ti–15Mo (a) 874 544 21 82 78 β

Ti–15Mo–5Zr–
3Al (b) 

1060−1100 1000−1060 18−22 64−73 —

Ti–15Mo–
2,8Nb-0.2Si (a)

979−999 945−987 16−18 60 83 β

Ti–35,3Nb–
5,1Ta–7.1Zr

597 547 19 68 55 β

Ti–29Nb–
13Ta–4.6Zr (b) 

911 864 13 — 80 β

(a) Heat treatment.
(b) Aging treatment.

Table 3.21 Mechanical properties of some Ti-based dental alloys 

Composition
Synthesis 
method 

Rm
[MPa]

Re
[MPa]

A
[%] HV

Ti–20Cr–0.2Si Casting 874 669 6 318
Ti–25Pd–5Cr Casting 880 659 5 261
Ti–13Cu–4.5Ni Casting 703 — 2,1 —
Ti–6Al–4V Casting 976 847 5,1 —
Ti–6Al–4V Forming 954 729 10 346
Ti–6Al–7Nb Casting 933 817 7,1 —
Ti–Ni Casting 470 — 8 190

 In all conventional titanium alloys, α to β transus temperature 
(known as β transus) plays a central role in evolution of micro-
structure and is of great technological importance in determining 
heat treatment and processing schedule. The various micro-

Table 3.19 (Contd)
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structures that are developed under different thermomechanical 
processing conditions are shown in Fig. 3.4 [46]. The alloys 
processed/heat treated above the β transus temperature result in 
acicular or lamellar structure and are typically known as β treated 
structure. When these alloys are mechanically processed below the 
β transus (α + β phase ϐield) and heat treated in α + β phase region, 
the microstructure consists of a mixture of equiaxed α and β phases. 
Depending upon the alloy chemistry, heat treatment temperatures, 
and cooling rate, volume fraction of equiaxed α and nature of β 
phases may change. In faster cooled structure, transformed β phase 
may constitute martensite or α laths along with the retained β,  
while on slow cooling the transformed β phase may entirely be 
retained β. In metastable β alloys, the β phase is usually retained 
on quenching from the β phase ϐield and very ϐines a precipitates on 
aging at lower temperatures, which leads to extremely high strength 
in these alloys [46]. 

Figure 3.4 Inϐluence of thermomechanical processing on development of 
various microstructure in alpha beta titanium alloys [46]. 

Metallic Biomaterials
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 Current goals in the development of new Ti-based biomaterials 
are: (i) to avoid potentially toxic elements, such as vanadium, to 
further improve biocompatibility; (ii) to produce titanium alloys 
with a high fatigue strength but a low Young’s modulus compared 
to cortical bone (E = 10−25 GPa), to minimize stress shielding and 
improve fracture healing. β-titanium alloys partially fulϐill these 
requirements. They were developed already in the 1980s and 1990s, 
but it usually takes years before new implant materials ϐind their 
way into clinical application. One of these improved β titanium 
alloys is Ti12Mo6Zr2Fe, which is currently used for implant materials. 
Whether these new implant materials will prove to have superior 
clinical properties compared to cp titanium and α + β titanium 
alloys, has to be proven in clinical trials.
 Implant sensitivity to titanium alloys is very seldom, despite 
components such as vanadium which are described to be cytotoxic 
[145]. In vivo studies have shown that Ti–6Al–4V has similar 
biological compatibility to vanadium-free titanium alloys [40].
 Titanium and its alloy are also getting much attention in dental 
applications. Currently, Ti-based alloy is expected as an alternative 
candidate to Ag–Pd–Au–Cu alloy. The representative dental titanium 
alloys reported and their mechanical properties are shown in  
Table 3.21 [95, 97, 102]. 
 Some alloys have very different chemical compositions 
from those for implants. Pure titanium and Ti–6Al–4V are the 
main materials in the dental ϐield as well as in the surgical ϐield.  
Ti–6Al–7Nb, which has been developed for surgical implants, is 
also attractive for dental applications [68]. The casting process is 
dominant in dental applications and especially the elongation which 
is very low although the strength is kept to be high. Therefore, the 
development in elongation without reducing strength is investigated 
in cast titanium alloys. 
 Recently, Ti–40Zr, Ti–5Al–13Ta, and Ti–43.1 at.% Zr–10.2 at.% 
Al–3.6 at.% V [37, 67] have been proposed. Titanium alloys are 
very reactive and have relatively higher melting point comparing 
with other dental alloys like Au based alloys and Ag based alloys.  
Therefore, the low melting point titanium alloys and low reactive 
mold materials are desired for dental precision castings. In dental 
precision casting, alumina based, and magnesia based mold materials 
are mainly used [146]. Magnesia based mold material is more 
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suitable for dental precision casting of titanium alloys comparing 
with alumina based mold materials [68]. Calcia based mold material 
is also reported to be suitable for dental precision casting [88, 89]. 
 It is important to note that between Ti-based alloys, only TiNi has 
been put into wide practical use as super elastic and shape memory 
alloy. Formerly, TiNi shape memory alloy was tried to apply to 
implants [15, 16, 45]. However, since TiNi contains a large amount of 
Ni, which causes allergy at high rate, the usage of TiNi shape memory 
alloys is restricted. Therefore, the research and development of Ni-
free super elastic and shape memory titanium alloys composed of 
non-toxic elements for biomedical applications are increasing.
 Recently, the super multifunctional titanium alloy “GUM METAL” 
has been developed. Gum metal is a multi-functional β-type titanium 
alloy that has a body centered cubic structure with an ultra-low 
elastic modulus (40 GPa), high strength (more than 1.100 MPa), 
high elastic deformability (2.5%), high plastic deformability at room 
temperature without work hardening, non-linear elasticity without 
any hysteresis (the difference in stress-strain curve in uploading and 
down-loading passes causing energy loss in elastic deformation) 
as well as Invar and Elinvar properties. Gum metal has been put 
into practical use for glass frames. The chemical composition of 
gum metal is very similar to that of Ti–Nb–Ta–Zr system alloy for 
biomedical applications [45, 104]. 
 The super elastic behavior has been observed in Ti–29Nb–
13Ta–4.6Zr for biomedical applications [45, 104]. Ti–29Nb–13Ta–
4.6Zr has been also put into practical use for glass frames as a 
brand name of bio-titan. Ti–Nb–Sn system alloy is developing as 
Ni-free shape memory titanium alloy for biomedical applications. 
Its martensite transformation temperature (Ms point) decreases 
with an increasingly amount of Nb or Sn, and the shape memory 
effect is recognized when the alloy is deformed below austenite 
transformation temperature (Af point) which is similar to the case 
of Ti–Ni shape memory alloy. It has been reported that an elastic 
strain of 3.5% is obtained at the composition of Ti–18 at.% Nb–4 
at.% Sn [100]. The research and development of Ti–Mo–Ga system 
alloy, Ti–Mo–Ge system alloy, or Ti–Mo–Al system alloy, Ti–Ta system 
alloy, Ti–Ta–Zr system alloy, Ti–Sc–Mo system alloy as shape memory 
titanium alloys for biomedical applications are also noticeable  
[95, 97]. They are all β type titanium alloys.

Metallic Biomaterials
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3.2.4 Noble Metal Alloys 

Noble metal alloys are widely employed in dentistry [55, 81, 93, 
101, 112]. In the production of dental restorations, gold, and 
platinum alloys have been preferred because they exhibit desirable 
properties during casting and hardening, and various porcelains 
have been developed for use therewith to provide the desired wear 
properties and aesthetic appearance. 
 Dental alloys based on Ag and Pd as the main alloying com-
ponents has been in use since the 1930s [27]. Typical dental alloys 
within this system contain from 50–57% Ag, 25–33% Pd, 10–15% Cu, 
and 5–20% Au (in weight %). The main reason for their application 
is that they cost considerably less than do gold alloys, and, at the 
same time, they are claimed to have satisfactory service properties 
as dental restoratives. 
 The structure of a commercial dental Ag–Pd–Cu–Au casting alloy 

has been studied by Her et al. after various heat treatments [55]. 
After being annealed at 400°C, 500°C, and 600°C for seven weeks, the 
alloy consisted of three phases: a Cu- and Pd-rich fcc phase (α1) with  
a = 0.372 nm, a Ag-rich matrix (α2) with a = 0.399 nm, and an ordered 
CsCl-type bcc PdCu phase with a = 0.296 nm. The PdCu phase was not 
observed above 600°C, and the proportion of the α1 phase decreased 

sharply above 700°C. After being annealed at 900°C, the alloy matrix 
was partly decomposed at the Cu-enriched grain boundaries. The 
decomposed areas grew into the grain interior during subsequent 
precipitation hardening. No segregation of Au was detected after 
casting, and the element was evenly distributed throughout the alloy 
structure after all heat treatments. 
 Ag–Pd–Cu-based casting alloys are used in dentistry as substitutes 
for the costly high-gold alloys too [61]. Increasing the Pd content of 
a single-phase PdCu alloy has generally been shown to increase its 
corrosion resistance [129]. Furthermore, it is common practice to 
add about 1 wt% Zn to noble and precious dental alloys in order to 
avoid the oxidation of Cu during melting.

3.3 Ceramic Biomaterials 

Ceramic biomaterials became an accepted group of materials for 
medical applications. The selection and application of synthetic 
materials for surgical implants has been directly dependent upon the 
biocompatibility proϐiles of speciϐic prosthetic devices [20, 32, 69, 
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75, 127]. Bioceramics have become a diverse class of biomaterials 
presently including three basic types: bioinert high strength ceramics, 
bioactive ceramics which form direct chemical bonds with bone or 
even with soft tissue of a living organism; various bioresorbable 
ceramics that actively participate in the metabolic processes of an 
organism with the predictable results (Table 3.22) [127]. Alumina, 
zirconia, and carbon are termed bioinert. Bioglass and glass 
ceramics are bioactive. Calcium phosphate ceramics are categorized 
as bioresorbable. In the search to improve the biocompatibility 
and mechanical strength of implant materials, attention has been 
directed toward the potential use of ceramic/ceramic composites, 
too.

Table 3.22 Ceramics used in biomedical applications

Ceramic Chemical formula Comments 

Alumina Al2O3 bioinert
Zirconia ZrO2
Carbon C
Bioglass Na2O CaO P2O5-SiO2 bioactive
Tricalcium phosphate Ca3(PO4)2 bioresorbable
Hydroxyapatite Ca10(PO4)2(OH)2

 Applications of ceramic biomaterials range from bulk ceramic 
structures as joint and bone replacements to fully or partially 
biodegradable substrates for the controlled delivery of pharma-
ceutical drugs, growth factors, and morphogenetically inductive 
substances [127]. Mechanical properties of some ceramic bioma-
terials in comparison to natural bone are presented in Table 3.23. 

Table 3.23 Mechanical properties of ceramic biomaterials in comparison 
to natural bone

Young’s 
modulus
E [GPa]

Compressive 
strength
σUCS [MPa]

Hardness
HV

Fracture 
toughness
[Mpa m1/2]

Density 
[g/cm3]

Alumina 380 4500 2000–3000 5.0–6.0 >3.9
Zirconia (PS) 150–200 2000 1000–3000 4.0–12.0 6.0
Graphite 20–25 138 NA NA 1.5–1.9
Pyrolitic carbon 17–28 900 NA NA 1.7–2.2
Bioglass 75 1000 NA 0.7 2.5
Hydroxyapatite 73–117 600 NA <1 3.1
Natural bone 3–20 130–180 NA 3–6 NA

PS, partially stabilized; NA, not available.

Ceramic Biomaterials
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3.3.1 Bioinert Ceramics 

The term bioinert refer to any material that has minimal interaction 
with its surrounding tissues once placed within human body. This 
type of bioceramic shows minimal interfacial bonds with the living 
tissues [53]. Single oxide ceramic, alumina (Al2O3), zirconia (ZrO2), 
and carbon are typical examples of bioinert ceramic. In a human 
body, they are expected to be nontoxic, non-allergenic, and non-
carcinogenic for a lifetime, which leads to a corresponding range of 
engineering design philosophies for medical application [82].

3.3.1.1 Alumina 

Aluminum oxide, also known as alumina, is a well-proven, 
biocompatible ceramic that has been used as a dental restorative 
material for many years. An alumina ceramic has characteristics 
of high hardness and high abrasion resistance. The reasons for the 
excellent wear and friction behavior of Al2O3 are associated with the 
surface energy and surface smoothness of this ceramic. There is only 
one thermodynamically stable phase, i.e., Al2O3 that has a hexagonal 
structure with aluminum ions at the octahedral interstitial sites 
[50, 62]. Abrasion resistance, strength, and chemical inertness of 
alumina have made it to be recognized as a ceramic for dental and 
bone implants. Aluminum oxide has been used as a dental porcelain 
pigment for some 60 years and as a ceramic restoration substructure 
for 25 years. Dental patients should rest assured that dental ceramics 
composed of aluminum oxide are not a source of soluble metallic 
aluminum in the body.
 The new generation alumina ceramics are manufactured by hot 
isostatic pressing. They have high density (3.98 g/cm3), high purity, 
and ϐine grains (1.8 μm). Fine grain structure of alumina allows 
achieving very low surface roughness after polishing (less than 
0.05 μm Ra), which determines extremely low wear rate and low 
coefϐicient of friction. 
 The beneϐits of alumina-on-alumina hip prostheses are: low wear 
rate, high hardness (HV = 2200), high scratch resistance (low three 
body abrasive wear), low coefϐicient of friction, excellent surface 
ϐinish, no ion dissolution, high strength, high fatigue strength, good 
wetting by the synovial ϐluid, and biocompatibility. 
 The main disadvantage of alumina as a material for hip prostheses 
is its low fracture toughness and strength. The fracture toughness 
and four-point ϐlexural strength of alumina were considerably 
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improved due to high density and ϐine grain structure (four-point 
bending ϐlexural strength of the new generation alumina has 
reached 630 MPa). Further improvement of the fracture toughness 
and ϐlexure strength was made in alumina with additions of 17–20 
vol.% of zirconia (ZrO2) and some other oxides (e.g., chromium 
oxide). Zirconia toughened alumina (ZTA) has ϐlexural strength of 
1100 MPa.
 The biocompatibility of alumina ceramic has been tested. Takami 
et al. investigated Al2O3 ceramic as a blood-contacting material 
using a standard assessment in vitro and in vivo analysis [125]. The 
examined items were systemic toxicity, sensitization (guinea pig 
maximization test), cytotoxicity (elution test), mutagenicity (Ames 
test), direct contact hemolysis, and thrombogenicity. These ϐindings 
indicate that Al2O3 is biocompatible material for double-pivot 
bearings in the centrifugal blood pump.

3.3.1.2 Zirconia 

Zirconia ceramics has been used in medical applications since 
1985 [35, 36, 107, 108, 134]. Polycrystalline tetragonal zirconia 
possesses high fracture toughness and ϐlexural strength due to its 
dense and ϐine grain structure (Table 3.24). Pure tetragonal zirconia 
is metastable. Under an inϐluence of temperature and mechanical 
stress, tetragonal zirconia may transform to the monoclinic form. 
The phase transformation is associated with volume expansion of 
approximately 3–4%. This means that components made of pure 
zirconium oxide would burst due to volume increase of grains and 
tension. In order to depress possible allotropic transformation of 
tetragonal zirconia, it is doped with yttria (about 5.15%). Yttrium 
tetragonal zirconia polycrystals (Y-TZP) based systems are the more 
recent addition in to the high-strength all-ceramic systems that are 
used for crowns and ϐixed partial dentures [108]. 

Table 3.24 Mechanical properties of TZP [108]

Property TZP material 
Color White 
Chemical compositions Zirconium oxide and Yttrium oxide 3 

mol%
Hafnium oxide < 2% Aluminum oxide
+ Silicone oxide <1% Total 100% 

Density g cm–3 >6 
Porosity % <0.1

Ceramic Biomaterials
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Property TZP material 
Bending strength MPa 900–1200
Compression strength MPa 2000
Fracture toughness KIC 7–10 
Coefϐicient of thermal 
expansion K–1 

11 × 10–6 

Thermal conductivity WmK–1 2 
Hardness HV0.1 1200

 In vitro evaluation of the mutagenic and carcinogenic, capacity 
of the high-purity zirconia ceramic conϐirmed that it did not elicit 
such effects on the cells [25]. In 1990s, zirconium material was 
used as endodontic posts [70] and as implant abutments [17]. This 
heralded the use of zirconium in to dentistry. Due to its excellent 
physical properties, white color, and superior biocompatibility, it is 
being evaluated as an alternative framework for full coverage all-
ceramic crowns and ϐixed partial dentures (FPD). Dental ceramics 
can be classiϐied according to their crystalline phase and fabrication 
technique (Table 3.25). From feldspathic porcelains to zirconia-
based all-ceramics, tremendous progress has been made in terms of 
mechanical performance, with a 10-fold increase in ϐlexural strength 
and fracture toughness. 

Table 3.25 Classiϐication of dental ceramics [32]

Fabrication technique Crystalline phase

Metal-ceramics Sintering  Leucite
Heat-pressing on metal Leucite, leucite & 

ϐluorapatite 
All-ceramics Sintering Leucite 

Heat-pressing Leucite, lithium disilicate 
Dry pressing and sintering Alumina 
Slip-casting & glass 
inϐiltration 

Alumina, spinel, alumina–
zirconia (12Ce-TZP) 

Soft machining & glass-
inϐiltration 

Alumina, alumina–zirconia 
(12Ce-TZP) 

Soft machining & sintering Alumina, zirconia (3Y-TZP) 
Soft machining, sintering & 
heat-pressing 

Zirconia/ϐluorapatite–
leucite glass–ceramic 

Hard machining Sanidine, leucite
Hard machining & heat 
treatment 

Lithium disilicate 

Table 3.24 (Contd)
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 Metal–ceramic systems for dental restorations have been 
available since the 1960s. They rely on the application and ϐiring 
of a veneering ceramic onto a metal substructure to produce an 
esthetically acceptable restoration. Veneering ceramics for metal–
ceramic restorations, commonly named feldspathic porcelains, are 
usually leucite (KAlSi2O6)-based [138]. Feldspar-derived glass alone 
exhibits a low coefϐicient of thermal expansion, around 8.6 × 10–6/°K 
[133]. The addition of leucite to feldspar glass led to the production 
of veneering ceramics with a coefϐicient of thermal expansion 
compatible with that of the metal substructure. 
 With the success of zirconia as a dental restorative material, 
manufactured 3Y-TZP abutments and implants have recently been 
introduced on the dental market. Low-temperature degradation 
of 3Y-TZP involves microstructural changes such as grain pull-out, 
microcracking, and surface roughening [31, 34]. It has also been 
demonstrated that surface ϐinish and residual surface stresses 
strongly inϐluence the response of 3Y-TZP to low-temperature 
degradation [35]. Ceria-stabilized zirconia/alumina nanocomposites 
for dental applications have been shown to exhibit high ϐlexural 
strength (1422 ± 60 MPa), high reliability, and an excellent resistance 
to low-temperature degradation [91].

3.3.1.3 Carbon 

Over the past years, various carbon materials have been investiga-
ted in many areas of medicine [6, 7, 130]. Carbon occurs in different 
lattice forms, from amorphous through intermediate to crystalline, 
e.g., hexagonal or regular lattice diamond. The broad range of 
applications of carbon materials in medicine is also the outcome 
of many preparation methods. Carbon implant materials can be 
produced by pyrolysis of solid, liquid, and gaseous carbon precursors. 
The pyrolysis method applied to carbon compounds allows the 
production of carbon of different structure and microstructure 
in the form of thin ϐilms or thick layers, solid pyrolytic carbon, 
powders, and in the form of ϐibers. The different forms of carbon 
that have received attention are artiϐicial graphites, glasslike carbon, 
carbon ϐibers, pyrolytic carbon, and vapor-grown carbon coatings. 
Among pure forms of carbon, the pyrolytic carbons and carbon 
coatings on various substrates have found clinical applications in the 
cardiovascular, orthopedic, and dental areas as well as in long-term 
transcutaneous applications [10−12, 18, 77]. Most of the studies on 
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carbon ϐibrous implants conϐirm that carbon ϐibers do not inhibit 
tissue growth, and thus can act as a scaffold for tissue proliferation 
[41]. 
 On the other hand, carbon nanotubes (CNTs) are very prevalent 
in today’s world of medical research and are being highly researched 
in the ϐields of efϐicient drug delivery and biosensing methods for 
disease treatment and health monitoring [56, 79]. CNTs possess 
exceptional mechanical, thermal, and electrical properties, facili-
tating their use as reinforcements or additives in various materials 
to improve the properties of the materials. In the medical ϐield, 
biomaterials are expected to be developed using CNTs for clinical 
use. Biomaterials often are placed adjacent to bone. The use of 
CNTs is anticipated in these biomaterials applied to bone mainly to 
improve their overall mechanical properties, for applications such 
as high-strength arthroplasty prostheses or ϐixation plates and 
screws that will not fail [116]. The use of CNTs in drug delivery and 
biosensing technology has the potential to revolutionize medicine. 
Functionalization of single-wall nanotubes (SWNTs) has proven 
to enhance solubility and allow for efϐicient tumor targeting/drug 
delivery. Research shows that functionalized carbon nanotubes are 
non-cytotoxic and preserve the functionality of primary immune 
cells [38].

3.3.2 Bioactive Ceramics 

A bioactive material is a material that obtains a speciϐic biological 
response at the interface of the material, which would result in the 
formation of a bond between the tissues and the material [49, 52, 
54, 142]. A bioactive ceramic undergoes chemical reactions in the 
body, but only at its surface. Upon implantation, surface-reactive 
ceramics form strong bonds with the closest tissue. The surface 
reactive implants respond to local pH changes by releasing Ca2+, 
Na+, and K+ ions and lead to bonding of tissues at the interfaces [51]. 
The ion exchange reaction between the bioactive implant and the 
surrounding body ϐluids, in some cases, results in the formation of 
a biologically active carbonated apatite (CHA) layer on the implant 
that is a mimic to the mineral phase of bones. Common bioactive 
ceramics used in orthopedic surgery are bioglass, ceravital, and A-W 
glass ceramic. However, the mechanical properties of these bioactive 
ceramic are generally weaker than bioinert ceramics. Only A-W glass 
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ceramic has higher mechanical strength than cortical bone. Bioactive 
ceramics are most frequently used as bone defect ϐillers. They are 
supplied in the forms of block, porous material, and granules [49]. 
The glass ceramic has good biocompatibility, bioactivity, and no 
toxicity, making it useful as a biomaterial in artiϐicial bone and dental 
implants. 
 The base components in most bioactive glasses and glass  
ceramic made by traditional high-temperature melting, casting and 
sintering are SiO2, Na2O, CaO, and P2O5. The ϐirst and well studied 
composition is 45S5 Bioglass, which contains 45% SiO2, 24.5% Na2O, 
24.5% CaO, and 6% P2O5 (in weight percent). The compositions and 
some mechanical properties of several typical bioactive glasses are 
given in Table 3.26. 

Table 3.26 Composition (wt %) and mechanical properties of bioactive 
glasses [20]

Component
45S5 
Bioglass

45S5, 4F 
Bioglass

45B15S5
Bioglass

52S4.6
Bioglass

55S4.3
Bioglass

SiO2 45 45 30 52 55
P2O5 8 6 6 6 6
CaO 24.5 14.7 24.5 21 19.5
Na2O 24.5 24.5 24.5 21 19.5
CaF2 — 9.8 — — —
B2O3 — — 15 — —
Class A A A A B
BS [MPa] 40–60 — — — —
E [GPa] 30–50 — — — —

BS, Bending strength; E, Young’s modulus.

 A series of glasses in four component system with a constant  
6 wt% P2O5 were studied [49]. The compositional dependence of 
the bioactive bonding-boundary for this system is shown in Fig. 3.5. 
In the region A, the glasses are bioactive and bond to bone. Glasses 
in region B behave as nearly inert materials and result in a ϐibrous 
capsule at the implant-tissue interface. Glasses in the region C are 
resorbed within 10–30 days in tissue. Compositions in region D are 
not technically practical and have not been implanted. 
 The low strength of a monophase bioactive glass restricts its 
clinical applications to non-load bearing situation. A way to attempt 
to solve this problem is to prepare a glass-ceramic by a process 
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of crystallization of glass [42, 49, 51]. Several kinds of bioactive 
glass-ceramics have been developed, including bioactive A/W glass 
ceramic. The compositions and mechanical properties of these glass 
ceramics are given in Table 3.27. 

Figure 3.5 Compositional dependence (in weight percent) of bone 
bonding and soft-tissue bonding of bioactive glasses and glass-
ceramics [20].

Table 3.27 Composition (wt%) and mechanical properties of A/W and 
Ceravital glass ceramics [20]

Component
A/W glass 
ceramic

KG Cera
Ceravital

Mina 13 
Ceravital 

KGy213
Ceravital

M8/1
Ceravital

SiO2 34.2 46.2 46 38 50
Ca(PO3)2 — 25.5 16 13.5 7.1
CaO 44.9 20.0 33 31 —
P2O5 16.3 — — — —
Na2O — 4.8 — 4 5
MgO 4.6 2.9 5 — —
CaF2 0.5 — — — —
K2O — 0.4 — — —
Al2O3 — — — 7 1.5
Ta2O5 — — — 5.5 —
TiO2 — — — 1 —
B2O3 — — — — 4
Al(PO3)3 — — — — 2.4
SrO — — — — 20
La2O3 — — — — 6
Gd2O3 — — — — 4
BS [MPa] 215 — — 70–88 —
E [GPa] 35 — — — —

BS, bending strength; E, Young’s modulus.
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3.3.3 Bioresorbable Ceramics 

Bioresorbable implants are designed to degrade gradually with 
time and be replaced with natural tissues [60]. It leads to tissue 
regeneration, instead of their replacement. The rate of degradation 
varies from one material to another. Calcium phosphate ceramics 
(CPC) are bioresorbable ceramics (Table 3.28). 

Table 3.28 Calcium phosphate ceramics (CPC)

Acronym Name Formula Ca/P

VCPA Monocalcium phosphate anhydrate Ca(H2PO4)2 0.5
DCPA Dicalcium phosphate anhydrate CaHPO4 1.0
OCP Octacalcium phosphate Ca8(HPO4)2(PO4)45H2O 1.33
TCP Alpha tricalcium phosphate Ca3(PO4)2 1.5
TCP Beta tricalcium phosphate Ca3(PO4)2 1.5
ACP Amorphous calcium phosphate Cax(PO4)ynH2O 1.1–1.5
HA Hydroxyapatite Ca10(PO4)6(OH)2 1.67
cd-HA Calcium deϐicient hydroxyapatite Ca9(HPO4)(PO4)2OH 1.5 
TetCP Tetra calcium phosphate Ca4(PO4)2O 2.0

 The most widely used calcium phosphate based bioceramics 
are hydroxyapatite (HAP) and β-tricalcium phosphate (β-TCP). 
Hydroxyapatite has the chemical formula Ca10(PO4)6(OH)2, the Ca/P 
ratio being 1.67 and possesses a hexagonal structure. It is the most 
stable phase of various calcium phosphates. It is stable in body ϐluid 
and in dry or moist air up to 1200°C and does not decompose and 
has shown to be bioactive due to its resorbable behavior. 
 Hydroxyapatite is the natural mineral phase of bone and teeth 
and, hence, is compatible with the body environment as well as to 
match closely some of the physical properties of bone. For biomedical 
purposes, the carbonated apatite and ϐluorapatite are the materials of 
interest because of assumed similarity to bony apatite and decreased 
solubility in aqueous solutions respectively [90]. It is important to 
note, that carbonated ϐluorapatite−gelatin nanocomposites were 
grown by the double-diffusion technique within a gelatin gel [114]. 
Recent studies have shown that irradiation of dental enamel by 
carbon dioxide (CO2) laser irradiation, with and without ϐluoride, 
can inhibit the acid-induced surface dissolution of the carbonated 
apatite (CAP) mineral of the tooth [105].
 β-tricalcium phosphate (β-TCP) is represented by the chemical 
formula Ca3(PO4)2, the Ca/P ratio being 1.5. β-TCP shows an X-ray 
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pattern consistent with a pure hexagonal crystal structure, although 
the related α-TCP is monoclinic. β-TCP turns into α-TCP around 
1200°C; the latter phase is considered to be stable in the range 
700 to 1200°C. β-TCP is highly soluble in body ϐluid. 
 To achieve an optimum resorbability of the material, studies 
have mainly focused on the biphasic calcium phosphate ceramics 
composed of HAP and TCP. Several results suggest that the 
resorbability of biphasic ceramics is largely determined by the HAP/
TCP ratio. 
 Takatoshoi et al. examined the biocompatibility of calcium 
phosphate bone cement for clinical use by an in vitro assay system 
[126]. The experimental material was the bone replaceability  
calcium phosphate cement (BRCPC, Norian PDC, Shofu). The obtained 
results indicate that BRCPC has bioactivity such as osteogenesis.  
On the other hand, BRCPC does not have cytotoxicity. Recently, 
Bogdanski et al. investigated nickel–titanium shape memory 
alloys (NiTi-SMA) [9]. These alloys have mechanical properties 
(superelasticity, shape memory effect) that make them very 
interesting for clinical applications. Due to the high nickel content 
of the material, there are concerns about possible immunological 
reactions of the surrounding tissue. The proliferation of osteoblast-
like cells (MG-63) and the cytokine release (interleukin (IL)-6, IL-8, 
tumor necrosis factor (TNF)-a) from polymorphonuclear neutrophil 
(PMN) leukocytes as well as peripheral blood mononuclear cells 
(PBMC) in response to different NiTi specimen was studied: (a) 
NiTi coated with calcium phosphate (octacalcium phosphate 
+ hydroxyapatite; OCP/HAP) from an supersaturated aqueous  
solution, consisting of a dense layer of sharp-edged platelets; (b) NiTi 
coated with calcium phosphate (hydroxyapatite) by high-temperature 
plasma-spraying, consisting of a rough dense layer of globular 
particles; (c) NiTi after geometrical structuring (microdrilling). In 
the ϐirst two cases, the aim was to improve the biocompatibility 
while retaining the mechanical properties. In the third case, the effect 
of mechanical treatment (damage of the passivating TiO2 surface 
layer) was investigated. In comparison to non-coated samples, the 
OCP/HAP-coated SMA led to an increase in the release of cytokines, 
in contrast, the HAP-coated samples led to a decrease in cytokine 
release from PBMC. The attachment, viability, and the proliferation 
of MG-63-cells in the near vicinity of microdrilled structures were 
not different from non-strained surface areas. These results show 
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that cell-biological in vitro techniques are suitable for the prediction 
of tissue reactions toward implant coatings or mechanically altered 
NiTi-surfaces. The surface morphology (platelets versus globular 
particles) appears to play a signiϐicant role that supersedes that of 
the chemical composition of the surface [9]. 

3.4 Polymers 

Polymers used in today’s dentistry, commonly known as “dental 
resins”, are used in all specialties of the profession, whether 
restorative, prosthodontics, or surgical (Table 3.29) [4, 84, 86, 140]. 

Table 3.29 Requirements for a denture polymers [4, 80, 92, 106, 140]

Properties Characterization 

Biocompatibilty Biocompatibility is the ability of a polymer material or a 
device to remain biologically inert during its functional period. 
Possible effects of biomaterials on the living environment due 
to a lack of blood compatibility are thrombogenicity, and the 
induction of hemolysis. In addition, the biomaterial must not 
be carcinogenic, immunogenic, antileukotactic, or mutagenic. 
In turn, the environment should not cause degradation or 
corrosion of the biomaterial that would result in loss of physical 
and mechanical properties. 

Physical 
properties

A denture polymer should possess adequate resilience and 
strength to biting, chewing, impact forces, and excessive wear 
under mastication. It should be stable under all conditions of 
service, including thermal and loading shocks. Mechanical 
properties increase considerably with an increase in number 
average molecular weight. 

Aesthetic
properties

The resin should exhibit sufϐicient translucency and 
transparency (hue, chroma and, value) to match the adjacent 
structures and tissues. It should be capable of being pigmented 
or tinted to camouϐlage the surroundings. Once fabricated, 
it should maintain the appearance and color and not change 
subsequently. 

Chemical stability The biomaterial should be chemically stable and not deteriorate 
inside the oral cavity by inducing some chemical reaction or an 
adverse event. It should preferably polymerize to completion, 
without leaching any residual monomers. 

Rheometric 
properties

The ϐlow behavior in polymers involves elastic and plastic 
deformation (viscous ϐlow) and elastic recovery when stresses 
are released. Molecular weight, chain length, number of cross 
linkages, temperature, and applied force greatly determine 
the typical behavior. Plastic ϐlow is irreversible and causes 
permanent polymer deformation, compared to elastic recovery in 
certain polymers, when applied stress is removed. Biopolymers 
exhibit complex combined elasticplastic deformation called as 
visco-elastic recovery. 

Polymers

(Contd)
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Properties Characterization 
Thermal 
properties

Polymers normally show a large variation in their properties 
with temperature. At sufϐiciently low temperatures, amorphous 
polymers are hard and glass-like, compared to softer and more 
ϐlexible, when a critical temperature is reached usually the glass 
transition temperature (Tg). The Tg of a plastic is one of the very 
important set points in determining whether the polymer is 
thermosetting or thermoplastic and hence our desired clinical 
properties are affected. 

 Because of its esthetic properties, resin can be used for the 
reproduction of lost tooth structure. There are two types of direct 
ϐilling resins. The older type is an unϐilled polymethyl methacrylate 
(PMMA). Such a resin is often referred to as an acrylic resin. The other 
type is the composite resin. Requirements for a denture polymers 
are included in Table 3.29 [4, 80, 92, 106, 140]. 

3.4.1 Acrylic Resins 

Acrylic resin is a general term for any one of the plastics (resin) 
generated through chemical reaction by applying polymerization 
initiator and heat to a monomer. Polymethyl methacrylate, one 
of the more rigid variations of acrylic resin, was ϐirst marketed in 
Germany in 1927. A similar form of the resin known as Plexiglas® 
began to be manufactured in the United States in 1936. One of 
the main characteristic features of PMMA is its high transparency. 
With its high weather resistance, it has been known to last over 
30 years; it does not easily turn yellow or crumble by sunlight. 
Acrylic (unϐilled) resins are used as temporary crown material. 
Temporary crowns are placed to protect the crown preparation and 
provide patient comfort during the time the permanent crown is 
being constructed. Acrylic resins are composed from powder and 
liquid. The powder is composed of a polymethyl methacrylate, a 
polymer, and contains some inert coloring pigments. The liquid is a 
monomethyl methacrylate, a monomer. 
 Acrylic resins are used in individual impression trays and 
orthodontic devices, in addition to dentures and artiϐicial crowns. 
PMMA is well known for its property of being a bone cement (for 
ϐixing hip implants) and of its use in making acrylic glass (as a base 
for artiϐicial ϐingernails and varnish).
 In respect to the diverse applications of polymers in denture 
science, higher molecular weight methacrylate polymers such as 

Table 3.29 (Contd)
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polyethylmethacrylate (PEMA) and polybutylmethacrylate (PBMA) 
have found uses as soft denture liners [141].
 Acrylic resins are available in several shades to match tooth  
shading (esthetics). They have a low thermal conductivity. These resins 
are not easily washed out by the acids of the oral cavity (low solubility). 
Acrylic resins are also resilient, which allows them to be used in stress-
bearing areas. Acrylic resins exhibit a moderate shrinkage from 3 to 8 
percent. Acrylic resins have a low resistance to wear. 

3.4.2 Composite Resins 

Composite resins are the most commonly used material for all 
permanent anterior restorations [14, 44, 80]. These resins make 
excellent restorative materials because of their good resistance 
to wear and their excellent esthetics. Different ϐillers (glass, silica, 
borosilicates, and fused quartz), binders and processing techniques 
(rods, ϐibers, and matte) are being experimented to develop the 
ideal denture polymer, suiting clinical requirements [3]. Several 
technological solutions have been proposed and are under testing. 
Polyethylene woven ϐibers, braided ϐibers and unidirectional ϐibers 
are under experimentation [28, 39, 122]. Fiberϐlex based on Kevlar, 
developed by Dupont, is under consideration as a unidirectional 
ϐiber reinforced denture material. 
 Composite resins have excellent esthetic properties and good 
resistance to wear because of the ϐiller. They also have an acceptable 
compressive strength. Thermal expansion is at a minimum — the 
manufacturer claims that the thermal expansion is close to the normal 
expansion of tooth structure. Solubility and shrinkage are low. 
 A new ϐluoride-containing, methacrylate-based denture lining 
material has been introduced [48]. Because of the ϐluoride content, 
this material is expected to demonstrate low water sorption and 
solubility and high stain resistance, but these attributes remain 
untested. 
 Composite resins are widely used today instead of amalgams for 
restorative dental practice. The mechanical properties of the cured 
composite resins are shown to be dependent on the curing process 
[78]. It is thus highly desirable to monitor the curing status of the 
resin in real time as to achieve the optimum performance.
 Synthetic polymer poly-L-lactide (PLLA) is often used as 
polymeric material and has some features, which make it useful 
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for combining with HAp [58]. Fibers of PLLA may strengthen HAp 
and its good bioresorbility provides space for tissue extension. 
Composite biomaterial HAp/PLLA embodies good features of each of  
these biomaterials. Differences in porosity, microstructure, com-
pressive consistency as well as bioresorbility of HAp/PLLA may be 
achieved by using PLLA with different mole masses [59]. The most 
appropriate way of recognizing the usability of biocomposite is its 
implantation into the organism.
 Recently, much effort has been directed at the fabrication of  
carbon nanotubes (CNTs)/polymer composites, and the characteri-
zation of their physical properties. Among them, composites 
comprising CNTs and the biocompatible polymers are of special 
interest due to their potential for speciϐic biomedical applications 
[147]. Zhang et al. report the preparation of the MWCNT/poly(L-
lactide) composite and the corresponding spectroscopic (Raman) 
and the microscopic (SEM, TEM) characterization [147]. The 
electronic transport, thermal properties, and biocompatibility of this 
composite have also been investigated. The Raman spectroscopic 
analysis suggests the interaction between PLLA and MWCNT occurs 
mainly through the hydrophobic C–CH3 functional groups. The DC 
conductivity of the composite increases as the MWCNT loading 
is increased. Such behavior can be described by a percolation 
mechanism in which a percolation threshold at about 14 wt% 
MWCNT loading is observed with the maximum end conductivity of 
0.1 S . cm–1. The DSC study of the PLLA/MWCNT composite reveals 
that the MWCNTs in the composite have the effect of inducing 
crystallization and plasticizing the polymer matrix. The results 
from the cell culture test suggest that the presence of MWCNT in the 
composite inhibits the growth of the ϐibroblast cells.
 Chen et al. have fabricated the biocompatible poly(lactic acid) 
(PLA) nanoϐibers by using electrospinning and then adopted to  
blend with other nanomaterials such as nano-TiO2, which have 
been widely applied in biomedical and bioengineering ϐields, as a 
potential drug carrier or protective container for biologically active 
drug molecules [21]. The observations indicate that by combining 
this nanocomposite with the drug accumulation of anticancer drug 
daunorubicin, a broad-spectrum anticancer agent, the blends of 
nano-TiO2 and PLA nanoϐibers could afford promising scaffolding 
for noncovalent attachment of multiple drugs, which could 
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efϐiciently enhance the drug uptake in target leukemia cells. These 
new nanocomposites have good biocompatibility, ease of surface 
chemistry modiϐication, and very high surface area, which may afford 
the possibility for their promising application in pharmacology and 
biomedical engineering areas.

3.5 Composite Biomaterials 

Composite materials may be deϐined as those materials that consist 
of two or more fundamentally different components that are able 
to act synergistically to give properties superior to those provided 
by either component alone [72, 94, 128]. Natural composites 
include bone, wood, dentin, cartilage, and skin. In biomaterials, it is 
important that each constituent of the composite be biocompatible. 
Some applications of composites in biomaterial applications are: 
(i) dental ϐilling composites, (ii) reinforced methyl methacrylate 
bone cement and ultrahigh molecular weight polyethylene, and (iii) 
dental/orthopedic implants with porous surfaces. 
 Composites made of bioinert and bioactive ceramics are produced 
to achieve two important features, bioactivity and mechanical 
strength [43, 113]. Alumina ceramic can form composites with 
hydroxyapatite that are bioactive. The properties of composites 
depend very much upon structure, shape, volume fraction, and 
the interface among the constituents, as well as upon the chemical 
composition and their ϐinal microstructure. 
 For, example, the dental composite resins consist of a polymer 
matrix and stiff inorganic inclusions [26]. The inorganic inclusions 
confer a relatively high stiffness and high wear resistance on the 
material. Available dental composite resins use quartz, barium glass, 
and colloidal silica as ϐillers. Fillers have particle size from 0.04 μm 
to 13 μm, and concentrations from 33 to 78% by weight. In view 
of the greater density of the inorganic ϐiller phase, a 77% weight 
percent of ϐiller corresponds to a volume percent of about 55%. The 
matrix consists of a polymer, typically BIS-GMA. Polymerization can 
be initiated by a thermochemical initiator such as benzoyl peroxide, 
or by a photochemical initiator (benzoin alkyl ether) which 
generates free radicals when subjected to ultraviolet light. Dental 
composites have a Young’s modulus in the range of 10–16 GPa, and 
the compressive strength from 170 to 260 MPa (Table 3.30). 
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Table 3.30 Properties of bone, teeth and some biomaterials [72]

Material 

Young’s
modulus 
E [GPa] 

Density
ρ (g/m3)

Strength
(MPa)

Hard Tissue 
Tooth, bone, human compact bone, 
longitudinal direction
Tooth dentin 
Tooth enamel 

17

18
50

0.8

2.1
2.9

130

138 
(compression)

Polymers
Polyethylene (UHMW) 10.94 30 
(tension)
Polymethyl methacrylate, PMMA  
3 1.1 65 (tension)
PMMA bone cement 21.18 30 
(tension) 

1

3

2

0.94

1.1

1.18

30 (tension)

65 (tension)

30 (tension)

Metals
316L Stainless steel (wrought) 
Co–Cr–Mo (cast) 
Co–Ni–Cr–Mo (wrought) 
Ti–6Al–4V 

200
230
230
110

7.9
8.3
9.2
4.5

1000 (tension)
660 (tension)
1800 (tension)
900 (tension)

Composites
Graphite-epoxy (unidirectional 
ϐibrous, high modulus)
Graphite-epoxy (quasi-isotropic 
ϐibrous)
Dental composite resins (particulate) 

215

46

10–16

1.63

1.55

—

1240 (tension)

579 (tension)

170–260 
(compression)

Foams
Polymer foams 10–4–1 0.002–0.8 0.01–1 (tension)

 For the successful achievement of three-dimensional scaffolds, 
several characterization criteria are required. They can be divided 
into four categories: (i) morphology (e.g., porosity, pore size, 
surface area); (ii) mechanical properties (e.g., compressive and 
tensile strength); (iii) bulk properties (e.g., degradation and its 
relevant mechanical properties); and (iv) surface properties (e.g., 
surface energy, chemistry, charge) [63]. Recently, a strong and 
bioactive ceramic scaffold consisting of a porous zirconia body 
coated with apatite double layers (ϐluorapatite (FA) as an inner 
layer and hydroxyapatite (HA) as an outer layer) was successfully 
fabricated [66]. The authors investigate the in vivo performance of 
the engineered bioceramic scaffolds using a rabbit calvarial defect 
model. In particular, the porosity and pore size of the scaffolds are 

varied in order to observe the geometrical effects of the scaffolds 

on their bone formation behaviors. The scaffolds supported on 

a zirconia framework can be produced with an extremely high 
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porosity (~84−87%), while retaining excellent compressive 

strength (~7−8 MPa), which has been unachievable in the case of 
pure apatite scaffolds (~74% porosity with ~2 MPa strength). All of 
the specimens show a good healing response without adverse tissue 
reactions. Good healing is shown at 4 weeks post-surgery with the 
ingrowth of new bone into the macropore-channels of the scaffolds. 
The apatite-coated zirconia scaffolds show good bone forming ability 
and are considered to be a promising scaffolding material for bone 
regeneration since they possess a high level of both mechanical and 
biological properties [73].
 Dental implants for load bearing applications require the use of 
materials that are both bioactive and have signiϐicant mechanical 
strength [13]. There are no existing materials that readily ϐit 
these two criteria. While titanium and titanium-based alloys have 
excellent mechanical properties and are generally well tolerated 
in a physiological environment, they have negligible capacity for 
osteointegration. Two approaches have been taken to improve the 
osteointegration: a surface modiϐication approach and a composite 
approach. In the surface modiϐication approach, the surface of 
the primary material is modiϐied by chemical or electrochemical 
methods to make the surface bioactive, or a bioactive coating 
is applied using, for example, plasma deposition techniques. In 
the composite approach, the primary material is combined with 
bioactive materials, such as bioglass or bioceramics. Conventional 
powder metallurgy methods [23, 98], or plasma-assisted processes 
[30, 87] are commonly used for fabricating the composites. 
 The biocomposites prepared from powder mixtures of titanium 
(α-Ti), hydroxyapatite (HA), and bioactive glass (BG) (SiO2–CaO–
P2O5–B2O3–MgO–TiO2–CaF2) were investigated, too [99]. The 
results showed that complex reactions among the starting materials 
mainly depended on the initial Ti/HA ratios as well as the sintering 
temperatures.
 Although titanium (Ti) and its alloys are the preferred metal 
materials for orthopedics and dentistry because of their high strength 
and good biocompatibility [132, 136], they are bioinert biomaterials 
and cannot directly bond to the bone. Moreover, HA coatings to 
improve the surface bioactivity of titanium and its alloys often ϐlake 
off as a result of poor ceramic/metal interface bonding, which may 
make the surgery fail [19, 144]. The problems mentioned above can 
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be solved by the fabrication of HA–Ti composites. Recently the studies 
on the fabrication and characterization of HA-based composites 
reinforced with Ti particles have been reported [22, 23, 98]. The 
signiϐicant toughening effect by energy-absorbing mechanism due to 
the plastic deformation of ductile Ti particles at the tips of cracks was 
found in both HA-20 vol%Ti composite and HA-40 vol%Ti composite 
[22]. Ti-20 vol% HA composite with a relative density of 97.86% was 
fabricated by a hot pressing technique. The phase constitution of 
Ti-20 vol% HA composite is similar to that of HA-based composite 
with Ti and HA as the predominant phases. TEM observation  
shows the bonding state of Ti/HA interface is good, however, there 
exists an interfacial transition zone between Ti and HA. Elastic 
modulus and Vicker’s hardness of Ti-20 vol% HA composite are 
102.6 and 3.41 GPa respectively. In comparison with pure Ti 
metal fabricated under the same conditions, the composite has a 
much lower bending strength (170.1 MPa) and fracture toughness  
(3.57 MPa · m1/2), which are only about 17.5 and 12% of those of pure 
Ti metal, nevertheless it can meet the basic strength and toughness 
demands of replacing hard tissue in heavy load-bearing applications. 
Both Ti matrix in the composite and pure Ti metal fabricated by hot-
pressing process present quasi-cleavage fracture. The in vivo studies 
indicate that Ti-20 vol% HA composite has good biocompatibility 
and can integrate with bone. The osteointegration ability of the 
composite is better than that of pure titanium, especially in the early 
stage after the implantation, which may be due to the presence of HA 
ceramic in the Ti-matrix composite.
 Bioactivity of the Ti–HA composite in a simulated body ϐluid  
(SBF) was investigated [23, 98]. Main crystal phases of the as-
fabricated composite are found to be Ti2O, CaTiO3, CaO, α-Ti, and a 
TiP-like phase. When the composite is immersed in the simulated 
body ϐluid for a certain time, a poor-crystallized, calcium-deϐicient, 
carbonate-containing apatite ϐilm will form on the surface of the 
composite. It can be concluded that the biocomposite, fabricated 
from HA and Ti powders by powder metallurgy technique, has the 
ability to induce apatite nucleation and growth on its surface from 
the SBF. Among all the crystal phases in the as-fabricated composite, 
Ti2O has the ability to induce apatite formation. Furthermore, the 
dissolve of CaO phase also provides favorable conditions for the 
apatite nucleation and growth. 
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Nanotechnology is seen as one of the most important ϐields of 
innovation and technology today [6, 8, 59]. The size is in the range 
of 1–100 nm the theories of classical and quantum mechanics 
are no long valid and a rich variety of unexpected properties are 
possible. New applications for materials can be created with novel 
or signiϐicantly enhanced properties. Products produced from these 
materials exhibit unique properties [6]. Nanoparticles are produced 
in two main ways (Fig. 4.1). The traditional way of producing ϐine 
particles has been “top-down” referring to the reduction through 
attrition and various methods of comminution in the traditional 
sense. During the past few years and increasingly, methods of 
production using “bottom-up” techniques are being increasingly 
utilized [39]. Bottom up approach refers to the buildup of a material 
from the bottom: atom by atom, molecule by molecule, or cluster by 
cluster.
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Figure 4.1 Schematic representation of the building up of nanostructures.

 Both approaches play a very important role in modern industry 
and most likely in nanotechnology as well [59]. There are advantages 
and disadvantages in both approaches. High energy ball milling is 
a typical top-down method in making nanoparticles. The biggest 
problem with top-down approach is the imperfection of surface 
structure and signiϐicant crystallographic damage to the processed 
patterns. Regardless of the defects produced by top-down approach, 
they will continue to play an important role in the synthesis of 
nanostructures.
 Although the bottom-up approach is frequently referred in 
nanotechnology, it is not a new concept. Currently, it plays an 
important role in the fabrication and processing of nanostructures. 
It is important to note, that the produced materials can have 
signiϐicantly different properties, depending on the route chosen 
to fabricate them. Apart from direct atom manipulation, there are 
various widely known methods for producing nanomaterials: 
mechanical, wet chemical, form-in-place, and gas-phase synthesis 
[55, 56].



83

4.1 Synthesis of Nanopowders

4.1.1 Top-Down Approach 

Many different methods are available for producing small grained 
nanostructures. Mainly they are based on the production of ϐine 
grained powders (down the nanometer scale) and a subsequent 
Hot Isostatic Pressing (HIP) for consolidation. Mechanical processes 
include mechanical grinding, high-energy ball milling, mechanical 
alloying, and reactive milling [2, 45]. The advantages of these 
techniques are that they are simple, require low-cost equipment, 
and provided that a coarse feedstock powder can be made, the 
powder can be processed. However, there can be difϐiculties such as 
agglomeration of the powders and contamination from the process 
equipment. Mechanical processes are commonly used only for in 
organics and metals/alloys. 
 In high intensity ball milling, high impact collisions are used  
to reduce microcrystalline materials down to nanocrystalline 
structures without chemical change. A relatively new technique 
termed Mechanochemical Processing (MCP) technology is a 
novel solid-state process for the manufacture of a wide range of 
nanopowders [31]. Dry milling is used to induce chemical reactions 
through ball/powder collisions that result in nanoparticles formed 
within a salt matrix. Particle size is deϐined by the chemistry of 
the reactant mix, milling, and heat treatment conditions. Particle 
agglomeration is minimized by the salt matrix, which is then  
removed by a simple washing procedure.

4.1.1.1 Milling processes 

In this book, we concentrate generally on nanoprocessing  
conducted entirely in a solid state. This is a class of methods based 
on processes conducted in high-energy ball mills. Such methods 
are based on high-energy grinding and milling of materials. They 
provide top-down approach toward manufacturing nanomaterials, 
bionanomaterials, and/or bionanocomposites [22, 25, 34, 35, 49]. 
 Use of mechanical milling for synthesis of new alloys, compounds, 
and nanomaterials was not envisioned until recent decades. The 
primary objectives of milling have always been mixing or blending, 
change in particle shape, and size reduction. The milling in ball mills 
combines both crushing/shearing and impact forces combined in 
various proportions, depending on the equipment used. A variety of 
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ball mills has been developed for different purposes including tumbler 
mills, attrition mills, shaker mills, vibratory mills, planetary mills, etc. 
For example, high-energy milling forces can be obtained using high 
frequencies and small amplitudes of vibration. Shaker mills (e.g., 
SPEX model 8000) which are preferable for small batches of powder 
(approximately 5–7 grams are sufϐicient for research purposes) are 
highly energetic and reactions can take place one order of magnitude 
faster than with other types of mill. Since the kinetic energy of the 
balls is a function of their mass and velocity, dense materials (steel or 
tungsten carbide) are preferable to ceramic balls. 
 Figure 4.2 shows the SPEX Model 8,000 high-energy mill 
manufactured by the CertiPrep Company (Metuchen, NJ, USA). The 
vials (Fig. 4.3) are made of hardened ferritic steel, but vials made of 
zirconia, alumina, agate, and hard-metal tungsten carbide are also 
used to greatly limit contamination by grinding media, mainly iron 
[44]. The milling that yields nanometric structure takes place about 
10 times faster in a SPEX ball mill than in a planetary ball mill. The 
milling time needed to produce ϐine powders and nanostructure 
depends obviously on the nature of material, but also on other 
parameters, such as the weight of the milling balls and the ratio of 
the weight of balls to the weight of powder (BPR). The ball to powder 
weight ratio can vary from 1 to 100. The time needed for milling to 
the same ϐines of a powder usually decreases with the increase in the 
BPR. Agglomeration and cold welding of metal particulates to the 
reactor wall and the milling balls or to form balls made of the milled 
powder itself are common phenomena that occur during milling of 
pure ductile metals in vials ϐilled with inert gas, such as argon. 

Figure 4.2 SPEX ball mill. 
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Figure 4.3 Steal vial for SPEX mill. 

4.1.1.2 Nanoprocessing 

Five major processing methods can be employed during milling 
of materials in high-energy ball mills: (i) high energy ball milling 
(HEBM), (ii) mechanical alloying (MA), (iii) mechanochemical 
activation synthesis (MCAS), (iv) mechanochemical synthesis (MCS), 
and (v) mechanical amorphization (MAM) [54]. 
 High-energy ball milling is nanotechnology top down approach 
for the synthesis of nanoparticles. In the HEBM process, brute force is 
applied to material, whether it is a metal, a pre-alloyed intermetallic, 
or a solid chemical (stoichiometric) compound. Short milling times 
can break thin chemically passive surface coatings (e.g., surface 
oxides) and expose fresh, clean chemically active metallic surface. 
Such milling can also introduce defects into solid compounds. It 
results in an increased chemical activity of milled media toward 
both gasses and chemical reactions in solutions and electrolytes. 
This process is often termed mechanochemical activation synthesis. 
 A process wherein mixture of elemental metal powders, or 
powders of metal and nonmetal are milled long enough to trigger 
alloying of elemental powders in a solid-state process is termed 
mechanical alloying. Since substantial rearrangement of chemical 
species must take place during alloying, the latter requires long times 
of milling, usually more than twice the time needed for preparation 
of nanopowders by mechanical milling. Even longer milling results 
in the term, mechanical amorphization of a crystalline solid. 

Synthesis of Nanopowders
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 Reactive mechanical milling can be realized by reacting two 
chemical compounds A and B in a solid-state synthesis that 
yields a distinct chemical compound C. This is termed mechanical 
synthesis or mechanosynthesis. Reactive milling can also be 
conducted by milling metal powders in ball mills filled with a 
reactive gas. 

4.1.1.3 Mechanical alloying 

Mechanical alloying, the main mechanical process, was developed 
in the 1970s at the International Nickel Co as a technique for 
dispersing nanosize inclusions into nickel-based alloys (Fig. 4.4) 
[3]. During the last years, the MA process has been successfully used 
to prepare a variety of alloy powders including powders exhibiting 
supersaturated solid solutions, quasicrystals, amorphous phases, 
and nano-intermetallic compounds [25, 45]. MA technique has been 
proved a novel and promising method for alloy formation [26, 36, 
42, 44]. 

Figure 4.4 Mechanical alloying process [3]. 
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 Mechanical alloying is conducted through milling of two 
elemental metal powders. Longer milling, order of hours, leads to 
atomic-level mixing of the metals and produces an alloy consisting 
of these metals. Until the advent of this new, non-equilibrium, and 
low-temperature solid-state processing method, metal alloys could 
only be manufactured by melt casting and metal foundry practices. 
 The raw materials used for MA, are available commercially high 
purity powders that have sizes in the range of 1–100 μm. During the 
mechanical alloying process, the powder particles are periodically 
trapped between colliding balls and are plastically deformed. Such 
a feature occurs by the generation of a wide number of dislocations 
as well as other lattice defects. Furthermore, the ball collisions 
cause fracturing and cold welding of the elementary particles, 
forming clean interfaces at the atomic scale. Further milling lead to 
an increase of the interface number and the sizes of the elementary 
component area decrease from millimeter to submicrometer 
lengths. Concurrently to this decrease of the elementary distribution, 
some nanocrystalline intermediate phases are produced inside the 
particles or at its surfaces. As the milling duration develops, the 
content fraction of such intermediate compounds increases leading 
to a ϐinal product whose properties are the function of the milling 
conditions. 
 The sequence of concurrent mechanical and chemical events can 
be written as follows [54]: mechanical stressing → severe plastic 
deformation → formation of a submicron lamellar microstructure → 
cold interdiffusion of metal atoms between lamellae or nanograins 
(cold welding) → fracture → formation of nanostructure → 
extended solid solubility → mechanical alloying with formation 
of thermodynamically stable and /or metastable phases → 
amorphization. 
 It was shown, that mechanical alloying has produced amorphous 
phases in metals. But differentiation between a “truly” amorphous, 
extremely ϐine grained, or a material in which very small crystals 
are embedded in an amorphous matrix in so produced materials 
has not been easy on the basis of diffraction basis [45]. Only 
the supplementary investigations by neutron diffraction can 
unambiguously conϐirmed that the phases produced by MA are truly 
amorphous. The milled powder is ϐinally heat treated to obtain the 
desired microstructure and properties. Annealing leads to grain 
growth and release of microstrain. 

Synthesis of Nanopowders
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 Nanocrystalline materials exhibit quite different properties from 
both crystalline and amorphous materials, due to structure, in which 
extremely ϐine grains are separated by what some investigators 
have characterized as “glass-like” disordered grain boundaries. The 
mechanism of amorphous phase formation by MA is due to a chemical 
solid state reaction, which is believed to be caused by the formation 
of a multilayer structure during milling [45]. When a mixture of 
elemental powders is milled, the formation of the amorphous phase 
is due mainly to an ultimate interdiffusion of atoms that occurs at 
fresh surfaces and interfaces created by mechanical milling. This 
interdiffusion is promoted by defects and chemical disorder in the 
crystalline structure. 
 The basic process of mechanical alloying is illustrated in  
Fig. 4.5. Microcrystalline powders are placed together with a number 
of hardened steel or tungsten carbide (WC) coated balls in a sealed 
container which is shaken. The most effective ratio for the ball to 
powder masses is ten.

Figure 4.5 Schematic cross-sectional representation of MA process for 
synthesizing nanometer-sized powders (SPEX 8000 mixer 
mill).

 Furthermore, for all nanocrystalline materials prepared by 
a variety of different synthesis routes, surface, and interface, 
contamination is a major concern. In particular, during mechanical 
attrition, contamination by the milling tools (iron) and atmosphere 
(trace elements of O2 and other rare gases) can be a problem (see  
Fig. 4.4) [24, 43]. By minimizing the milling time and using the 
purest, most ductile metal powders available, a thin coating of the 
milling tools by the respective powder material can be obtained 
which reduces Fe contamination tremendously. Atmospheric 
contamination can be minimized or eliminated by sealing the vial 
with a ϐlexible “O” ring after the powder has been loaded in an inert 
gas glove box. 



89

 The cleanliness of the surface of nanocrystalline alloys prepared 
by mechanical alloying method was studied by X-ray photoelectron 
spectroscopy (XPS) and Auger electron spectroscopy (AES) [24]. 
In Fig. 4.6, we show the element speciϐic Auger intensities of the 
nanocrystalline LaNi4.2Al0.8 sample as a function of the sputtering 
time, converted to depth. Data for microcrystalline LaNi4.2Al0.8 
sample are included, too. 

Figure 4.6 AES spectrum of microcrystalline (a) and nanocrystalline (b) 
LaNi4.2Al0.8 alloy vs. sputtering time, as converted to depth. The 
sample surface is located on the left-hand side.

 As it can be seen, there is relatively high concentration of carbon 
and oxygen immediately on the surface, which could be due to 
carbonates or adsorbed atmospheric CO2. The carbon concentration 
strongly decreases towards the interior of the sample. At the metal 
interface itself, only oxygen is present, making it very likely that only 
an oxide layer is formed, and no other compounds, the latter growing 
apparently with a smaller probability. We have found that at the 
oxide–metal interface, mainly lanthanum and nickel atoms are 
present. Taking into account that the escape-depth of the Auger 
electron from nickel and aluminum atoms is about 2 nm, the 
concentration of these elements on the metallic surface is signiϐicantly 
lower compared to the average bulk composition. Therefore, the 
lanthanum atoms, which segregate to the surface form a La based 
oxide layer under atmospheric conditions. The oxidation process is 
depth limited such that an oxide-covering layer with a well-deϐined 
thickness is formed by which the lower lying metal is prevented 
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from further oxidation. In this way, one can obtain a self-stabilized 
oxide–metal structure. Very similar behavior was observed for 
the microcrystalline Co thin ϐilms oxidized under atmospheric 
conditions. From the peak-to-peak amplitude, we have calculated 
a maximum atomic concentration of oxygen inside the sample as 
2 at.%. The concentration of carbon impurities inside the sample 
was below 0.5 at.%. 
 Figure 4.6b shows the element speciϐic Auger intensities of the 
nanocrystalline LaNi4.2Al0.8 sample as a function of the sputtering 
time, converted to depth. Similarly to the results obtained for the 
microcrystalline sample, there is relatively high concentration 
of carbon and oxygen immediately on the surface. The carbon 
concentration strongly decreases towards the interior of the 
sample. We have found that at the oxide–metal interface, only iron 
impurities and lanthanum atoms are present. As the escape-depth 
of the Auger electrons from nickel and aluminum atoms is about 
2 nm, we conclude that these elements are practically not present 
on the metallic surface. In other words, lanthanum atoms and iron 
impurities strongly segregate to the surface and form an oxide layer 
under atmospheric conditions. The lower lying Ni atoms form a 
metallic subsurface layer and are responsible for the observed high 
hydrogenation rate in accordance with earlier ϐindings. The above 
segregation process is stronger compared to that observed for the 
microcrystalline sample. The presence of the signiϐicant amount of 
iron atoms in the surface layer of the nanocrystalline LaNi4.2Al0.8 
alloy could be explained by Fe impurities trapped in the MA powders 
from erosion of the milling media. The amount of the Fe impurities 
considerably decreases in the subsurface layer of the sample. From 
the peak-to-peak amplitude we have estimated a maximum atomic 
concentration of oxygen as ~2 at.% in the interior of the sample. 
Similarly to the results reported for the polycrystalline LaNi4.2Al0.8 
alloy, the concentration of carbon impurities inside the sample was 
below 0.5 at.%. 
 Concluding, the contamination with Fe based wear debris 
in mechanically synthesized nanomaterials can generally be 
reduced to less than 1–2 % and oxygen contamination to less than  
300 ppm. But, contamination through the milling atmosphere can 
have a positive impact on the milling conditions if one wants to 
prepare metal or ceramic nanocomposites with one of the metallic 
elements being chemically highly reactive with the gas (or ϐluid) 
environment. On the other side, main advantage of top-down 
approach can be high production rates of nano powders. 



91

4.1.2 BoƩom-Up Approach 

4.1.2.1 Wet chemical processes

These include colloidal chemistry, hydrothermal methods, sol-gels, 
and other precipitation processes. Generally, solutions of different 
ions are mixed in well-deϐined quantities and under controlled 
conditions of heat, temperature, and pressure to promote the 
formation of insoluble compounds, which precipitate out of solution. 
Among the advantages of the established wet chemistry methods, 
are good control over microstructure and particle morphology. 
 The sol-gel process involves the evolution of inorganic networks 
through the formation of a colloidal suspension (sol) and gelation of 
the sol to form a network in a continuous liquid phase (gel) [28]. The 
precursors for synthesizing these colloids consist usually of a metal 
or metalloid element surrounded by various reactive ligands. The 
starting material is processed to form a dispersible oxide and forms 
a sol in contact with water or dilute acid. Removal of the liquid from 
the sol yields the gel, and the sol/gel transition controls the particle 
size and shape. Calcination of the gel produces the oxide.
 Sol-gel processing refers to the hydrolysis and condensation of 
alkoxide-based precursors such as Si(OEt)4(tetraethyl orthosilicate, 
or TEOS). The reactions involved in the sol-gel chemistry based on 
the hydrolysis and condensation of metal alkoxides M(OR)z can be 
described as follows: 

 MOR + H2O → MOH + ROH (hydrolysis) (4.1)

 MOH + ROM → M-O-M + ROH (condensation) (4.2)

 The production of glasses by the sol-gel method permits 
preparation of glasses at far lower temperatures than is possible 
by using conventional melting. It also makes possible synthesis of 
compositions that are difϐicult to obtain by conventional means 
because of problems associated with volatilization, high melting 
temperatures, or crystallization. In addition, the sol-gel approach 
is a high-purity process that leads to excellent homogeneity. The 
most successful applications utilize the composition control, micro-
structure control, purity, and uniformity of the method combined 
with the ability to form various shapes at low temperatures. Finally, 
the sol-gel approach is adaptable to producing ϐilms and ϐibers as 
well as bulk pieces.

Synthesis of Nanopowders
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 Films and coatings were the ϐirst commercial applications of the 
sol-gel process. The development of sol-gel-based optical materials 
has also been quite successful, and applications include monoliths 
(lenses, prisms, and lasers), ϐibers (waveguides), and a wide variety 
of optical ϐilms. Other important applications of sol-gel technology 
utilize controlled porosity and high surface area for catalyst supports, 
porous membranes, and thermal insulation. 

4.1.2.2 Form in place processes

These include lithography, vacuum deposition processes such as 
physical vapor deposition (PVD) and chemical vapor deposition 
(CVD), and spray coatings. These processes are more geared to the 
production of nanostructured layers and coatings, but can be used to 
fabricate nanoparticles by scraping the deposits from the collector 
[55]. 
 Physical vapor deposition (PVD) is fundamentally a vaporization 
coating technique, involving transfer of material on an atomic level. 
It is an alternative process to electroplating. The process is similar 
to chemical vapor deposition (CVD) except that the raw materials/
precursors, i.e. the material that is going to be deposited starts out 
in solid form, whereas in CVD, the precursors are introduced to the 
reaction chamber in the gaseous state. It incorporates processes 
such as sputter coating and pulsed laser deposition (PLD).
 PVD processes are carried out under vacuum conditions. The 
process involved four steps: evaporation, transportation, reaction, 
and deposition. During the ϐirst stage, a target consisting of the 
material to be deposited is bombarded by a high energy source such 
as a beam of electrons or ions. This dislodges atoms from the surface 
of the target, “vaporizing” them. The next process simply consists of 
the movement of “vaporized” atoms from the target to the substrate 
to be coated and will generally be a straight line affair. 
 In some cases, coatings will consist of metal oxides, nitrides, 
carbides, and other such materials. In these cases, the target will 
consist of the metal. The atoms of metal will then react with the 
appropriate gas during the transport stage. For the above examples, 
the reactive gases may be oxygen, nitrogen and methane. PVD 
coatings are deposited for numerous reasons. Some of the main ones 
are: improved hardness and wear resistance, reduced friction, and 
improved oxidation resistance. 
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 In the case of chemical vapor deposition, feed gases are reacted 
in a chamber and the resulting species are attracted to a substrate. 
Once again the reaction products can be controlled and not only in 
terms of composition but also in terms of how they are deposited. 
The substrate effectively provides a template from where the 
deposited coating can grow in a very well controlled manner. Electro-
deposition involves a similar process; however, the controlled coating 
is deposited from solution by the application of an electric ϐield.

4.1.2.3 Gas phase synthesis

These include gas condensation processing (GPC), ϐlame pyrolysis, 
electro-explosion, laser ablation, high-temperature evaporation, 
and plasma synthesis techniques. Gas condensation was the ϐirst 
technique used to synthesize nanocrystalline metals and alloys 
[9−11]. In this technique a metallic or inorganic material is vaporized 
using thermal evaporation sources such as Joule heated refractory 
crucibles, electron beam evaporation devices or sputtering sources in 
an atmosphere of 1–50 mbar He (or another inert gas like Ar, Ne, Kr). 
Cluster form in the vicinity of the source by homogenous nucleation 
in the gas phase and grow by coalescence and incorporation of atoms 
from the gas phase. The cluster or particle size depends critically on 
the residence time of the particles in the growth regime and can be 
inϐluenced by the gas pressure, the kind of inert gas, i.e. He, Ar or 
Kr, and on the evaporation rate/vapor pressure of the evaporating 
material. 
 The average particle size of the nanoparticles increases with an 
increasing gas pressure, vapor pressure, and mass of the inert gas. A 
rotating cylindrical device cooled with liquid nitrogen was employed 
for the particle collection. The nanoparticles in the size range from 
2–50 nm are extracted from the gas ϐlow by thermophoretic forces 
and deposited loosely on the surface of the collection device as 
a powder of low density and no agglomeration. Subsequently, the 
nanoparticles are removed from the surface of the cylinder by means 
of a scraper in the form of a metallic plate. In addition to this cold 
ϐinger device, several techniques known from aerosol science have 
now been implemented for the use in gas condensation systems such 
as corona discharge, etc. These methods allow for the continuous 
operation of the collection device and are better suited for larger 
scale synthesis of nanopowders. However, these methods can only 
be used in a system designed for gas ϐlow, i.e. a dynamic vacuum is 
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generated by means of both continuous pumping and gas inlet via 
mass ϐlow controller. A major advantage over convectional gas ϐlow 
is the improved control of the particle sizes. Depending on the ϐlow 
rate of the He-gas, particle sizes are reduced by 80% and standard 
deviations by 18%.  
 Evaporation can be done from refractory metal crucibles (W, Ta, 
or Mo). If metals with high melting points or metals which react with 
the crucibles, are to be prepared, sputtering, i.e. for W and Zr, or laser 
or electron beam evaporation has to be used. Synthesis of alloys or 
intermetallic compounds by thermal evaporation can only be done 
in the exceptional cases that the vapor pressures of the constituents’ 
elements are similar. As an alternative, sputtering from an alloy or 
mixed target can be employed. 
 However, control of the composition of the elements has been 
difϐicult and reproducibility is poor. Nanocrystalline oxide powders 
are formed by controlled postoxidation of primary nanoparticles 
of a pure metal (e.g., Ti to TiO2) or a suboxide (e.g., ZrO to ZrO2). 
Although the gas condensation method including the variations has 
been widely employed to prepare a variety of metallic and ceramic 
materials, quantities have so far been limited to a laboratory 
scale. Recently, it should be mentioned that the scale-up of the gas 
condensation method for industrial production of nanocrystalline 
oxides by a company called nanophase technologies has been 
successful.
 Laser ablation has been extensively used for the preparation 
of nanoparticles and particulate ϐilms. In this process, a laser 
beam is used as the primary excitation source of ablation for 
generating clusters directly from a solid sample in a wide variety 
of applications. Laser vaporization cluster beams were introduced 
by Smalley and coworkers to overcome the limitations of oven 
sources [15]. In this method, a high energy pulsed laser with an 
intensity ϐlux exceeding 107 W/cm3 is focused on a target containing 
the material to be made into clusters. The resulting plasma causes 
highly efϐicient vaporization since with current, pulsed lasers one 
can easily generate temperatures at the target material greater than 
104 K. This high temperature vaporizes all known substances so 
quickly that the rest of the source can operate at room temperature. 
Typical yields are 1014–1015

 atoms from a surface area of 0.01 cm2 in 
a 10–8 s pulse. The local atomic vapor density can exceed 1018 atom/
cm3 (equivalent to 100 Torr pressure) in the microseconds following 
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the laser pulse. The hot metal vapor is entrained in a pulsed ϐlow 
of carrier gas (typically He) and expanded through a nozzle into 
a vacuum. The cool, high-density helium ϐlowing over the target 
serves as a buffer gas in which clusters of the target material form, 
thermalize to near room temperature and then cool to a few K in the 
subsequent supersonic expansion. 
 In a recent investigation utilizing a novel atomization system, 
(LINA-SPARK™), LSA, based on laser spark atomization of solids has 
been developed that seems to be very versatile for different materials 
[19, 20]. Brieϐly, the LSA is capable of evaporating material at a rate of 
about 20 μg/s from a solid target under argon atmosphere. The small 
dimensions of the particles and the possibility to form thick ϐilms 
make the LSA quite an efϐicient tool for the production of ceramic 
particles and coatings, and also an ablation source for analytical 
applications such as the coupling to induced coupled plasma 
emission spectrometry. ICP, the formation of the nanoparticles, has 
been explained following a liquefaction process which generates an 
aerosol, followed by the cooling/solidiϐication of the droplets which 
results in the formation of fog. 
 Both RF and DC plasmas are being used successfully to make 
a wide range of materials [11]. In plasma arcing, the very high 
temperatures associated with the formation of an arc or plasma is 
used to effectively separate the atomic species of the feedstock, which 
quickly recombine outside the plasma to form nanosize particles, 
which may have novel compositions. The heat source is very clean 
and controllable and the temperatures in the plasmas can reach in 
excess of 9000°C, which means that even highly refractory materials 
can be processed. 
 Short-range ordering in metal alloys may be formed during 
deposition of atoms or atom clusters from gas phases. The short-range 
order of atoms may even be preserved in amorphous metallic alloys. 
The approach to build up nanocrystals through such self-organization 
of atoms is well recognized in the preparation of nanomaterials and 
termed the bottom-up nanotechnology approach.

4.2 Nanopowder Consolidation

Nanosintering is the sintering of nanometer size powders. For certain 
nanomaterial applications, sintering of powders while retaining 
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grain sizes in the nanometer range becomes a critical processing 
step. Fully dense specimens with nanosize features are most 
important for structural, magnetic, electric, electronic, and medical 
applications. The focus in the consolidation of out-of-equilibrium 
powders has been the retention of the metastable condition of the 
initial structures. 
 The sintering process of powder materials with particle in the 
nanometer range was studied in many laboratories [13, 14, 33]. 
For example, high-energy ball milled and heat treated Nd2(Fe, Co, 
Zr)14B/α-Fe and Nd(Fe, Mo)12Nx/α-Fe magnetic nanopowders have 
been compacted by hot pressing to form bulk magnets [23]. Studies 
of nanopowder densiϐication have lead to a better understanding of 
numerous sintering issues such as powder agglomeration, surface 
condition or contamination, pore role in sintering, and grain 
growth. Thermodynamic and kinetic aspects of metastable powder 
densiϐication, sintering mechanisms, and scaling laws applicable to 
nanopowder sintering were examined, as well [13, 58].

4.2.1 Consolidation Methods

When powder particle size decreases below the micron range, the 
consolidation efforts are faced with additional problems related to 
powder agglomeration, interparticle friction, and contamination. 
In spite of these new challenges, all known consolidation methods 
have been applied for full densiϐication of both ceramic and metal 
nanopowders, including conventional sintering. Non-conventional 
sintering methods include: microwave sintering, shock or dynamic 
consolidation, and ϐield-assisted sintering. The main purpose of using 
these methods is to enhance densiϐication and prevent grain growth. 
The very short high temperature exposure during consolidation 
provides the best means to retain ϐine grain size or out of equilibrium 
conditions such as amorphous structures or supersaturated solid 
solutions [46]. Examples of dense materials that have retained 
nanosize grains <100 nm by conventional sintering are provided in 
Table 4.1 [33, 41].
 A large variety of pressure assisted methods has been applied 
for consolidation of nanopowders ranging from low (<100 MPa) to 
high pressure methods (>0.5 GPa) such as piston cylinder, diamond 
anvil, and torsion-pressure method (sometimes referred to as 
severe plastic deformation consolidation — SPDC). To illustrate the 
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pressure effects, Hahn fully sintered TiO2 at 998−1098oC (~0.35 Tm) 
by applying 1 GPa while retaining the morphologically metastable 
structure (i.e., with no grain growth) [17]. 

Table 4.1 Densities and grain sizes in selected nanopowders densiϐied by 
conventional sintering 

Sintering parameters: Final properties:

Material:
Init. Gr. 
size(nm) Temp. (K)

Time 
(hrs) Atm. Density (%)

Gr. size
(nm)

ZrO2 6 to 9 1400 1.3 air full 80

ZrO2-3 mol.% 
Y2O3 

<10 1373 1 NR 99.9 80

TiO2 ~6 873 NR NR 99 <60

4.2.2 Nanosintering 

Thermodynamically, nanopowders are unstable due to large  
surface area. Nanoparticles adopt different surface energies than 
regular ones, for instance, by a different local atomic arrangement at 
the surface. TEM studies showed that nanoparticles have a faceted 
appearance with anisotropic surface energies (e.g., in γ-Al203 [7]). 
Kinetically, sintering of nanopowders is signiϐicantly enhanced. 
Sintering of nanoparticles indicated depressed sintering onset 
temperatures (0.2–0.3 Tm) as compared to conventional powders 
(0.5–0.8 Tm). Molecular dynamics (MD) simulations indicated 
extremely fast sintering of nanoparticles [58]. Surface diffusion 
cannot explain this behavior. Therefore, some other sintering 
mechanisms have been suggested: dislocation motion, grain  
rotation, viscous ϐlow, and grain boundary slip [14, 33]. The rapid 
shrinkage was attributed to fast dislocation activity driven by the 
contact Hertzian stresses that exceed the ideal shear strength  
[58]. After the neck forms, the adjacent particles rotate to achieve 
minimum grain boundary energy. Such rotation process was 
conϐirmed by TEM studies of nanoparticles [37, 56]. 
 Full densiϐication of nanopowders is completed at temperatures 
lower than that for conventional powders. To rationalize this 
decrease in the sintering temperature, different scaling laws have 
been applied [1, 18]. Considering Herring’s law, the sintering 
temperature dependence on the particle size may be calculated. 

Nanopowder Consolidation
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Reasonable agreement of experimental and calculated temperatures 
was found in TiO2 and Al2O3 assuming certain diffusion mechanisms 
[32]. 

4.2.3 Pore Effects and Grain Growth

The inϐluence of pores on grain coarsening has been well  
documented theoretically and experimentally, mostly in ceramics. 
Open pores in nanopowders inhibit grain growth in a similar way 
that pores prevent grain coarsening in ordinary grain sized ceramics. 
The pinning action of the pores is, however, difϐicult to predict. 
Gupta established an empirical direct relationship between density 
and grain size in the intermediate stage sintering [16]. In a pore 
controlled grain growth model, Liu and Patterson found a linear 
relationship between the inverse of grain size and the pore surface 
area per unit volume [29]. 
 A modiϐied sintering law that directly accounts for pore size 
effects on densiϐication rate was proposed by Mayo [33]: 

 1 1 1 –
exp

(1– ) n

d Q
dt d r RT

⎛ ⎞ρ
∝ ⎜ ⎟

⎝ ⎠ρ ρ
  (4.3)

where p is density, d is the particle size, n is a constant dependent 
on the sintering mechanism, r is the pore radius, Q is the activation 
energy, R is the gas constant, and T is the absolute sintering 
temperature. This equation predicts that the highest densiϐication 
rate occurs for the ϐinest pore size. A small pore size is also critical in 
controlling the ϐinal grain size based on the pore pinning effect. For 
these purposes, a small and uniform pore population is desired in 
the green compact. 
 Based on detailed microstructural studies, the average grain 
size can be measured for the sintered samples as a function of 
temperature [53]:

 dn –  d o  n  = kt (4.4)
where do is grain size before heat treatment, t is time and k = ko 
exp(−E/(kT)). For ZrO2 nanopowders experimental coefϐicient n = 3 
and activation energy E = 4.2 eV.

4.3 Severe Plastic Deformation 
Top-down approaches involve the reϐinement of coarse grains to 
ultra-ϐine grains by severe plastic deformation (SPD) techniques 
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that subject the work-piece to high-accumulated strains [30]. With 
increasing straining of the material, the size of both microstructural 
levels decreases in size. At the same time, the disorientation — 
difference in crystallographic orientation — is increasing. In order to 
obtain the smallest microstructural sizes, plastic strains more than 
600–800% are necessary. A number of severe plastic deformation 
(SPD) methods for producing bulk ultra ϐine grain metals/alloys have 
been developed [30, 50]. The signiϐicant feature of these processes 
is that the external dimensions of the work-piece do not change 
signiϐicantly during the processing. 
 Examples of these methods include equal channel angular 
extrusion or pressing (ECAE or ECAP) [40, 50–52, 57], cyclic 
extrusion compression method (CEC) [38], high pressure torsion 
(HPT) [27], twist extrusion (TE) [5], friction stir processing (FSP) 
[47], and multi directional forging (MDF), also known as multiaxial 
compression/forging (MAC/F) [12]. In addition, there are several 
methods of producing ultra ϐine grain sheet metals, such as 
accumulative roll bonding (ARB) [48], and repeated corrugation  
and straightening (RCS) [21]. From different variants of SPD 
techniques, only a few have industrial potential. 

4.3.1 Equal Channel Angular Pressing

Equal Channel Angular Pressing (ECAP) is one of the discontinuous 
processes of severe plastic deformation. In principal, the tool consists 
of two intersecting channels of the same cross section that meet at 
an angle 2α (Fig. 4.7). 

Figure 4.7 Schematic ECAE/P process.

Severe Plastic Deformation 
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 The geometry of this tool provides that the material is deformed 
by simple shear at ideal, frictionless, and conditions. The cross section 
of the specimen remains about equal before and after a processing 
step, thus it is possible to subject one specimen several times to ECAP 
in order to reach highest degrees of plastic deformation. A circular 
or squared cross section of the channel provides the possibility of 
a materials processing at different routes that are distinguished by 
their different combinations of sample rotation around the channel 
axes between consecutive processing steps. 

4.3.2 Cyclic Extrusion Compression Method

Richert J. and Richert M. came up with the idea of cyclic extrusion 
compression method (CEC) [38]. CEC involves the cyclic ϐlow of 
metal between the alternating extrusion and compression chambers 
(Fig. 4.8). The deformation effect could obviously be achieved with 
the frame/die ϐixed and the movable punches or vice versa. 

Figure 4.8 Reciprocating extrusion compression method.

4.3.3 High Pressure Torsion 

High Pressure Torsion (HPT) is one technique of severe plastic 
deformation and provides a continuous shear deformation of the 
metallic material. In Fig. 4.9, a sketch of a HPT tool is shown. In 
principal, a disc shaped sample is deformed by pure shear between 
two anvils that are rotating with respect to each other. The necessary 
torsion-momentum is provided by friction forces at contact areas 
anvil-material.
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Figure 4.9 High-pressure torsion technique.

4.3.4 Other Severe Plastic Deformation Methods 

Twist Extrusion (TE) process was developed in 1999 [4]. This process 
can change the structure of materials, signiϐicantly improving some 
of their physical and mechanical properties. TE works by extruding 
a prism specimen through a matrix whose proϐile consists of two 
prism-like regions separated by a twist passage. The extruded 
material undergoes an intense shift, with the property that the ϐinal 
cross-section of the specimen is identical to the initial cross-section. 
This property allows for a repeated extrusion, that accumulates the 
value of deformation. 
 There are currently three main application areas of TE: obtaining 
ultra-ϐine grained crystalline and nano-crystalline structures in bulk 
specimens; increasing the plasticity of secondary non-ferrous metals 
and alloys, which allows one to signiϐicantly broaden the range of 
production; and obtaining bulk specimens by consolidating porous 
materials which allows one to create substantially different, new 
compositions with unique characteristics. 
 Friction Stir Processing (FSP) provides the ability to thermo-
mechanically process selective locations on the structure’s surface 
and to some considerable depth (>25 mm) to enhance speciϐic 
properties. 
 Multi-Axial Compressions/Forgings involves the deformation of 
a rectangular cross section samples through a series of compressions 
so that the initial dimensions of the billet are retained. The loading 
direction is changed through 90° between successive compressions. 
MAG/F’s are effective in producing ϐine grain structure, but are 

Severe Plastic Deformation 
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deϐicient due to the non-uniform strain distribution along the billet 
cross-section. However, this non-uniformity can be eliminated by 
very good lubrication of the billet and through a large number of 
compression/forgings steps.
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5.1 Corrosion of the Ti-Based Alloys

Corrosion is an electrochemical process that results in the 
deterioration of the metal properties, due to its contact with 
aggressive environments. Metal destruction by corrosion occurs 
either through the transfer of the metal ions directly into corrosive 
solution or by continuous dissolution of a surface metal oxide. 
Uniform corrosive attack is less destructive than localized, causing 
catastrophic and suddenly damage of the corroding material, like 
in pitting corrosion. Rapid dissolution of a small localized area may 
occur through breakdown of passivity, initiation, propagation, and 
repassivation. The Ti and its alloys are mostly used in implants, 
because of their high corrosion resistance, due to the stable Ti-
oxide formation caused by more cathodic behavior (Fig. 5.1) [55], 
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biocompatibility, and mechanical properties. Other alloys, like 
stainless steel are still in use.

Figure 5.1 Corrosion susceptibility of various metals and alloys [55].

 Corrosion resistance of biomaterials plays a key role in theirs 
successful application in human body environments. All metals and 
alloys undergo corrosion when they are in contact with body ϐluids, 
which are very aggressive due to the presence of chloride ions and 
proteins. The passive oxide ϐilm shields the implant material from 
the corrosion process and additionally provides protection before 
releasing the harmful compounds from the implant or its surface 
into the bone. 
 The oxide thickness can be increased by anodic oxidation, 
resulting in different types of oxide (anatase, brukite, and rutile) and 
theirs thickness. The oxide thickness determines the surface color.
 The blood plasma is a highly aggressive environments for 
metals and alloys, because the presence of a high concentration 



109

of chloride ions (Table 5.1) and their ability to induce localized 
corrosion. Another factor is the body temperature, close to 37°C, 
which is enough to accelerate electrochemical reactions or even 
changes in the mechanism of corrosion, which can be different at 
room temperature [52]. Body ϐluids also contain different types of 
biomolecules and cells, which may attach to the biomaterial surface 
and affect the surface reactions [52].

Table 5.1 Typical chemical composition of human blood plasma [52]

Ion Concentration (mmol ⋅ L–1)

Na+ 142.0
K+ 5.0
Mg2+ 1.5
Ca2+ 2.5
Cl− 103.0
HC O 3  − 27.0
HP O 4  2− 1.0
S O 4  2− 0.5

 The corrosion can be classiϐied into the following types (Fig. 5.2) 
[6, 10, 22, 51]:
 (i) Uniform corrosion is deϐined as a chemical or electrochemical 

reaction that proceeds uniformly over the exposed surface. 
 (ii) Galvanic corrosion occurs due to the galvanic coupling of 

two or more different metals in the voltage range (Fig. 5.1). 
Less corrosion-resistant metal become anode and undergo 
corrosive attack. 

 (iii) Crevice corrosion causes the regions of stagnant solutions, 
which attacks the material through enhanced local ions ϐlux. 

 (iv) Pitting is a localized corrosion that results in breakdown of the 
protecting passive layer and holes formation on the surface. 

 (v) Intergranular corrosion occurs through the grain boundaries, 
because of theirs higher reactivity (anode area) with respect 
to the grains (cathode area). 

 (vi) Selective corrosion (dealloying) results in removal of one 
element (more anodic with respect to the second one) from a 
solid alloy by corrosion process. 

 (vii) Erosion corrosion occurs when a relative movement between 
a corrosive ϐluid and the material surface is present, which 
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enhances the materials removal. This type of corrosion 
includes both cavitation and fretting corrosion. 

 (viii) Hydrogen corrosion occurs in the hydrogen atmosphere 
or in the presence of internal hydrides deteriorating metal 
properties, enhancing metal brittleness.

 (ix) Stress-corrosion occurs together with cracking. This type of 
corrosion is caused by the simultaneous presence of tensile 
stress and corrosive medium, resulting in both mechanical 
properties deterioration and materials removal.

Figure 5.2 Schematic representation of various forms of corrosion [51].

 Example images of pitting and crevice corrosion in Ti is shown in 
Fig. 5.3 and Fig. 5.4 [2]. The corrosion behavior can be determined 
by time-consuming gravimetric method, when the corrosion rate is 
estimated after a longtime material dipping in corrosive solution/
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atmosphere; or can be estimated in fast electrochemical method, 
where the corrosion current reϐlects the corrosion rate of the 
material. In the electrochemical method, a polarization curve of the 
material immersed in the corrosive electrolyte is drawn (Fig. 5.5). 
On the basis of the Tafel tangents, intersection is given a corrosion 
current and corrosion potential. In the passive range of the corrosion 
curve, the current density indicates the tendency of passivation and 
at higher potentials the tendency of pitting corrosion. Generally the 
lower current densities indicate the higher corrosion resistance.

Figure 5.3 SEM image showing morphology of pitting attack after cyclic 
potentiodynamic polarization testing of Ti Grade 2 in deaerated 
1M NaCl at 95°C [2].

Figure 5.4 SEM image of crevice corrosion on Ti Grade 2 after polarization 
at 0 V SCE in 1M chloride at 95°C [2].

Corrosion of the Ti-Based Alloys
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Figure 5.5 Anodic and cathodic part of the polarization curve with Tafel 
extrapolations, presenting corrosion current and potential 
[56].

 Among the few metals used for implants preparation, Co, Ni, 
Cu, and V are knows as toxic, while Zr, Ti, Nb, Ta, and Pt exhibited 
excellent biocompatibility and belong to the vital group in tissue 
reaction [36]. Al has causal relations with neurotoxicity and senile 
dementia of the Alzheimer type [23, 27, 36, 54]. The corrosion 
behavior and biocompatibility of these materials plays a key role for 
theirs successful implant applications.
 Titanium and its alloys are the most corrosion-resistant of the 
alloys. This is assured by the very high stability of the TiO2 passive ϐilm 
that forms on the alloy surface in the oxygen-containing atmosphere. 
Typical thickness of the native oxide is only a few nanometers, but 
is sufϐicient to protect against corrosive dissolution. The TiO2 is 
thermodynamically stable in the pH range between 2 and 12, and 
only species, such as HF or H2O2, lead to its substantial dissolution 
[41, 53]. In acidic solutions, the Al-containing alloys such as Ti–6Al–
4V, Ti–6Al–7Nb are signiϐicantly more susceptible for dissolution 
than commercially pure Ti (cp-Ti) [39, 53].
 The Ti–6Al–4V alloy is one of the most commonly used in the 
implant applications. The titanium, aluminum, and vanadium are 
released into the cell tissue by the dissolution of the TiO2 passive ϐilm 
and wear corrosion process. Hence, the more stable the TiO2 passive 
layer on the Ti-based implant alloys is required for the better the 
corrosion resistance. Implanted alloy corrode in the biological body 
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ϐluids due to the loosening of implant, infection, wear or fretting 
corrosion, and metabolism [11]. Unfortunately, TiO2 ϐilm is sensitive 
for the ϐluoride ions, always present in oral environments [12, 13, 
30], as well as often in tooth gels.
 Because the vanadium is a toxic element, vanadium-free Ti alloys 
such as Ti–6Al–7Nb and Ti–13Nb–13Zr have been developed and 
replaced vanadium in Ti–6Al–4V [35]. The Ti–6Al–7Nb alloy can be 
a better alternative to Ti–6Al–4V because of its corrosion resistance 
and resistance to loss of mechanical properties with changes in pH 
in simulated body ϐluid environment [3, 24].
 The microstructures of the Ti–6Al–4V consist of two phases α 
and β (Fig. 5.6). Due to a two-phase microstructure, Ti–6Al–4V is 
more susceptible to corrosion across the grain boundaries because 
of galvanic cell formation. Choubey et al. [3] investigated corrosion 
resistance (in simulated body ϐluids — Hank’s solution) of the  
Ti–6Al–4Nb, Ti–6Al–4Fe and Ti–5Al–2.5Fe alloys and compared  
their properties with the parent Ti–6Al–4V. All the alloys were  
α-β-type alloys. Vanadium, niobium, and iron are β-stabilizers, while 
aluminum is an α-stabilizer; α was the dominant phase in all these 
alloys. The addition of niobium increases the grain size considerably 
and results in Widmanstätten-type structure. These new V-free 
alloys passivates immediately after immersion in the corrosive 
solution [3]. Addition of alloying elements like niobium or iron does 
not signiϐicantly affect corrosion current density in the passive range. 
The passive range for Ti–6Al–4V, Ti–6Al–4Fe and Ti–6Al–4Nb is 
comparable, whereas for Ti–6Al–4Nb is lower. The corrosion rate of 
Ti–5Al–2.5Fe, Ti–6Al–4V, Ti–6Al–4Fe, and Ti–6Al–4Nb is comparable 
and is not drastically deteriorated by the Fe substitution [3].

(a) (b)

Figure 5.6 Optical micrographs of the Ti–6Al–4V surface [3].
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 Narayanan and Seshadri [32] investigated corrosion resistance of 
the Ti–6Al–4V alloy with additionally oxidized surface produced by 
anodization in 1M H3PO4 and 1M H3PO4 with dissolved calcium and 
phosphorus additions. The as prepared porous oxide coating have 
90–280 nm thickness and is thicker for 1M H3PO4 electrolyte than 
those produced from electrolyte containing dissolved calcium and 
phosphorus. The corrosion resistance of as prepared surfaces was 
investigated in simulated body ϐluid (8.74 g/L NaCl, 0.35 g/L NaHCO3, 
0.06 g/L Na2HPO4 0.06 g/L NaH2PO4). The coatings produced using 
1M H3PO4 have lower corrosion rate (because is thicker and less 
defective) than the coatings produced from electrolyte containing 
dissolved calcium and phosphorus (Fig. 5.7) [32].

 • Icorr for samples etched in Ca+P containing solution A1, A3, and A7 is 0.29, 0.42, and 3.68 
μA/cm2, respectively.

 • Icorr for samples etched only in H3PO4 solution P1, P3, and P7 is 0.014, 0.016, and 0.250 
μA/cm2, respectively.

Figure 5.7 Potentiodynamic polarization curves of coatings on Ti–6Al–4V 
produced from electrolyte containing Ca and P; A1 (sample 
etched through 15 min) and A3 (sample etched through  
3 h) show passivation, while A7 (sample etched through 24 h) 
shows continuous dissolution [32]; (P1, P3, P7 samples etched 
in H3PO4 for 15 min, 3 h, 24 h, not shown here). See also Color 
Insert.

 The V-free alloys were investigated by Okazaki et al. [36] too.  
They prepared a new Ti–15Zr–4Nb–4Ta–0.2Pd–0.2O–0.05N (Ti–Zr-
type) and Ti–15Sn–4Nb–2Ta–0.2Pd–0.2O–0.005N (Ti–Sn-type) complex 
alloys and investigated theirs corrosion resistance, corrosion  
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fatigue, and cytocompatibility. The Ti–15Zr–4Nb–4Ta–0.2Pd– 
0.2O–0.05N alloy exhibited a higher corrosion resistance in 
physiological saline solution. The addition of 0.02% O and 0.05% 
N to Ti–Zr-type alloy improved the mechanical properties at room 
temperature and corrosion fatigue strength [36]. The comparison of 
various Ti-alloys on the relative growth ratio of L929 and MC3T3-
E1 cells is shown in Fig. 5.8. The relative growth ratio of L929 
and MC3T3-E1 cells for the Ti-Zr and Ti-Sn-type alloys are nearly 
equal to 1 and are slightly higher than those of pure Ti grade 2 and  
Ti–6Al–4V alloy. The effect of the metallic ions released from these 
alloys on the relative growth ratios of L929 and MC3T3-E1 cells is 
shown too (Fig. 5.8b). The relative growth ratios are similar to those 
of the alloys for both L929 and MC3T3-E1 cells [36].

Figure 5.8 Cytocompatibility on the various Ti alloy plates (a) and 
cytocompatibility of alloy blocks extraction with Eagle’s MEM 
for L929 cells and ultra pure water for MC3T3-E1 cells (b) 
[36].
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 Lopez et al. [29] investigated corrosion behavior (in Hank’s 
solution consisting 8 g/L NaCl, 1 g/L glucose, 0.4 g/L KCl, 0.35 
g/L NaHCO3, 0.14 g/L CaCl2, 0.1 g/L MgCl2 · 6H2O, 0.06 g/L 
Na2HPO4 · 2H2O, 0.06 g/L KH2PO4 and 0.06 g/L MgSO4 · 7H2O) of 
three V-free Ti alloys: Ti–7Nb–6Al, Ti–13Nb–13Zr, and Ti–15Zr–
4Nb. The presence of Nb in all alloys stabilizes the β phase. The 
Ti–13Nb–13Zr sample is richer in β phase than Ti–7Nb–6Al and 
Ti–15Zr–4Nb alloys. The Ti–13Nb–13Zr and Ti–15Zr–4Nb have very 
low passivation current densities, lower than those of the Ti–7Nb–
6Al as well as Ti–6Al–4V, and these materials exhibit an excellent 
resistance to pitting corrosion [29]. In the Ti alloys, Al and Zr form 
stable protective passive layers. The higher concentration of Zr in 
the passive layer of the Zr-containing alloys, measured by Lopez  
et al. [29], as compared with the Al concentration in the passive layer 
of Ti–7Nb–6Al, explain the lower current densities observed in the 
ϐirst case.
 The thermal oxidation of the Ti–6Al–4V alloy was found to 
produce corrosion and wear resistant surface layers [9]. Oxide 
thickness and oxygen diffusion zone depth steadily increases with 
increasing oxidation temperature and time (Fig. 5.9). Oxide layers 
are composed from anatase and rutile. Additional signiϐicant increase 
in the surface hardness (from 3500 to 9000 HV) was achieved 
due to formation of a hard oxide layer and an oxygen diffusion  
zone [26]. Oxidation at 600°C for 60 h produced the most corrosion 
and corrosion-wear resistant surface (in 5M HCl, 0.9% NaCl, 
respectively) of the Ti–6Al–4V alloy.

Figure 5.9 The effect of oxidation time and temperature on thickness of 
OL (oxide layer) and ODZ (oxygen diffusion zone) [26].
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 Kahan et al. [25] investigated the wear of the Ti-alloys in the 
presence of corrosive environments. The Ti–13Nb–13Zr alloy is 
more corrosion resistant than Ti–6Al–7Nb and Ti–6Al–4V whereas 
in the presence of protein, the corrosion resistance of Ti–13Nb–13Zr 
and Ti–6Al–7Nb is reduced with respect to Ti–6Al–4V [25]. In the 
presence of the corrosion and wear, the corrosion resistance of Ti–
13Nb–13Zr is higher than Ti–6Al–7Nb or Ti–6Al–4V in phosphate-
buffered-saline. In the presence of proteins, the corrosion resistance 
of Ti–13Nb–13Zr and Ti–6Al–7Nb is higher than that of Ti–6Al–4V 
[25]. The wear of Ti–13Nb–13Zr is lower than that of Ti–6Al–7Nb 
and Ti–6Al–4V with or without the presence of proteins in a corrosive 
environment and hence overall degradation when both corrosion 
and wear processes occurs is lowest for Ti–13Nb–13Zr and highest 
for Ti–6Al–4V. The presence of proteins reduces the degradation 
of all three alloys [25]. The increased corrosion resistance of the  
Ti–13Nb–13Zr is due to the fact that Nb and Zr are less soluble than 
Al and V, and that the passive oxide layer on the surface of the alloy is 
more inert, because it consists of surface rutile structure [4, 25, 43].
 The toxic effect of Ni on the tissue in the Ti-alloys (with Ni) can 
be reduced by anodization [47]. Anodization of Ni–Ti alloy in acetic 
acid improves corrosion resistance in Hanks’ solution with respect 
to untreated NiTi (Fig. 5.10). The Ni/Ti atomic ratio at the surface is 
very much reduced after anodization, with a value of 0.04 versus that  

Figure 5.10 Cyclic polarization curves of bare NiTi and anodized NiTi; 
Hank’s solution at pH = 7.4 and 37°C [47].
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of 0.30 for bare Ni–Ti [47]. Rondelli and Vicentini [38] investigated 
the Ni–Ti dental wires in artiϐicial saliva (Fig. 5.11). The Ni–Ti alloy 
has a wide passive range that extends up to very high potentials, and 
absence of hysteresis loop, which indicate high resistance to pitting 
corrosion. For comparison, for the cobalt alloy no pitting occurs at 
very high potential, whereas the stainless steel exhibited pitting of 
about 400 mV versus SCE (Fig. 5.11). The Ti–Ni alloys have sufϐicient 
resistance against pitting corrosion, comparable to the cobalt-based 
alloy, and much higher than the stainless steel wire [38]. 

Figure 5.11 Potentiodynamic tests of orthodontic wires in artiϐicial saliva 
at 40°C [38].

 Preparation of Ti-alloys with highly cathodic elements, such as 
Ag, Pt, and Pd could improve corrosion resistance of the implant 
alloys. Shim et al. [48] and Zhang et al. [57] reported that Ti–Ag 
alloys have better corrosion resistance than that of pure titanium 
and they predicted that Ti–Ag alloys are less sensitive to ϐluoride 
ions, which is extremely important in dental implant applications. 
Zhang et al. [57] investigated the corrosion behavior of the Ti–Ag 
alloys in artiϐicial saliva with ϐluoride ions. Figure 5.12 shows the 
potentiodynamic polarization curves of the commercially pure 
Ti (CP Ti) and the Ti–Ag alloys in the artiϐicial saliva solutions. In 
the ϐluoride-free solution (Fig. 5.12a), both CP Ti and the Ti–Ag 
alloys show passivation behavior without obvious active–passive 
transition. The passivation and corrosion current density are lower 
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for Ti–Ag alloy with comparison to the CP Ti [57]. In the solution 
containing 0.2% NaF (Fig. 5.12b), the corrosion potential of both CP 
Ti and Ti–Ag decreases and the passivation current and corrosion 
current densities increases, with respect to the ϐluoride-free 
solution. These imply a reduced corrosion resistance. In comparison 
with CP Ti, the Ti–Ag alloys exhibit better corrosion resistance in 
ϐluoride containing solution too [57]. The pure Ti exhibit active–
passive transition pass in the ϐluoride-containing solution. The 
presence of F− in the solution retards the formation of passive ϐilm 
on the surface of the Ti. The summarized corrosion parameters of 
the CP Ti and Ti–Ag alloys, indicating higher corrosion resistance 
of the Ti–Ag in artiϐicial saliva are presented in Table 5.2 [57]. In  
the ϐluoride solution, Na2TiF6 or Ti F 6  2−  is formed, both of which 
are more stable than TiO2, but unfortunately, they do not exhibit 
protective, and the corrosion resistance of the Ti alloys decrease in a 
ϐluoride-containing solution [2, 57].

 
Figure 5.12 Potentiodynamic polarization curves of commercially pure Ti 

and Ti–Ag alloys in artiϐicial saliva solutions [57].
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Table 5.2 Corrosion parameters of pure Ti and Ti–Ag alloys in artiϐicial 
saliva without/with 0.2% NaF [57]

Artiϐicial saliva Material Rp (Ω ⋅ cm2) Ecorr (mV) Icorr (μA ⋅ cm–2)
Without NaF CP Ti 13,903 ± 6102 –68 ± 36 2.11 ± 0.88

Ti–7Ag 107,210 ± 62370 –87 ± 33 0.33 ± 0.16
Ti–10Ag 103,639 ± 38661 –143 ± 7 0.29 ± 0.99

With NaF CP Ti 334 ± 14 –980 ± 24 78 ± 4
Ti–7Ag 535 ± 79 –870 ± 50 46 ± 22
Ti–10Ag 540 ± 120 –830 ± 80 73 ± 5

 Schiff et al. [44] compared the Ni–Ti, Ni–Ti–Co, and Ti–6Al–4V 
alloys with the titanium, regarding the corrosion resistance in 
Fusayama-Meyer artiϐicial saliva (0.4 g/L KCl, 0.4 g/L NaCl, 0.906 
g/L CaCl2 ⋅ 2H2O, 0.690 g/L NaH2PO4 ⋅ 2H2O, 0.005 g/L Na2S ⋅ 9H2O, 
1 g/L Urea). For the pure titanium and Ti–6Al–4V, corrosion 
resistance decreases with medium changes: acidiϐied, ϐluoridated, 
or ϐluoridated–acidiϐied (Table 5.3, Fig. 5.13, Fig. 5.14) [44]. For the 
Ni–Ti and Ni–Ti–Co alloys, the corrosion current density obtained 
in Fusayama-Meyer saliva, ϐluoridated saliva, and acidiϐied saliva 
media is higher which indicated their lower corrosion resistance 
[44]. For that reason, patients with dental prosthetic reconstructions 
or titanium implants should not use ϐluoridated tooth gels. The 
corrosion rate in ϐluoridated environments of the Ti–6Al–4V is 
similar to the Ti. The corrosion resistance of Ni–Ti and Ni–Ti–Co is 
lower, especially in neutral and acid saliva environments [44]. 
 The implant surface, after contact with much more aggressive 
ϐluoridated–acidiϐied saliva medium is characterized by localized 
pitting (Fig. 5.15) [44], whereas in normal pH medium pitting does 
not occur.

Table 5.3 Densities of corrosion currents values (10–6 A ⋅ cm–2) of the 
samples in different media determined by the Stern-Geary 
method [44]

Icorr (10–6 A ⋅ cm–2) Ti grade 2 Ti–6Al–4V Ni–Ti Ni–Ti–Co

Fusayama Meyer saliva 1 ± 0.2 1.5 ± 0.2 20 ± 2 15 ± 2
Acidiϐied saliva 3 ± 0.3 3.5 ± 0.3 45 ± 4 30 ± 3
Fluoridated saliva 10.5 ± 2 9 ± 0.2 50 ± 5 60 ± 5
Fluoridated-acidiϐied 
saliva

500 ± 55 480 ± 50 250 ± 30 300 ± 25
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Figure 5.13 Polarization curves for Ti in different media [44].

Figure 5.14 Polarization curves for Ti–6Al–4V alloy in different media [44].

Figure 5.15 SEM image (×1000) of Ni–Ti Sentalloy after corrosion test in 
ϐluoridated–acidiϐied saliva [44].
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 The inϐluence of ϐluoride and chloride ions on the corrosion 
behavior of Ni–Ti orthodontic wires was studied by Li et al. [28]. The 
results indicates that Ni–Ti alloy is primarily susceptible to localized 
corrosion when exposed to a solution containing chloride, while 
it is susceptible to general corrosion when subjected to a solution 
containing ϐluoride. 
 The effects of chloride and ϐluoride on NiTi wires are listed in 
Table 5.4. Ni–Ti orthodontic wires exhibit better behavior in chloride 
than ϐluoride solution. Ni–Ti in ϐluoride solutions does not passivate 
due to the large magnitude of the anodic current density. Ni–Ti 
orthodontic wires are susceptible to pitting corrosion in chloride 
solutions. The combination of ϐluoride and chloride signiϐicantly 
deteriorate the corrosion resistance of Ni–Ti alloys, with comparison 
to those in individual ϐluoride or chloride solutions [28].

Table 5.4 Results of potentiodynamic measurements of NiTi alloy in 
solutions [28]

Solution 
type

Concentration

(mol L–1)

Ecorr 

(mV/CE)

Icorr 

(μA cm–2)

Ipassive 

(μA cm–2)
NaF 0.0238 –430 (18) 96.5 (30) 1.865 (0.396) × 103

0.0476 –442 (20) 162 (22) 5.227 (0.116) × 103

0.0714 –428 (36) 160 (18) 8.080 (0.453) × 103

0.1538 –439 (36) 215 (13) 16.27 (0.907) × 103

NaCl 0.0238 –171 (37) 0.026 (0.014) 0.623 (0.339)
0.0476 –106 (27) 0.049 (0.007) 0.940 (0.142)
0.0714 –105 (925) 0.013 (0.003) 0.520 (0.075)
0.1538 –161 (3) 0.035 (0.005) 0.353 (0.083)

NaF +  
NaCl

0.0119 NaF + 
0.0119 NaCl

–235 (9) 2.1 (1.4) 185 (978)

0.0238 NaF + 
0.0238 NaCl

–390 (11) 84.1 (24.4) 3.38 (1.252) × 103

0.0714 NaF + 
0.0714 NaCl

–448 (11) 140 (33) 14.79 (8.287) × 103

Note: Standard deviations are given in parentheses.

 The surface morphology after the cyclic polarization test in the 
mixed solutions containing 0.0714 mol/L NaF and 0.0714 mol/L 
NaCl indicated, that both pitting and general (uniform) corrosion 
occurs (Fig. 5.16) [28].
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 Increase of ϐluoride concentration drastically deteriorates the 
corrosion resistance and dissolution rate signiϐicantly increases 
(Fig. 5.17) [2]. Fluoride was found to dramatically increase the 
corrosion current above a critical concentration of about 0.5 mM.

Figure 5.16 SEM images of NiTi wires in mixed solution of chloride and 
ϐluoride: (a) low magniϐication and (b) high magniϐication 
[28].

Figure 5.17 Effect of ϐluoride concentration on the dissolution rate of 
Ti Grade 7 after potentiostatic polarization at 0 V SCE for  
453 h (deaerated, 1M NaCl at 95°C) [2].

 Brossia and Cragnolino added Pd (0.155%) to Ti [2]. Pd additions 
increase the pitting and repassivation potentials in chloride 
solutions, but Pd did signiϐicantly affect the localized corrosion 
resistance of Ti. It was found that the Pd addition did not mitigate 
the deleterious effects of ϐluoride [2]. However, Nakagawa et al. 
[31] reported that the Pt or Pd introduced to the Ti-alloy improves  
the corrosion resistance of titanium in ϐluoride solutions. They 
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measured corrosion properties of Ti alloys consisting 0.1–2 wt% Pt 
and Pd in artiϐicial saliva containing 0.2% NaF (corresponding to 905 
ppm F). The addition of over 0.5% Pt or Pd to Ti results in formation 
of a passive ϐilm on the Ti surface and hence high corrosion resistance 
in the Ti–Pt or Ti–Pd alloys [20].
 During anodization of the Ti or its alloys, nanotubes (see  
Chapter 9) are often formed. The nanotubes formed in the 
anodization of Ti-based materials are a possible material for 
dental application and are investigated with respect to corrosion 
resistance too. For example, anodization of the Ti–Nb alloys results 
in the formation of oxide nanotubes with diameters range from  
55 nm to 220 nm and lengths range from 730 nm to 2 μm [20]. These 
nanotubes show interesting corrosion properties (Fig. 5.18) [37]. 
The corrosion current density, for the non-anodized alloy (Fig. 5.18a) 
decreases with increasing Nb content. The lowest Icorr occur for the 
Ti–40Nb alloy. The increase of corrosion resistance with Nb content 
is attributed to rapid formation of a passive mixed TiO2 and Nb2O5 
ϐilm of a few nanometers thick on the Ti-Nb alloy surface. Anodic 
current rises in a transpassive region, indicates pitting corrosion, 
due to a breakdown of the TiO2 and Nb2O5 ϐilm. Ti–xNb alloys 
with the oxide nanotubes on the surface (Fig. 5.18b) show lower 
corrosion resistance, than for the non-anodized alloys. It is seen that 
Ecorr is lower and Icorr is higher for the Ti–Nb alloys with the surface 
nanotubes. The passive range is wider for the alloys with nanotubes, 
which means that the mixed TiO2 and Nb2O5 ϐilm is stable.

Figure 5.18 Potentiodynamic polarization curves of Ti–xNb alloys 
immersed in aqueous 0.9% NaCl solution at 36.5 ± 1°C:  
(a) non-anodized alloy and (b) anodized alloy [20]. See also 
Color Insert.
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 Raja et al. [37] in Ti anodization experiments found that  
addition of ϐluoride ions results in the corrosion potential to be 
more negative and the current density increases in the passive 
range. The critical passivation current density increases orders of 
magnitude with comparison to NaCl solution. Figure 5.19 shows 
sequence of oxide ϐilm formation during anodic polarization [37]. 
Dissolution of Ti metal occurs at free corrosion potential and 
a reprecipitated salt ϐilm is seen (a) till the critical passivation 
current density reaches (peak position). At this peak position, the 
Ti is maximally attacked and no external layer is formed (b). When 
the current decreases, a thin oxide layer covers the attacked grain 
facets (c) and further increase of potential results in nucleation of  
another layer of oxide over previous one is observed (d).

Figure 5.19 Stages of oxide ϐilm formation during polarization of Ti in  
acid ϐluoride solution. (a) A thick defective re-precipitated 
layer on the surface, (b) at the critical peak current density no 
visible ϐilm could be observed, (c) a thin ϐilm formed (inner-
barrier layer) immediately after reaching critical current 
density for passivation, increases in potential resulting in 
nucleation of secondary (outer) oxide layer and (d) growth of 
outer oxide layer [49].

 The surface treatment (not only anodic oxidation) is mainly 
responsible for the good corrosion resistance. For example, the 
effect of the laser surface remelting on corrosion resistance and 
pitting potential of pure titanium was investigated by Sun et al. 
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[49]. The laser surface remelting process results in suppressing of 
the pitting corrosion. The improved pitting corrosion resistance is 
related with microstructural changes caused by rapid solidiϐication 
after laser remelting. Figure 5.20 shows an example of a single-
track cross section of the laser remelted zone. Material after laser 
treatment consists of remelted zone (white), where remelting and 
resolidiϐication occurs, and heat affected zone (light colored semi-
circular) where heating and cooling process occurs without melting 
[49]. The width of the remelting zone depends from the laser  
scanning speed and was kept in the range of 1.7–2.0 mm. The Ti 
surface after laser remelting is shown in Fig. 5.21 [49]. The surface 
is relatively ϐlat and the structure of the remelted zone is formed 
mainly by the martensitic phase. The corrosion test indicates an 
improvement of the corrosion resistance, especially pitting corrosion 
achieved by Nd-YAG laser Ti surface remelting.

Figure 5.20 Cross section of a laser surface remelted zone [49].

Figure 5.21 Surface after laser remelting [49].
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 Garbacz et al. [7] investigated the corrosion resistance of pure 
nano-Ti grade 2 after hydrostatic extrusion. They found that the grain 
size of the titanium substrate did not inϐluence the thickness of oxide 
formed on the titanium. Passive oxide layers formed on the surface of 
coarse-grained Ti (CG Ti) and nano-grained Ti (NG Ti) had thickness 
of about 6 nm in both cases, and the same chemical composition. NG 
Ti shows slightly lower corrosion resistance in 0.9% NaCl solution 
with respect to CG Ti (Table 5.5). 

Table 5.5 Speciϐication of corrosion potentials values (Ecorr) and 
corrosion currents density (Icorr) for CG and NC Ti [7]

Ni-type Ecorr (mV) Icorr (A cm–2)
CG Ti –152 18
NG Ti –158 41

5.2 Corrosion of the Ti-Based Porous Materials

Porous metallic materials are attractive for biomedical applications, 
for example in dental or orthopedic hard tissue implants. The 
main problem of these materials is the relatively poor corrosion 
resistance, due to the rough surface. The corrosion resistance of 
porous titanium and its alloys in simulated body ϐluid is signiϐicantly 
lower than that of bulk counterparts [1, 8, 42], but the surface is 
attractive for osseointegration.
 Jakubowicz investigated corrosion resistance of the oxidized 
porous Ti in Ringer’s electrolyte, corresponding to human bio-
environments (NaCl, 9g/L; KCl, 0.42 g/L; CaCl2, 0.48 g/L; NaHCO3, 
0.2 g/L) [14]. Figure 5.22 presents potentiodynamic curves for  
pure Ti (a) and TiOx (b), which characterize corrosion behavior of 
the materials with native and anodic oxides, respectively. 
 Polarization curves of both, pure Ti with native oxide (a) and 
Ti foil with porous oxide (b), prepared by electrochemical etching, 
shows good corrosion resistance, but it is evidence, that porous TiOx 
layer results in signiϐicant increase of the corrosion resistance, with 
respect to pure Ti. The corrosion current for pure Ti is higher than 
for porous TiOx. For porous TiOx, a shift in the corrosion potential to 
the more negative values is observed . The lower corrosion current 
corresponds to better corrosion resistance of the TiOx than pure 
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Ti, which is extremely important in biomaterials applications. The 
porous TiOx has wide passive range (plateau on the polarization 
curve). This passive range suggests that the surface oxides are 
stable and no pitting occurs. The current density value in the 
passive range is almost the same in both cases. For pure Ti at higher 
positive potentials, a transpassivation and transformation of oxide 
into soluble salt is observed, which results in fast metal dissolution 
(a). This behavior was not observed for the porous TiOx (b) and the 
surface layer protect material against dissolution.

Figure 5.22 Potentiodynamic corrosion curves for pure Ti (a) and porous 
TiOx layer (b) in Ringer’s electrolyte [14]. 

 The Ti-glass or Ti-HA bionanocomposites are a new class of 
biomaterials, with interesting mechanical and biomedical properties, 
prepared by Niespodziana et al. [33, 34]. The corrosion properties of 
the Ti-glass (45S5-Bioglass) were potentiodynamically investigated 
in Ringer’s solution by Jakubowicz et al. [16] (Fig. 5.23). After 
electrochemical etching, the surface of Ti-glass nanocomposites has 
a slightly better corrosion resistance (b) than the parent not etched 
sample (a). The corrosion current density, estimated from the Tafel 
extrapolation, of the nanocomposite before and after electrochemical 
treatment is 5.1 × 10–6 A/cm2 and 1.87 × 10–6 A/cm2, respectively. 
The lower corrosion current density indicates better corrosion 
resistance and lower corrosion rate. The surface after etching is 
covered by thicker oxide, than samples not etched with native oxide. 
These anodic oxides provide better corrosion resistance of the 
electrochemically treated Ti-45S5 bionanocomposites [16].
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Figure 5.23 Potentiodynamic corrosion curves for ϐlat Ti-45S5 (a) and 
porous Ti-45S5 (b) nanocomposites, etched in 1M H3PO4 + 
2% HF at 10 V for 30 min [16].

 Another example of the porous nanomaterial is Ti–6Al–4V 
alloy prepared by mechanical alloying and powder metallurgical 
processes [15]. Jakubowicz and Adamek investigated corrosion 
resistance of the nanocrystalline Ti–6Al–4V alloy before and after 
anodic oxidation [15]. They compared the results to microcrystalline 
counterpart. The corrosion resistance was investigated in simulated 
body ϐluids using potentiodynamic method (Fig. 5.24, Table 5.6). The 
results are surprising, because the authors expected improvement 
of the corrosion resistance due to the anodic oxidation, as was in the 
case of pure porous Ti [14]. The polarization curves clearly shows, 
that the lowest corrosion current has microcrystalline bulk alloy 
(curve a). Etching of this sample results in increasing the corrosion 
current (curve b). Corrosion resistance of the nanocrystalline 
alloy (curve c) is signiϐicantly lower than the microcrystalline bulk 
counterpart. After nanoparticles sintering, the sample has large 
volume of the grain boundaries and density of about 90% of the 
theoretical value, which means that the alloy has some pores inside, 
which is normal after sintering. This structure and larger volume 
of the grain boundaries are responsible for the total current ϐlow 
during the corrosion test, different than for the bulk microcrystalline 
sample. After additional electrochemical treatment, the sample is 
etched through the grain boundaries, and anodic pores formation 
take place. The density decreases to 80% of the theoretical value, 
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but surface of the grains/pores is covered by anodic oxide, resulting 
in corrosion current (curve d) almost of one order of magnitude 
smaller, than for the unetched sample (Table 5.6) [15].

Figure 5.24 Corrosion polarization curves for Ti–6Al–4V: bulk 
microcrystalline (a), bulk microcrystalline electrochemically 
etched (b), nanocrystalline (c), nanocrystalline and electro-
chemically etched (d) [15].

Table 5.6 Corrosion current Ic and corrosion potential Ec for the Ti– 
6Al–4V [15]

Sample Ic (A/cm2) Ec (V)

Ti–6Al–4V — bulk microcrystalline not 
etched

4.30 × 10–8 –0.66

Ti–6Al–4V — bulk microcrystalline 
electrochemically etched

1.82 × 10–7 –0.45

Ti–6Al–4V — nanocrystalline not etched 1.05 × 10–5 –0.59

Ti–6Al–4V — nanocrystalline 
electrochemically etched

 4.28 × 10–6 –0.36

 Due to toxicity of V and Al, new alloys without these elements 
are desirable, which provide properties accurate for hard tissue 
implants. The new V-free Ti–35Nb–5Ta–7Zr alloy anodized in H3PO4 
+ NaF which results in nanotubes and nanoporous oxide formation 
[40]. Saji et al. investigated theirs corrosion resistance (Fig. 5.25, 
Table 5.7) [40]. 
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Figure 5.25 Potentiodynamic polarization curves of Ti–35Nb–5Ta–7Zr 
alloy in deaerated Ringer’s solution at 37 ± 1°C: (A) bare, (B) 
nanoporous, and (C) nanotubular alloy [40]. See also Color 
Insert.

Table 5.7 Corrosion parameters from polarization plots [40]

Sample Ecorr (V) Icorr (μA cm–2) Ipass (μA cm–2)

Bare –0.805 0.87 18.14

Nanoporous –0.728 0.76 8.68
Nanotubular –0.754 3.12 12.57

 Nanoporous anodized layer signiϐicantly improved the corrosion 
resistance of the bare alloy. The nanotubular surface exhibits 
passivation behavior similar to the nanoporous surface. The 
passive region I extended over a wide potential range for both the 
nanoporous and nanotubular alloy (Fig. 5.25). The bare alloy shows 
a steady passivation (region II). The current density corresponding 
to the passivation region (Ipass) for both the nanoporous and 
nanotubular alloy was nobler than for the bare alloy, but the 
nanotubular alloy exhibited signiϐicantly higher corrosion current 
density (Icorr) values. The nanoporous surface consist perfectly 
passive pits due to the higher barrier oxide thickness and compact 
pore walls [40]. For the nanotubular surface, the tubes may act as 
the more effective channels for the electrolyte to reach the interface. 
The lower corrosion resistance of the nanotubular alloy surface may 
be associated with the concave shaped tube bottom and the distinctly 
separated tube bottom/barrier oxide interface [40].

Corrosion of the Ti-Based Porous Materials
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5.3 Corrosion of the Hydroxyapatite  
Ti-Coated Compounds

Hydroxyapatite layers deposited on the Ti implant improve process 
of the osseointegration and should keep or improve high corrosion 
resistance of the applied metallic background. 
 Jakubowicz et al. investigated corrosion resistance of the hydro-
xyapatite (HA) electrochemically deposited on different Ti-based 
materials: micro-Ti [17], Ti-45S5 nanocomposites [19], and micro-/
nanocrystalline Ti–6Al–4V alloys [18]. For the HA deposition process, 
they applied two different types of electrolytes. The source of Ca and 
P states: 0.1M HCl + 0.005M HA and 0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl electrolytes (see chapter 9). The corrosion 
resistance was investigated in Ringer’s solution [17–19].
 Corrosion potentiodynamic curves for Ti with HA deposits are 
shown in Fig. 5.26 and Fig. 5.27 and corrosion data are summarized 
in Table 5.8 [17]. 

Figure 5.26 Potentiodynamic corrosion curves for ϐlat Ti (a), porous Ti 
(b), ϐlat Ti with calcium-phosphates (c), and porous Ti with 
calcium-phosphates (d); (HA deposited using HA + HCl 
electrolyte) [17].

Figure 5.27 Potentiodynamic corrosion curves for ϐlat Ti (a) porous Ti 
(b) ϐlat Ti with calcium-phosphates (c) and porous Ti with 
calcium-phosphates (d); (HA deposited using Ca(NO3)2 
+ (NH4)2HPO4 + HCl electrolyte) [17].
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Table 5.8 Corrosion current Ic and corrosion potential Ec for the ϐlat not 
etched Ti, porous electrochemically etched Ti, and Ti both ϐlat 
and porous, with deposited calcium-phosphate (data taken 
from Figs. 5.26 and 5.27) [17]

Sample Ic (A/cm2) Ec (V) Figure

Ti — not etched 3.90 × 10–8 –0.46 5.26, 5.27 (a)

Ti — not etched with deposited Ca-P 
(0.1M HCl + 0.005M HA)

1.57 × 10–8 –0.66 5.26 (c)

Ti — not etched with deposited Ca-P 
(0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl)

3.92 × 10–8 –0.77 5.27 (c)

Ti — etched 2.52 × 10–8 –0.90 5.26, 5.27 (b)

Ti — etched with deposited Ca-P 
(0.1M HCl + 0.005M HA)

1.47 × 10–8 –0.86 5.26 (d)

Ti — etched with deposited Ca-P 
(0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl)

1.073 × 10–8 –0.25 5.27 (d)

 Corrosion current Ic for ϐlat and porous Ti is 3.9 × 10–8 A ⋅ cm–2  
and 2.52 × 10–8 A . cm–2, respectively. The anodization (pores 
formation) results in better corrosion resistance, due to the 
formed thick surface oxide. After HA deposition, the polarization 
curves signiϐicantly changes. The lowest corrosion current density  
1.073 × 10–8 A ⋅ cm–2 (best corrosion resistance) has material 
anodically etched (porous) with deposited Ca-P using 0.042M 
Ca(NO3)2 + 0.025M (NH4)2HPO4 + 0.1M HCl electrolyte. The  
anodically etched as well as anodically etched and HA deposited 
materials shows high resistance to pitting corrosion, too. These 
surfaces exhibit good passivation with extended passive range and 
lowest current in the passive range. Generally, the calcium-phosphate 
deposits enhance corrosion resistance, due to insulating behavior, 
with respect to surface without the Ca-P layer.
 In the work [19] Jakubowicz et al. investigated the corrosion 
resistance of the ϐlat, porous, and with Ca-P deposited [17–19]  
Ti-45S5 nanocomposites in Ringer’s solution, and the results are 
shown in Fig. 5.28, Fig. 5.29 and Table 5.9. 
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 The corrosion resistance increases (decreases the corrosion 
current) for the etched and with HA deposited nanocomposites, with 
respect to not etched materials. The best passivation (lowest current 
and wide plateau in the passive range) shows samples marked as 
c and d on both Figs. 5.28 and 5.29. These samples have ϐlat and 
porous surface covered with Ca-P, respectively. After corrosion test, a  
large part of the particles deposited on ϐlat surface was removed 
from the surface, which they were not observed on the porous 
nanocomposite [19].

Figure 5.28 Potentiodynamic corrosion curves for Ti-glass nano-
composites: ϐlat (a), porous (b), ϐlat with HA (c), porous with 
HA (d); (HA deposited using HA + HCl electrolyte) [19].

Figure 5.29 Potentiodynamic corrosion curves for Ti-glass nano-
composites: ϐlat (a), porous (b), ϐlat with HA (c), porous with 
HA (d); (HA deposited using Ca(NO3)2 + (NH4)2HPO4 + HCl 
electrolyte) [19].
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Table 5.9 Corrosion current Ic and corrosion potential Ec for the Ti-glass 
nanocomposites: ϐlat not etched, porous electrochemically 
etched, and both ϐlat and porous with deposited calcium-
phosphate (data taken from Figs. 5.28 and 5.29) [19]

Sample Ic (A/cm2) Ec (V) Figure

Ti-glass — not etched 5.10 × 10–6 –0.67 5.28a, 5.29a

Ti-glass — not etched with 
deposited HA
(0.1M HCl + 0.005M HA)

7.32 × 10–7 –0.8 5.28c

Ti-glass — not etched with 
deposited HA
(0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl)

2.33 × 10–7 –0.74 5.29c

Ti-glass — etched 30 min 1.86 × 10–6 –0.55 5.28b, 5.29b

Ti-glass — etched 30 min with 
deposited HA
(0.1M HCl + 0.005M HA)

7.46 × 10–7 –0.86 5.28d

Ti-glass — etched 30 min with 
deposited HA
(0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl)

1.87 × 10–6 –0.54 5.29d

 Jakubowicz et al. [18] also investigated the HA deposited on 
Ti–6Al–4V alloys. The corrosion properties of the ϐlat (not etched), 
porous and with HA deposited Ti–6Al–4V samples investigated 
in Ringer’s solution are shown in Fig. 5.30 and Table 5.10 [18]. 
Figure 5.30 shows examples polarization curves for micro and 
nanocrystalline materials with deposited HA layer (see chapter 9). 
The differences in corrosion properties are clearly visible (curves 
a, c with comparison to b, d). The microcrystalline materials have 
lower both corrosion current density and current density in the 
passive range, with comparison to nanocrystalline materials. Best 
corrosion resistance after electrochemical etching shows Ti (Ic = 
2.52 × 10–8 A/cm2). 

Corrosion of the Hydroxyapatite Ti-Coated Compounds



136 Corrosion of the Metallic Biomaterials and Implants

Figure 5.30 Polarization curves of microcrystalline Ti (a), Ti-
45S5 nanocomposite (b), microcrystalline Ti–6Al–4V 
(c), nanocrystalline Ti–6Al–4V (d); all materials after 
electrochemical etching and HA deposition using 0.042M 
Ca(NO3)2 + 0.025M (NH4)2HPO4 + 0.1M HCl electrolyte [18].

Table 5.10 Corrosion current Ic and corrosion potential Ec for the micro- 
and nanocrystalline Ti–6Al–4V: ϐlat not etched, porous 
electrochemically etched, and both ϐlat and porous with 
deposited hydroxyapatite (HA) [18]

Sample Ic (A/cm2) Ec (V)

Ti–6Al–4V — microcrystalline not etched 4.30 × 10–8 –0.66

Ti–6Al–4V — microcrystalline etched 1.82 × 10–7 –0.45

Ti–6Al–4V — microcrystalline etched with 
deposited HA (HCl + HA)

1.50 × 10–9 –0.48

Ti–6Al–4V — microcrystalline etched with 
deposited HA (Ca(NO3)2 + (NH4)2HPO4 + M HCl)

3.83 × 10–8 –0.53

Ti–6Al–4V — nanocrystalline not etched 1.05 × 10–5 –0.59

Ti–6Al–4V — nanocrystalline etched  4.28 × 10–6 –0.36

Ti–6Al–4V — nanocrystalline etched with 
deposited HA (HCl + HA)

1.13 × 10–5 –0.51

Ti–6Al–4V — nanocrystalline etched with 
deposited HA (Ca(NO3)2 + (NH4)2HPO4 + HCl)

2.47 × 10–5 –0.85

 After additional deposition of HA layer (HA + HCl electrolyte), 
best corrosion resistance shows Ti–6Al–4V (Ic = 1.5 × 10–9 A/cm2) 
[18]. Nanocrystalline Ti–6Al–4V, although is easily etched during 
anodization resulting in largest pores, in corrosion tests shows 
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lowest corrosion resistance (slightly improved by anodic oxidation 
with respect to the parent not etched nanocrystalline alloy). 
HA deposition on nanocrystalline Ti–6Al–4V does not improve 
corrosion resistance as was in the case of the rest materials [18]. 
Generally, worse corrosion resistance estimated by electrochemical 
method, shows nanocrystalline materials, especially Ti–6Al–4V. This 
behavior is related with large grain boundaries volume fraction. The 
grains boundaries state an easy way for the electrolyte penetration, 
which is useful during pores formation, but unfortunately highly 
unexpected during corrosion tests. The HA deposition improve the 
corrosion resistance for both types of electrolytes [18].
 The corrosion resistance of the Ti–6Al–4V alloy after calcium 
ion implantation was examined by Krupa et al. [26]. The anodic 
polarization curves (in SBF) for the non-implanted and calcium ion 
implanted Ti–6Al–4V alloys are shown in Fig. 5.31. The increase 
of the anodic current density observed in the implanted samples 
when the potential exceeds about 1900 mV, suggests the pitting 
corrosion.

Figure 5.31 Anodic polarization curves for a non-implanted and calcium 
implanted Ti–6Al–4V alloy after various times of exposure in 
SBF: (1) non-implanted (13 h), (2) non-implanted (733 h), (3) 
calcium-implanted (13 h), (4) calcium-implanted (181 h) and 
(5) calcium-implanted (733 h) [26].

 The results obtained for the Ti–6Al–4V alloy implanted to a 
level of 1017 Ca+/cm2 indicate that the calcium ion implantation 
affects the corrosion resistance of the alloy. The calcium ion 
implantation increases the corrosion resistance of the Ti–6Al–4V 
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alloy, but unfortunately these implanted alloys underwent pitting 
corrosion [26]. This pitting corrosion is attributed to the reduced 
oxygen content at the interface between the passive layer and the 
implanted layer [45, 46]. The implanted ions act as a barrier to  
the diffusion of oxygen. The change of the corrosion resistance of 
the calcium-implanted Ti–6Al–4V alloy after long-term exposure 
into SBF is related with formation of calcium phosphates. The Ca-P 
precipitations are more numerous after longer exposures (Fig. 5.32), 
and the precipitated layer is continuous. The Ca/P ratio in the 
precipitations on the implanted surface after the exposure for 
720 h was about 1.66, which suggests hydroxyapatite formation. 
Implantation of the calcium ions deϐinitely enhances the calcium-
phosphate precipitation.

Figure 5.32 Surface of the Ti–6Al–4V alloy implanted with a 1 × 1017 Ca+/
cm2 after exposure in SBF: (A) 168 h and (B) 720 h [26].

5.4 Corrosion of the Other Dental Materials

In medicine, the stainless steels which are typically used contain  
17–20% Cr, 13–15% Ni, 2–3% Mo, and small amounts of other 
elements. Cr is the element responsible for the high passivation 
ability of these alloys. An increase in Cr and Mo content leads to 
an increase in the resistance against localized corrosion. Although 
the main problem is related with Ni, it is commonly added as 
the austenite forming element, but unfortunately, highly toxic 
for the human. The other Co-Cr-type alloys have high corrosion  
resistance [53]. The Co–Cr alloys are superior to stainless steel, both 
in fatigue and wear resistance. In all Cr-containing alloys, Cr2O3 
forms on the surface acting as a corrosion protective layer.
 Taher and Al Jabab [50] investigated the galvanic corrosion 
behavior of a different commercial dental alloys (Table 5.11) coupled 
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with Ti implant. Galvanic corrosion is present and signiϐicant when 
the different alloys are in direct contact within the oral cavity or 
tissue environments. The combination of Ti together with metals 
with lower passivity can results in galvanic corrosion, whereas Ti 
combine together with higher resistant metal result in a passive 
coupling being formed. The current ϐlow in the formed corrosion 
cell at the metals contact interface could lead to bone destruction. 
The coupled alloys should have the minimum potential differences  
(Fig. 5.1) which minimize the galvanic corrosion rate at the metal 
joint [21].

Table 5.11 Composition and manufacture of coupled alloy [50]

Alloy Code Trade name Manufacturer
Composition 
(wt%)

Co–Cr R2000 Remanium 
2000

Dentaurum, 
Germany 

61% Co, 25% 
Cr, 7% Mo, 5% 
W, 1.5% Si 

Co–Cr R800 Remanium 800 Dentaurum, 
Germany 

63.5% Co, 
30% Cr, 5% 
Mo, 1% Si

Ni–Cr RCS Remanium CS Dentaurum, 
Germany 

61% Ni, 26% 
Cr, 11% Mo, 
1.5% Si, <1% 
Fe, Ce, Al

Ag–Pd Jel Jelstar Jelenko, USA 60% Pd, 28% 
Ag, 6% Sn, 
6% In

Au Pont Pontallor-4 Degussa, 
Germany

40% Au, 7.9% 
Pd, 35% Ag, 
7% Cu, 2% Sn, 
2% Ir, 
5% In, 3.5% 
Zn

Ternary  
titanium

Ter Ti Experimental 60% Ti, 10% 
Ag, 30% Cu

Endossseous 
Ti implant 
healing 
abutment  
(SCPB-010)

SSTi Rematitan Dentaurum, 
Germany

0.12% O, 
0.05% N, 
0.06% C, 
0.013% H, rest 
Ti; (vol %)

Amalgam Amalg Dispersalloy J&J, Ireland 34.8% Ag, 
8.9% Sn, 5.9% 
Cu, 0.3% Zn, 
50% Hg

Corrosion of the Other Dental Materials
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 The results obtained by Taher and Al Jabab (Table 5.12) indicates 
that Jelstar and Pontallor-4 alloys acts as the cathode in the coupling 
with Ti, which means that the Ti is anode and undergoes corrosion. 
For other materials, the Ti acts as the cathode [50]. The galvanic 
current measured between anode and cathode materials represents 
the ability to corrosion of the anode contacting with the cathode. 
The couples which generate the lowest current density value  
(Table 5.12) states the best materials for the implant joint. From the 
all investigated by them alloys, the Pontallor-4 (Au alloy) states an 
excellent couple with the Ti implant, whereas Jelstar (Pd-Ag alloy) 
shows acceptable corrosion behavior with Ti contact [50]. R800 
and R2000 have acceptable galvanic corrosion with Ti contact. The 
RCS and SSTi shows unstable corrosion behavior, whereas Amalgam 
shows highest galvanic corrosion, when is coupled with Ti [50].

Table 5.12 The mean values of mixed potential, galvanic current density 
and integrated current density during the last 6 h for all  
Ti/alloy couples [50]

Couple Count
Mixed potential 
(mV/SCE)

Galvanic 
current  
(μA/cm2)

Current 
integration 
during the last  
6 h (μA/cm2)

Ti/Jelstar 3  66.8  0.00  34.4
Ti/Pontallor-4 3  1.7  0.00  –86.2
Ti/R2000 3 –107.1 –0.02  –95.5
Ti/R800 3  –27.4 –0.01  –205.4
Ti/RCS 3  –31 –0.02  –350.3
Ti/Ter Ti 3  –21.1 –0.01  –170.5
Ti/SSTi 3  –184.6 –0.04  –873.5
Ti/amalgam 3  –109.9 –0.08 –1127

 To improve corrosion resistance of the stainless steel, the 
bioactive glass (CaO–SiO2–P2O5) coating was successfully applied 
on the 316L substrate by sol–gel technique [5]. The size of the 
used bioactive glass powder was less than 100 nm [5], and ϐinally 
deposited layer with 10–20 μm thickness is shown in Fig. 5.33. The 
coating strictly adheres to the surface. The corrosion parameters of 
the 316L steel, with and without coating are shown in Tables 5.13 
and 5.14 in normal saline solution and Ringer’s solution, respectively 
[5]. Bioactive glass coating improve the corrosion resistance of the  
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316L steel and additionally, the bioactive glass coated 316L show 
more pitting corrosion resistance in comparison with uncoated  
steel. The deposited coating is useful in improvement of bio-
compatibility and stronger bone bonding too.

Figure 5.33 SEM image of a cross–section bioactive glass coating on the 
316L substrate [5].

Table 5.13 Mean values (standard deviation) of corrosion current 
densities and corrosion potentials of the bioactive glass coated 
and uncoated 316L stainless steel in normal saline solution  
at 37°C [5]

Material Ecorr (mV)

Icorr (nA/cm2)

Tafel Linear

Pristine 316L SS –174 ± 20 265 (16) 194 (16)

Bioactive glass coated 316L SS –220 ± 20 85 (6) 50 (8)

Table 5.14 Mean values (standard deviation) of corrosion current 
densities and corrosion potentials of the bioactive glass coated 
and uncoated 316L stainless steel in Ringer’s solution at  
37°C [5].

Material Ecorr (mV)

Icorr (nA/cm2)

Tafel Linear

Pristine 316L SS –195 ± 20 218 (17) 181 (20)

Bioactive glass coated 316L SS –204 ± 20 78 (7) 59 (8)

 The results presented in this chapter indicates, that nano-
crystalline bulk materials have slightly lower corrosion resistance, 

Corrosion of the Other Dental Materials



142 Corrosion of the Metallic Biomaterials and Implants

due to the large volume of the grain boundaries, but surface with 
nanoroughness (nanopores) shows usually better corrosion 
resistance, passivation behavior and pitting resistance in comparison 
to microcrystalline counterparts.
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Metallic materials are widely used as biomaterials, replacing the 
structural components of the human body. This is because, in 
comparison to polymeric materials and ceramics, they have better 
mechanical properties such as tensile strength, fatigue strength,  
and resistance to cracking, characteristics that are crucial in 
biomedical applications [24].
 316L stainless steel has inferior corrosion resistance comparing 
to cobalt-chromium alloys and titanium alloys [18]. For example, 
orthopedic implants made of 316L stainless steel corrode in the 
tissue environment, releasing iron, chromium, and nickel ions into 
the body. 
 Nickel ions are considered to be a very important factor in causing 
allergies and even cancer [32]. The number of women suffering  
from an allergy to nickel doubles every decade. Dermatologists 
estimate that about 20% of women and 4% of men on the earth 
have allergy to nickel. The main cause of allergy to nickel is wearing 
jewelry.
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 World Health Organization concluded that metallic nickel and 
alloys containing nickel are carcinogenic. Nickel content of less 
than 0.2% is considered adequate for the human body. However, 
the reduction of nickel content below 0.2%, using conventional 
manufacturing methods, is associated with a signiϐicant increase in 
the cost of manufacture of the material.
 In the following chapter, a concept of nickel-free austenitic 
stainless steels will be presented.

6.1 NickelͳFree Stainless Steels

From the chemical composition point of view, nitrogen is the most 
promising substitute for nickel. It is a gas at room temperature, 
stabilizes austenitic phase, increases the corrosion resistance, 
and prevents the formation of the sigma phase. Nitrogen dissolves 
interstitially in austenite structure in relatively large quantities, 
causing a large number of solution hardening. Drastic reduction 
in resistance to brittle fracture and corrosion resistance occurs 
with the presence of sigma phase with low nitrogen content and  
nitrides of chromium, such as Cr2N with high nitrogen content. 
Therefore, the amount of nitrogen should be limited to obtain a 
homogeneous microstructure without inclusions (Fig. 6.1). Nitrides 
inclusions can lead to a local drop in chromium content, which in 
turn leads to local corrosion around the inclusions [14].

Figure 6.1 Schematic representation of strength and corrosion resistance 
as a function of nitrogen content in nickel-free austenitic 
stainless steel [14].
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 Alloying elements that increase the solubility of nitrogen are 
molybdenum, manganese, chromium, vanadium, niobium, and 
titanium. However, vanadium, niobium and titanium must not be 
used in large quantities due to their responsibility for the formation 
of nitrides. Elements that reduce the solubility of nitrogen are 
carbon, silicon, and nickel. 
 Austenitic steels with higher nitrogen content were produced 
for the ϐirst time in the forties of the 20th century. The main driving 
force for their creation was the need to replace the nickel with 
cheaper nitrogen. The resulting 18−8 steels with a nitrogen content 
of 0.3%, while retaining the 6% nickel, retained austenite structure 
and were characterized by both increased strength and yield point. 
The increase in these parameters was, however, accompanied with 
decreased ductility. As demonstrated by subsequent studies, the 
increase in strength without reducing ductility comes with the 
addition of at least 0.4% nitrogen. 
 The development of technology has enabled the introduction of 
more than 1% of nitrogen to the steel, which resulted in increase in 
strength by 134%, with decrease of elongation by only 8%.
 Steels with high nitrogen content are examples of positive effects 
of nitrogen on the resistance to cracking. However, the addition of 
nitrogen to alloy does not guarantee resistance to cracking in the 
environment containing chloride ions. According to the graph 
shown in Fig. 6.2, it can be concluded that the addition of nitrogen 
to 18Cr–10Ni type steel results in reduced resistance to corrosion 
cracking, expressed in shortening the time to rupture. It is also the 
result of boiling in aqueous solution of MgCl2. Nitrogen was added to 
stabilize the austenite, but in this case the presence of nitrogen does 
not eliminate the harmful effects of carbon.
 Modern steels with carbon completely replaced by nitrogen and 
with very high concentration of the alloying elements show a much 
higher resistance to cracking. In Fig. 6.3, a measure of resistance 
to cracking is cracking initiation temperature — the higher the 
temperature, the less prone to cracking. The addition of nitrogen, 
nickel and molybdenum results in a high temperature to initiate 
cracks.

Nickel-Free Stainless Steels
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Figure 6.2 Inϐluence of nitrogen content on the time to rupture of  
18Cr–10Ni type steel.

Figure 6.3 Relationship between corrosion equivalent of chromium and 
resistance to corrosion cracking in 6% FeCl3. 

 Plastically deformed austenitic stainless steel exhibits  
magnetism. Such behavior occurs due to the stress caused by  
the transformation, where a martensitic phase is created. A 
characteristic feature of nitrogen-containing nickel-free austenitic 
stainless steels is the lack of ferromagnetism. This is due to the 
strong effect of stabilizing austenite by nitrogen, which prevents 
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the formation of martensite, even in the most extreme conditions of 
cold-working or cryogenic cooling. These steels, even after a strong 
deformation, remain paramagnetic.
 In a simulated biological environment, 316L steel shows 
pitting corrosion. Nickel-free austenitic stainless steel showed no 
corrosion of this type in all the electrolytes. Moreover, by preventing 
precipitation of M23C6 carbides, nitrogen reduces the risk of 
intergranular corrosion [4, 6, 16, 17].
 Nickel-free austenitic stainless steels containing nitrogen are 
very promising metallic biomaterials [7]. They can be implemented 
as implants in the form of: stabilizing bone plates, screws or wires 
[9].
 The most commonly used nickel-free stainless steels are shown 
in Table 6.1 [9, 14, 26, 32]. However, due to the large strengthening 
and low thermal conductivity of these steels, precise machining is 
obstructed. Therefore, the production of small, precise products, 
such as stents, from such steel is very expensive, and the range of 
possible dimensions is limited.

Table 6.1 Chemical compositions of commercially available nickel-free 
austenitic stainless steels

Chemical composition

Fe–(19–23)Cr–(10–12)Mn–(3–6)Mo–(0.85–1.1)N

Fe–15Cr–(10–15)Mn–4Mo–0.9N

Fe–18Cr–18Mn–2Mo–0.9N

Fe–(15–18)Cr–(10–12)Mn–(3–6)Mo–0.9N

Fe–23Cr–2Mo–1.5N

 Efforts were taken to remedy this problem, and solution to this 
day is a new method of manufacturing. This method relies on a pre-
cise machining of small products made of nickel-free ferritic stain-
less steels, and then nitriding their surface at 1200oC where they be-
come austenitic stainless steel with improved properties of strength 
and corrosion resistance [11].
 Schematic representation of the process is shown in Fig. 6.4, 
and comparison of the properties of ferritic steels and nickel-free 
austenitic steels (after nitriding) is presented in Table 6.2.

Nickel-Free Stainless Steels
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Figure 6.4 Schematic process of obtaining nickel-free stainless steels 
[11]. See also Color Insert.

Table 6.2 Comparison of properties of nickel-free ferritic and austenitic 
steels

Nickel-free ferritic steels Nickel-free austenitic steels

Low biocompatibility High biocompatibility

Good machinability Poor machinability

Low corrosion resistance High corrosion resistance

Low strength High strength

Ferromagnetic Paramagnetic

 Previous methods of producing nickel-free stainless steels 
include: melting in induction furnaces, melting in the plasma furnaces, 
pressure electroslag remelting, and powder metallurgy combined 
with isostatic hot pressing (HIP) [1, 8, 10, 21]. The production by 
powder metallurgy uses the following techniques: gas atomization, 
nitriding in ϐluidized bed, and rotary furnaces.
 Contemporary trends in the development of new materials are 
based on the obtaining of nanostructure, which guarantees the 
improvement of properties of the ϐinal product. When the grain 
size of austenitic stainless steel is constant, the strength increases 
with increasing nitrogen content. The following empirical equation, 
with the conventional yield strength 0.2% and nitrogen content N, 
concerns Fe–Cr–N, Fe–Cr–Mn–N and Fe–Cr–Ni–N austenitic stainless 
steels:
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 σ0.2 = 0.14 + 4.8 N2/3 [GPa]  (6.1)

 When the nitrogen content is constant, the Hall-Petch equation 
involves grain size d and σy yield strength with the following 
dependence:

 σy = K d–1/2  (6.2)

where K is constant. K value increases with increasing nitrogen 
content (as shown in Fig. 6.5) [25].

Figure 6.5 Dependence of Hall–Petch coefϐicient from nitrogen content 
[25].

6.2 Nanostructured NickelͳFree Stainless Steels 

In recent years, nanostructured materials — also called nano-
materials — has become a subject of research in academic centers 
worldwide. Nanostructure can be obtained in many ways. Among  
other processes, nickel-free austenitic stainless steel with nano-
structure can be obtained by mechanical alloying. Mechanical  
alloying (MA) was developed in the 1970s at the International Nickel 
Co. as a technique for dispersing nanosized inclusions into nickel- 
based alloys [3]. During the last years, the MA process has been 
successfully used to prepare a variety of alloy powders including 
powders exhibiting supersaturated solid solutions, quasicrystals, 
amorphous phases, and nano-intermetallic compounds. MA 
technique has been proven as a novel and promising method for 
alloy formation.

Nanostructured Nickel-Free Stainless Steels
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 The effect of MA processing was studied by X-ray diffraction 
and microstructural investigations. Ni-free austenitic stainless  
steels with nanostructure were synthesized by mechanical alloying 
(MA), heat treatment, and nitriding of elemental microcrystalline  
Fe, Cr, Mn and Mo powders. After 48 h of MA, the alloy  
had decomposed into an amorphous phase and nanocrystalline 
α-Fe [29]. Heat treatment performed after MA process results in 
crystallization into ferritic phase. Then, compacted material was 
nitrided at 1210oC, which resulted in phase transformation from 
ferritic to fully austenitic (Fig. 6.6). Average crystallite size of so 
produced material increased during processing from 16 to 27 nm.

Figure 6.6 Phase transformation from ferritic (a) to austenitic (b) in 
Fe74Cr24Mo2N stainless steel [29].

 Using confocal laser scanning microscope, it is possible to 
reveal the surface of nanocrystalline nickel-free austenitic stainless  
steels. The surface of Fe54Cr24Mn21Mo1N sample shown in Fig. 6.7 
reveals pores. These pores have irregular shapes and dimensions.

 
Figure 6.7 Surface of Fe54Cr24Mn21Mo1N sample under confocal laser 

scanning microscope [30].
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 From an analysis of the surface proϐile it can be derived that 
pores penetrate to a depth of 152 to 460 nm. On the other hand, 
their percentage of the entire surface of the material is 9.5% and the 
largest pore diameter up to 4 μm. 
 Compared with the widely used medicine 316L stainless steel 
(248 HV0.2), microhardness of sintered nanocrystalline austenitic 
nickel-free nitrogen containing stainless steels obtained by 
mechanical alloying is signiϐicantly higher (378 to 520 HV0.2, see 
Fig. 6.8). The result is two times greater than in austenitic steel 
obtained by conventional methods. This effect is directly connected 
with structure reϐinement and obtaining of nanostructure as well 
as the introduction of nitrogen. Nitrogen dissolved in austenitic 
stainless steel increases its strength, which is caused by large 
amount of solution hardening. The grain size hardening in N-alloyed 
austenitic stainless steels is based on the grain size dependence of 
the yield strength described by the Hall–Petch equation. The effect 
of N content on grain boundary hardening increases proportionally 
as the N content of the steel increases. Grain boundary hardening 
therefore increases with increasing N content of the steel and is 
related to the strong afϐinity between Cr, Mo and N atoms.

Figure 6.8 Microhardness of FeCrMnMoN materials [29].

 As one can see from nanoindentation test (see Table 6.3), 
microhardness remains on the level of 500 HV in case of Ni-free 
stainless steels with nanostructure and 276 HV for 316L stainless 
steel.

Nanostructured Nickel-Free Stainless Steels
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Table 6.3 Results of microhardness and Young’s modulus tests for 
selected samples of Ni-free austenitic stainless steels and  
316L stainless steel

Sample HV H [MPa] E [GPa]

316L 276 2977 172

Fe74Cr24Mo2N 650 7014 201

Fe54Cr24Mn21Mo1N 542 5846 210

Fe59Cr23Mn12Mo6N 525 5663 213

Fe64Cr24Mn10Mo2N 469 5027 199

 Young’s modulus of obtained steels is about 210 GPa, which is 
slightly higher than in conventional stainless steel 316L (~170 GPa) 
and comparable with cobalt-chromium alloys (220–240 GPa) that 
makes this material applicable for production of e.g. stents.
 As one may expect, materials with high value of microhardness 
(~500 HV) could show embrittlement. To exclude or endorse that 
unwanted phenomenon, stress intensity factor — KIC — should 
be determined. It could be done by calculating KIC from hardness, 
diameter of indentation and length of Palmquist’s cracks measured 
directly in Vicker’s method. Niihara’s equation applies here [19].
 Imprint of Vicker’s indenter on polished surface of Ni-free 
stainless steel with nanostructure (Fe59Cr23Mn12Mo6N) is shown on 
the Fig 6.9. Load of 200 g, 500 g, 1 kg, 2 kg, 5 kg, 10 kg, and even  
30 kg did not reveal any marks of Palmquist’s cracks. It can be 
concluded, that in case of Ni-free stainless steels obtained by 
mechanical alloying high microhardness did not imply embrittlement 
of the samples.

 
Figure 6.9 Imprint of Vicker’s indenter (30 kg load) for Fe59Cr23Mn12Mo6N 

sample [29].
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 Corrosion tests of Ni-free stainless steels with nanostructure 
were performed in H2SO4 and Ringer’s solution. In H2SO4 the 
corrosion current, Icorr, in the case of Fe59Cr23Mn12Mo6N is  
1.3 × 10–5 A/cm2. The corresponding values of Fe54Cr24Mn21Mo1N 
and Fe64Cr24Mn10Mo2N are 1.6 × 10–4 and 5.1 × 10–4 A/cm2, 
respectively. Icorr values indicate that addition of Mo and reduction  
of Mn resulted in appreciable decrease in the corrosion current 
density — two orders of magnitudes and corrosion rate. Measured 
values are considerably improved compared to widely used in 
medicine 316L stainless steel. 
 In Ringer’s solution tests, the corrosion current, Icorr, in the 
case of Fe59Cr23Mn12Mo6N is 2.6 × 10–5 A/cm2. The corresponding 
values for Fe54Cr24Mn21Mo1N and Fe64Cr24Mn10Mo2N are 6.9 × 
10–6, and 4.9 × 10–6 A/cm2, respectively. Calculated corrosion rates  
for Fe54Cr24Mn21Mo1N and Fe64Cr24Mn10Mo2N steels, 0.073, and 
0.052 mm/year, respectively, show that corrosion rate is four  
times lower than in 316L stainless steel.

Table 6.4 Results of corrosion test in H2SO4 and Ringer’s solution [28]

Sample

0.1 M H2SO4 Ringer’s solution

Icorr  

[A/cm2]

Corrosion 
rate  
[mm/year]

Icorr  
[A/cm2] 

Corrosion rate 
[mm/year] 

316L 3.6 × 10–3 1.0 9 × 10–5 0.30

Fe54Cr24Mn21Mo1N 1.6 × 10–4 1.2 6.9 × 10–6 0.073

Fe59Cr23Mn12Mo6N 1.3 × 10–5 0.18 2.6 × 10–5 0.27

Fe64Cr24Mn10Mo2N 5.1 × 10–4 2.1 4.9 × 10–6 0.052

 The comparison of results obtained for samples in H2SO4 and 
Ringer’s solution (Table 6.4) show that synthesized stainless 
steels manage much better in chloride ions environment. Chemical 
composition of steels plays a bigger role in case of H2SO4, while in 
Ringer’s solution, differences are much smaller.
 These results indicate that FeCrMnMoN stainless steels have 
superior corrosion resistance in H2SO4 and Ringer’s solution 
environments than the conventional metallic biomaterial, 316L. 
The addition of nitrogen to a stainless steel inϐluences corrosion 
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resistance of the steel. The nitrogen adsorption treatment of 
FeCrMnMoN results in the change of its microstructure from  
ferrite to austenite without forming CrN or Cr2N that leads to higher 
Vickers microhardness. These facts suggest that austenitization 
by adsorbed nitrogen contribute to higher corrosion resistance, 
which may be a key factor in providing higher cytocompatibility of 
produced materials.
 Both mechanical alloying and nitriding of Ni-free steels are  
very effective ways to improve the corrosion resistance and 
microhardness. Nitrogen absorption treatment contributes to the 
higher corrosion resistance and also in the presence of wear. With 
regard to austenitic stainless steels, it could help obtain better 
biomedical implants (e.g. stents) with better mechanical properties, 
corrosion resistance, and biocompatibility.

6.3 NickelͳFree Stainless Steels/ 
Hydroxyapatite Nanocomposites

Hydroxyapatite (HA) ceramics have been intensively studied for  
bone repair and replacement applications. That is because of their  
high biocompatibility and ability to bond to bone [2]. However, 
compared to the mechanical properties of natural bone, HA 
ceramics need improvement [13, 20]. Recently, various HA based 
composites have been investigated [23]. Many reinforcements have 
been proposed, e.g. zirconia [12] and ceramic ϐibers [22]. Results 
obtained for FeCr alloy reinforcement [5] and HA-316L stainless 
steel composites [15] are very promising. Thus, since nickel-free 
austenitic stainless steels seem to have better mechanical properties, 
corrosion resistance, and biocompatibility compared to 316L 
stainless steels [27], it is possible that composite made of this steel 
and HA could have improved properties.
 Nickel-free austenitic stainless steel/hydroxyapatite 
composites can be produced by means of mechanical alloying and 
nitrogen absorption treatment, which leads to metallic-ceramic 
nanocomposite. Obtaining nanostructure via mechanical alloying 
process as well as high biocompatibility of hydroxyapatite and 
good mechanical properties of stainless steel seem to be excellent 
combination of complementary parameters that could results in 
new promising biomaterial.
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 The microhardness of the ϐinal bulk material was studied  
using Vickers method and the results are presented in Table 6.5. 
Compared with widely used medicine 316L microcrystalline 
stainless steel (250 ± 10 HV0.2), microhardness of sintered 
nanocrystalline austenitic nickel-free nitrogen containing stainless 
steel Fe54Cr24Mn21Mo1N obtained by mechanical alloying is 
signiϐicantly higher (520 ± 10 HV0.2). The result is two times  
greater than in austenitic steel obtained by conventional methods. 
This effect is directly connected with structure reϐinement and 
obtaining of nanostructure as well as introduction of nitrogen. 
Nitrogen dissolved in austenitic stainless steel increases its strength, 
which is caused by large amount of solution hardening. The grain 
size hardening in N-alloyed austenitic stainless steels is based on 
the grain size dependence of the yield strength as described by the  
Hall–Petch equation. The effect of N content on grain boundary 
hardening increases proportionally as the N content of the steel 
increases. Grain boundary hardening increases therefore with 
increasing N content of the steel and is related to the strong afϐinity 
between Cr, Mo, and N atoms.

Table 6.5 Results of microhardness and corrosion tests in Ringer’s 
solution [31]

Sample HV0.2
Icorr  

[A/cm2]
Ecorr 
[mV]

Corrosion 
rate  
[mm/year]

Rp  
[Ohm/cm2]

Fe65Cr18Ni12Mo2 

Mn2 (316L)
250 9.0 × 10–5 –220 0.300 450

Fe54Cr24Mn21Mo1N 520 6.9 × 10–6 –263 0.073 3747

Fe54Cr24Mn21Mo1 

N + 5% HA
510 2.8 × 10–6 –414 0.030 14385

Fe54Cr24Mn21Mo1 

N + 10% HA
580 9.2 × 10–7 –322 0.009 28143

Fe54Cr24Mn21Mo1 

 + 5% HA
170 1.3 × 10–4 –1021 1.420 22

 Addition of 5% of HA slightly decreases microhardness 
(510 ± 10 HV0.2) while 10% of HA results in growth of microhard-
ness to 580 ± 10 HV0.2. It is worth to mention that microhardness of  
the same material before nitrogen absorption treatment is three 
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times lower (170 ± 10 HV0.2). It can be concluded that strength-
ening is due to nitrogen absorption process. Strengthening due to 
HA addition need more detailed studies.
 Table 6.5 summarizes also results of corrosion tests in Ringer’s 
solution performed at temperature 37oC. In Ringer’s solution tests, 
the corrosion current, Icorr, in the case of starting composition: 
Fe54Cr24Mn21Mo1N is 6.9 × 10–6 A/cm2 and is associated with the 
corrosion potential of –263 mV. The comparison of the values 
Ecorr and Icorr indicates that addition of HA resulted in the shift of 
the corrosion potential to a more negative value and appreciable 
decrease in the corrosion current density. When the addition of 
5% of HA results in small decrease of the corrosion current to  
2.8 × 10–6 A/cm2, the corresponding value in case of 10% addition 
of HA is appreciable lower — one order of magnitude. Measured 
values are considerably improved compared to widely used in 
medicine 316L microcrystalline stainless steel. Comparison of the 
corrosion current of the same sample (Fe54Cr24Mn21Mo1 + 5% HA) 
before and after nitrogen absorption treatment emphasizes the 
inϐluence of this process on the corrosion resistance — the difference 
is two orders of magnitude. The polarization resistance values, 
Rp, calculated from the potentiodynamic curve were 14385 and  
28143 Ohm/cm2 for nanocomposites with 5% and 10% of HA, 
respectively, which compared to 3747 Ohm/cm2 for nickel-free 
austenitic stainless steel also indicates huge impact of HA on 
corrosion resistance of obtained nanocomposites. Calculated 
corrosion rates for Fe54Cr24Mn21Mo1N/HA composites show 
that corrosion rate is two (Fe54Cr24Mn21Mo1N + 5% HA) to eight 
(Fe54Cr24Mn21Mo1N + 10% HA) times lower than in alloy without 
HA content. Composite without nitrogen content (Fe54Cr24Mn21 
Mo1 + 5% HA) even with the addition of 5% HA shows unacceptable 
corrosion rate of 1.420 mm/year, which conϐirms necessity of 
nitrogen absorption treatment. From further research point of view, 
Fe54Cr24Mn21Mo1N + 10% HA composite have the most promising 
results of corrosion resistance (lowest corrosion rate combined 
with lowest corrosion current).
 Both nitrogen absorption treatment and the presence of HA 
contribute to the higher corrosion resistance in Ringer’s solution. 
While pure nickel-free stainless steel with nanostructure has 
signiϐicantly better corrosion properties and microhardness 
compared to conventional 316L stainless steel, introduction of 



161

hydroxyapatite and obtaining a nanocomposite enhances these 
parameters even further. The improved properties combined 
with excellent biocompatibility of HA could help to obtain better 
biomedical implants with better mechanical properties, corrosion 
resistance and biocompatibility.
 Obtained nickel-free austenitic stainless steels and their 
nanocomposites with hydroxyapatite have superior cytocompatibility 
to the conventional metallic biomaterial, 316L stainless steel. 
Additionally, the nitrogen adsorption treatment increases corrosion 
resistance with the existence of wear. The addition of nitrogen to a 
stainless steel inϐluences the corrosion resistance of the steel.
 Nanocrystalline nickel-free stainless steels can be used in variety 
of applications where corrosion resistance and biocompatibility 
have to be signiϐicantly higher than in case of conventional 
microcrystalline materials. As shown in Fig. 6.10, using powder 
metallurgy process (mechanical alloying), heat treatment, and 
nitriding, bulk homogenous samples can be prepared. Thus 
biomedical implants with better mechanical properties, corrosion 
resistance, and biocompatibility could be obtained.

Figure 6.10 Bulk nanocrystalline nickel-free stainless steels samples.
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7.1 Introduction

There is a high demand for biomaterials to assist the replacement 
of organs and their functions. Interaction between biomaterials and 
natural tissues is a signiϐicant subject for biomedical science and 
is essential to aid the design and fabrication of new biocompatible 
and bioactive materials. For this reason, researchers search for new 
biomaterials with advanced mechanical and biological properties 
and develop new technologies for the enhancement of those 
properties. Over the past years, nanoscale biomaterials have become 
very popular in medical applications [30, 31]. 
 Titanium and titanium alloys are preferred materials in the 
production of implants. These materials possess favorable properties, 
such as relatively low modulus, low density, and high strength. 
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Titanium materials are resistant to corrosion because of the stable 
passivity of the surface oxide ϐilm. Apart from that, titanium and 
titanium alloys are generally regarded to have good biocompatibility, 
although there are reports that show the accumulation of titanium 
in tissues adjacent to the implant, signifying metal release and 
corrosion in vivo [2,17]. In addition, these metal implants may  
loosen and even separate from the surrounding tissues during 
implantation [16, 18, 29]. Titanium and titanium-based alloys 
have relatively poor tribological properties because of their low  
hardness [17]. 
 One of the methods that allow the change of biological properties 
of Ti alloys is to produce a composite, which will exhibit the favorable 
mechanical properties of titanium, excellent biocompatibility 
and bioactivity of ceramic. The main ceramics, used in medicine 
are hydroxyapatite, silica, or bioglass [3]. Hydroxyapatite (HA, 
Ca10(PO4)6(OH)2) shows good biocompatibility because of its 
chemical and crystallographic structure being similar to that of 
living bone. HA has porous nature and is bioactive, which means that 
after some time it is partially resorbed and replaced by natural bone 
[32]. Besides, HA has the ability to form strong chemical bonds with 
natural bone. Unfortunately, the HA cannot be used for load bearing 
applications, due to its poor mechanical properties with regard to 
natural bone. The ceramic coating on the titanium, improves the 
surface bioactivity, but often ϐlakes off as a result of poor ceramic/
metal interface bonding, which may cause the surgery to fail [1, 33]. 
For this reason, the nanocomposite materials containing titanium 
and ceramic as a reinforced phase are promising alternatives to 
conventional materials, because they can potentially be designed to 
match the properties of bone tissue in order to enhance patients’ 
quantity of life [4−7, 27].
 Earlier, microcrystalline Ti-20 vol% HA composite with a relative 
density of 97.86% was fabricated by a hot pressing technique [27]. 
The phase constitution of Ti-20 vol% HA composite is similar to 
that of HA-based composite with Ti and HA as the predominant 
phases. Elastic modulus and Vicker’s hardness of Ti-20 vol% HA 
composite are 102.6 and 3.41 GPa, respectively. Additionally, the 
osteointegration ability of the composite is better than that of 
pure titanium, especially in the early stage after the implantation, 
which may be due to the presence of HA ceramic in the Ti-matrix 
composite [27]. 
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7.2 Ti-HA Nanocomposites 

Hydroxyapatite is considered as the most promising biomaterial 
for clinical use. However, it is well known that its poor mechanical 
properties compared to those of living bone are one of the most 
serious obstacles for wider applications, especially for load bearing 
implants. Intensive research is ongoing to produce HA composites 
with improved mechanical properties [4−7, 27]. Thus, it is necessary 
to introduce some matrix materials — in our case, titanium. Current 
research on the synthesis of nanoscale metallic and composite bio-
materials, shows that Ti-bioceramic nanocomposites posses better 
mechanical and corrosion properties than microcrystalline titanium 
[8−15, 19−24].  

7.2.1 Microstructure and Phase Constitution 

Titanium-hydroxyapatite nanocomposites can be produced by 
mechanical alloying method [19]. The typical XRD patterns of 
titanium (ICDD: 5-682) and hydroxyapatite (ICDD: 9-432) before 
mechanical alloying are shown in Figs. 7.1a,b, respectively. During 
MA process, the original sharp diffraction lines of the Ti and HA 
gradually become broader and their intensity decreases with milling 
time (not shown). The peak broadening represents a reduction in the 
crystallite size and increase in the internal strain in the mechanically 
alloyed materials. After 44 h of MA, the amorphous phase forms 
directly from the starting mixture, without the formation of other 
phases (Fig. 7.1c). But differentiation between a “truly” amorphous, 
extremely ϐine grained material  and a material in which very 
small crystals are embedded in an amorphous matrix in produced 
materials has not been easy on the basis of diffraction basis. 
 During the mechanical alloying process, the powder Ti and 
HA particles are periodically trapped between colliding balls and 
are plastically deformed. Such a feature occurs by the generation 
of a wide number of dislocations as well as other lattice defects. 
Furthermore, the ball collisions cause fracturing and cold welding of 
the elementary particles, forming clean interfaces at the atomic scale. 
Further milling leads to an increase of the interface number and the 
sizes of the elementary component area decrease from millimeter 
to submicrometer lengths. Concurrent to this decrease of the  
elementary distribution, some nanocrystalline intermediate phases 
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are produced inside the particles or on their surfaces. As the milling 
duration increases, the content fraction of such intermediate 
compounds increases, leading to a ϐinal product whose properties 
are the function of the milling conditions.

Figure 7.1 XRD spectra of Ti and HA (10 vol%) powders mechanically 
alloyed: (a) Ti — 0 h, (b) HA — 0 h, (c) Ti-HA — 44 h MA [23]. 

Figure 7.2 TEM micrographs and electron diffraction patterns (insets) of 
the milled Ti-10 vol% HA sample for 44 h — typical amorphous 
fragment [23].

 The microstructure of milled titanium and hydroxyapatite  
powder was also studied by TEM. The sample milled for 44 h was 
mostly amorphous (broad rings in the SEAD pattern) as appears 
from high-resolution image (Fig. 7.2). Apart from prevailing 
amorphous phase, the milled powders contained a small amount 
of ϐine-crystalline and crystalline phases. Lack of any sharp 
reϐlections in the XRD pattern (Fig. 7.1c) suggests that the amount 
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of the crystalline phase is very low and/or it forms during TEM  
observation. During TEM studies, it has been found that the 
amorphous powders was unstable upon exposure to electron beam 
and underwent some crystallization.
 The SEM morphologies of the fabricated Ti-10 vol% HA powder 
mixtures, at the various stages during milling, are shown in Fig. 7.3. 
It can be seen that after 10 h of milling, the powder shows inhomo-
geneous size distribution (Fig. 7.3d). With the increase of milling 
time, the size of the mixed powders decreases gradually and the 
microstructure is more homogenous (Fig. 7.3e,f).

Figure 7.3 SEM images show morphologies of powder mixtures of 
Ti-10 vol% HA composite at the various stages during milling: 
(a) Ti — 0 h, (b) HA — 0 h (c) Ti-HA — 3 h, (d) Ti-HA — 10 h, 
(e) Ti-HA — 20 h, (f) Ti-HA — 44 h [23].

 The formation of the bulk nanocomposites was achieved by  
cold uniaxial pressing and sintering of the amorphous materials. 
In all cases, XRD analysis of Ti-HA nanocomposites showed the 
presence of α-Ti (hexagonal-type structure), but hydroxyapatite no 
longer exists (Fig. 7.4). When 10 or 20 vol% of hydroxyapatite is 
added to titanium, the lattice constants of Ti increases, as manifested 
by a shift of the diffraction peaks of the (1 0 0), (0 0 2), and (1 0 1) 
crystal planes of titanium towards smaller angles in comparison 
with pure microcrystalline titanium. Calcium has higher atomic 
diameter in comparison to titanium, so solid solution of Ca in Ti was 
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forming. It is important to note, that mechanical alloying technique 
allows alloying of elements that are difϐicult or impossible to 
combine by conventional melting methods. In general, the process 
can be viewed as a means of assembling alloys constituents with a 
controlled microstructure. At 1300°C, calcium is soluble in titanium 
to the extent of at least 0.13% [23]. According to the Scherrer 
method of XRD proϐiles, the mean crystallite size of heat treated  
Ti-HA nanocomposites was 5–10 nm (Table 7.1). 

Figure 7.4 XRD spectra of Ti and HA powders mechanically alloyed for  
44 h and heat treated at 1150°C for 2 h under an argon 
atmosphere: (a) Ti-3 vol% HA, (b) Ti-10 vol% HA and (c) Ti-20 
vol% HA [23].

Table 7.1 Structural parameters and grain sizes for Ti-HA nano-
composites mechanically alloyed for 44 h and heat treated at 
1150°C for 2 h in comparison with microcrystalline titanium 
and hydroxyapatite

Sample a [Å] c [Å] V [Å3] d

Ti-3 vol% HA 2.95 4.68 35.2 5 nm
Ti-10 vol% HA 2.98 4.76 36.6 6 nm
Ti-20 vol% HA 2.97 4.78 36.5 10 nm
Ti (microcrystalline) 2.95 4.68 35.3 45 μm
HA (microcrystalline) 9.42 6.87 527.9 10 μm

 The effect of the initial composition on the phase composition 
of microcrystalline Ti-HA composites was studied previously by 
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Ning and Zhou [25, 26]. Neither HA and Ti is found in the 30Ti-
70HA composite, which has the lowest titanium content. In addition 
to CaTiO3 (ICDD: 22-0153) and CaO (ICDD: 4-777), some TixPy 
compounds were also detected. With the increase in titanium 
content, Ti2O (ICDD: 11-218) and α-Ti appeared in addition to the 
above phases. In the 70Ti-30HA composite, the main crystal phase 
was only α-Ti. This result is in good agreement with our current 
studies (see Fig. 7.4). The HA phase is unstable at high temperatures, 
which is correlative with the features of its crystal structure [26]. 
Additionally, the decomposition of HA phase plays an important role 
on the ϐinal properties of the sintered Ti-HA nanocomposites [25]. 

7.2.2 Mechanical ProperƟes 

The change of processing parameters, like mechanical alloying 
and annealing times, as well as the chemical compositions of Ti-
HA nanocomposites leads to a distribution of the properties. 
For example, the Vickers hardness of bulk samples prepared by 
application of mechanically alloyed for 10 h Ti-10 vol% HA powder 
is low. On the other hand, the increase of milling time to 44 h 
leads to a strong increase in hardness. For Ti-10 vol% HA and Ti-
20 vol% HA nanocomposites Vickers hardness are higher than of 
pure microcrystalline Ti metal (250 HV) and reaches 1300 HV and  
1050 HV, respectively. Additionally, the Vickers hardness of the 
samples mechanically alloyed for 44 h and sintered at 1150°C 
depends on annealing time. Hardness increases additionally with 
increasing of the annealing time from 1300 HV to 1500 HV for 0.5 h 
and 2 h of heat treatment time, respectively (for a sample containing 
10 vol% HA) [23]. This effect is directly connected with structure 
reϐinement and obtaining of nanostructure.  
 The research conducted by Popa et al. showed that application 
of higher pressure causes more swelling of samples [28]. Swelling 
is due to the diffusion of calcium/phosphorus in the titanium 
matrix. The phenomenon was proven by subsequent EDX analysis. 
The higher loading of the grains in the metal matrix during the 
compaction stage, the diffusion coefϐicient of elements from HA to 
the Ti increases. This is caused by the more numerous lattice defects 
induced by a more severe plastic deformation.
 If the material is hot pressed, the plastic deformation and ϐlow 
of Ti matrix and HA ceramic under the pressure can reduce the 
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cracks deriving from the decomposition reaction of HA phases and 
the difference of sintering shrinkages between Ti and HA, which can 
promote the sintering densiϐication and improve the mechanical 
properties of Ti-HA composites [7]. Table 7.2 compares the mech-
anical properties of Ti-HA nanocomposites and microcomposites 
with different HA contents, produced by various methods.

Table 7.2 Mechanical properties of Ti-HA nano- and microcomposites

Materials
ρrel 
(%)

P 
(%)

HV 
(GPa)

E 
(GPa)

σbs 
(MPa)

KIC 
(MPa · m1/2) Ref.

Ti-3% HA nano 78.5 22 4.7 — — — [23]
Ti-10% HA nano 91.6 8 14.7 127 — 1.64 [23]
Ti-20% HA nano 91.3 9 10.9 110 — — [23]
Ti-50% HA nano 92.8 7 8.8 124 — — [22]
Ti-20% HA micro 97.9 2.1 3.4 103 170 3.57 [7]
Ti-60% HA micro 93.3 6.7 2.9 80 92 2.69 [6]
Ti-80% HA micro 90.2 9.8 3.1 76 79 0.99 [6]

Note: ρrel, relative density; P, porosity; HV, Vickers hardness; E, Young’s modulus; σbs, 
bending strength;  KIC, fracture toughness.

 It could be found that the relative density of Ti-10 vol% HA 
is 91.6%, while the one of pure Ti can reach 98.6%. The Vickers 
microhardness of the Ti-HA nanocomposites exhibits various 
distributions corresponding to constitutional change and increase 
with the rise of HA contents (Table 7.2). Reinforced by HA particles, 
the Vickers hardness of Ti-10 vol% HA composite is greatly higher 
than that of Ti-3 vol% HA composite and about six times that of 
pure Ti. It should be pointed out that Young’s modulus of Ti-HA 
nanocomposities can be signiϐicantly reduced by introduction a 
porous structure. Parameter E obtained for Ti-HA nanocomposites 
decreases from 153 GPa (microcrystalline Ti) to 110 GPa (Ti-20 
vol% HA nanocomposite). A certain degree of porosity is essential 
for this type of materials because, it has been documented that, the 
porous structure provides better cell attachment, differentiation 
and ingrowth osteoblasts and vascularization [30−32]. 
 Table 7.2 clearly shows that the Ti-HA nanocomposites possess 
much higher hardness compared to Ti-HA microcomposites. The 
change of the chemical compositions in Ti-HA composites leads to a 
continuous distribution of the properties (Fig. 7.5) [23]. The value of 
such properties ranks among the values obtained for pure titanium 
and hydroxyapatite. 
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Figure 7.5 Relationship between bending strength (left) or fracture 
toughness (right) and volume fraction of HA in HA-Ti 
microcrystalline material [4].

 For both nanocomposite and microcomposite materials, 
Young’s modulus changed corresponding to the relative density. 
Both bending strength and fracture toughness are sensitive to 
the microstructure of the materials. They are associated with the 
conϐiguration and distribution of the constitutional phases and 
the pores in the materials. The pores reduce the effective area 
bearing the load and can result in the stress concentration in the 
composites. Consequently, bending strength and fracture toughness 
of the composites decrease sharply according to the approximately 
exponential relation with the increase of the porosity. 
 The bending strength and fracture toughness of pure HA (37 
MPa and 0.66 MPa·m1/2) are far lower than those of pure Ti (972 
MPa and 30 MPa·m1/2). For this reason, the effect of HA phase on 
the bending strength and fracture toughness of Ti-HA composites 
is similar to the one of pores in Ti-matrix of the composite. Thus 
the sharp decrease of bending strength and fracture toughness of 
Ti-20 vol% HA composite to only about 170 MPa and 3.57 MPa·m1/2, 
respectively, and can be contributed to the existence of 20% HA 
phase and the porosity of 2.1%. It should be mentioned that bending 
strength and fracture toughness of compact human bond for load-
bearing applications can reach about 130 MPa and 2 MPa·m1/2, 
respectively. Thus, Ti-20 vol% HA composite, with higher bending 
strength and fracture toughness than the compact human bone, 
is suitable for load-bearing applications from the point of view of 
mechanical properties [7]. 
 Both nano- and microcomposites have a lower Young’s modulus 
as compared to titanium. From the perspective of future application 
of this type of composites as biomaterials for heavy load-bearing 
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implants, the decrease of modulus of elasticity is very favorable. 
Materials for such implants should have a modulus of elasticity as 
close as possible to the modulus of elasticity of bone. 
 Fracture behaviors vary with the rise of HA content (Fig. 7.6) 
[4]. In the HA rich composite, HA matrix presents intergranular 
fracture without macroscopic plastic deformation. Most Ti particles 
protruding from the fracture surface are intact and HA matrix has 
numerous cracks and large pore left behind due to the pull-out of 
titanium particles. This conϐirms that the HA matrix is very weak 
and the pull-out of titanium particles is result of crack propagation 
along the interface, which indicates the interface bonding appears to 
be weak. In contrast, in the Ti-rich composite, the fracture behavior 
is controlled by Ti matrix and many pores among the Ti particles can 
also be observed. 

Figure 7.6 SEM fractograp of different composition regions in HA-Ti 
microcrystalline material with: (a) 20, (b) 40, (c) 80, (d) 100 
vol% Ti [4].

7.2.3 Corrosion Properties 

One of the main factors for determining the suitability of a 
biomaterial is corrosion resistance, which is very closely linked to 
biocompatibility. Corrosion of implants may lead to pathological 
changes in the body, caused by changing the chemical composition 
of tissues. Initially, the corrosion resistance is determined mainly 
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in comparative studies, which leads to the accepted methods of 
research in the laboratory, and approximately simulating real 
biological environment. These methods allow the determination of 
such values as corrosion potential, corrosion current density, and 
polarization.
 The polarization data obtained for Ti-HA nanocomposites and 
microcrystalline titanium, including corrosion potentials (EC), 
corrosion current densities (iC), and corrosion rate (CR) values are 
summarized in Table 7.3. From this table it is possible to observe 
that hydroxyapatite doped to titanium had a positive effect on 
corrosion resistance of Ti. The corrosion test results indicate that 
the microcrystalline titanium possesses lower corrosion resistance 
and thus higher corrosion current density in Ringer’s solutions. The 
result indicated that there was no signiϐicant difference in corrosion 
resistance among Ti-3 vol% HA (iC = 9.06 × 10–8 A/cm2, EC = –0.34 V 
vs. SCE) and Ti-20 vol% HA (iC = 8.5 × 10–8, A/cm2, EC = –0.55 V vs. 
SCE) although there was a signiϐicant difference in porosity. The 
polarization curves (Fig. 7.7) of these nanocomposites had a wider 
passive region, which can provide an excellent corrosion resistance, 
even if the applied potential rises to 850 mV vs. SCE for Ti-20 vol% HA 
and to 2500 mV vs. SCE or higher for Ti-HA (3, 10 vol%) composites. 
For Ti-20 vol% HA, the current density in the passive range is 2 
and 1 orders of magnitude smaller than for Ti-10 wt% HA and Ti-3 
vol% HA, respectively. Besides, the hydroxyapatite reinforced with 
titanium decreased about hundredfold the corrosion rate of Ti.
 Corrosion tests show that the modiϐication of microstructure 
of titanium by hydroxyapatite signiϐicantly improves the corrosion 
resistance. The rate of corrosion is affected, inter alia, by the density 
of the material. Although the obtained nanocomposites possess 
certain porosity, corrosion rate decreases.

Table 7.3 Mean values of corrosion current densities, corrosion 
potentials and corrosion rate of Ti-HA nanocomposites and 
microcrystalline titanium (grade 4) in Ringer’s solutions

Materials iC (A/cm2) EC vs SCE   (V) CR  (mm/year)

Ti-3 vol% HA 9.06 × 10–8 –0.34 0.003
Ti-10 vol% HA 1.19 × 10–7 –0.41 0.004
Ti-20 vol% HA 8.5 × 10–8 –0.55 0.003
Ti (microcrystalline) 1.31 × 10–5 –0.36 0.363

Ti-HA Nanocomposites
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Figure 7.7 Potentiodynamic polarization curves of: (a) Ti-3 vol% HA, 
(b) Ti-10 vol% HA, (c) Ti-20 vol% HA nanocomposites in 
Ringer’s solution [23].

7.3 Ti-SiO2 Nanocomposites

Silica is chemically inert. It has good biocompatibility in the 
environment of the living organism and fairly good strength properties, 
particularly compressive strength. However, the toughness of 
silica is low. The manufacturing of silica-titanium composites can 
signiϐicantly improve its properties. Such nanocomposites can be 
produced by mechanical alloying and powder metallurgical method 
[21]. 

Figure 7.8 XRD spectra of Ti and SiO2 (10 vol%) powders mechanically 
alloyed for different times: (a) Ti — 0 h, (b) SiO2 — 0 h,  
(c) 20 h, (d) after annealing at 1150°C for 2 h [21].
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 X-ray diffraction was employed to study the effect of mechanical 
alloying on Ti-SiO2 composites. Fig. 7.8 a, b shows the XRD patters 
of the starting titanium and amorphous silica powders. During MA 
process, the intensity of diffraction line of titanium decreases with 
milling time and after 20 h of milling has transformed completely 
to an amorphous phase, without the formation of any other phases 
(Fig. 7.8c).  
 TEM results shows that the powder milled for 20 h was mostly 
amorphous (Fig. 7.9a). SEAD pattern contains broad rings at position 
expected for Ti with hexagonal structure. Fig. 7.9b shows the high-
resolution image of grain containing nanoparticles of titanium with 
visible lattice planes. The interplanar distance was 0.234 and 0.224 
nm, which corresponds to the crystallographic planes of titanium. 
Apart from grains with nano Ti particles, the milled powders 
contained small amount of crystals of Ti. The same structure was 
observed for Ti-3 vol% SiO2 composite. Lack of any sharp reϐlections 
in the XRD pattern suggests that the amount of the crystalline 
phase is very low and/or it forms during TEM observation. During 
TEM studies, it has been found that the amorphous powders was 
unstable upon exposure to electron beam and underwent some 
crystallization.

Figure 7.9 TEM micrographs of the milled Ti-10 vol% SiO2 sample for 
20 h: (a) typical amorphous parts with corresponding SAED 
pattern, (b) grain with nanoparticles of titanium [24].

Ti-SiO2 Nanocomposites



178 Ti-Based Ceramic Nanocomposites

 The formation of the bulk nanocomposites were achieved 
by annealing of the amorphous materials in high purity gas at-
mosphere composed of 95% Ar and 5% H2 at 1150°C for 2 h 
(Fig. 7.8d). XRD analysis of Ti-10 vol% SiO2 showed the presence of 
α-Ti type structure with cell parameters a = 2.972 Å, c = 4.774 Å. The 
formation of crystalline SiO2 phase was not observed. According to 
the Scherrer method of XRD proϐiles, the average size of heat treated 
Ti-SiO2 nanocomposites is about 40–50 nm.
 EDS results indicate that the predominant phase in Ti-SiO2 
composites is titanium with content of silica or silicon particles. 
The presence of some amount of iron atoms in the sintered 
nanocomposites could be explained by Fe impurities trapped in the 
MA powders from erosion of the milling media.
 The Vickers microhardness of the sintered nanocomposites  
exhibit various distribution corresponding to constitutional change 
and increased with the rise of ceramic contents. The Vickers hard-
ness for Ti-3 vol% SiO2, and Ti-10 vol% SiO2 nanocomposites 
reaches 550 HV0.2 and 670 HV0.2, respectively, and are two times 
higher than that of pure microcrystalline Ti metal (225 HV0.2);  
see Fig. 7.10.

Figure 7.10 Vickers microhardness of studied nanocomposites; (a) Ti, 
(b) Ti-3 vol% SiO2, (c) Ti-10 vol% SiO2 [21].

 Table 7.4 shows the polarization data obtained for sintered 
composites and microcrystalline titanium, including corrosion 
potentials (EC), corrosion current densities (iC), and corrosion 
rate (CR) values. According to Table 7.4, it is possible to observe 
that ceramic doped to titanium had a positive effect on corrosion 
resistance of Ti. Titanium composites with 10 vol% of silica have 
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better corrosion resistance than that with a small amount of 
silica. Besides, the ceramic reinforced with titanium decreased the 
corrosion rate of Ti. 

Table 7.4 Vickers microhardness, mean values of corrosion current 
densities, corrosion potentials and corrosion rate at Ringers 
solution of Ti-ceramic nanocomposites and microcrystalline 
titanium (grade 4) 

Materials HV
iC 

[A/cm2]
EC 
[V]

CR 
[mm/year]

Microcrystalline titanium 250 1.31 × 10–5 –0.36 0.363

N
an

oc
om

po
si

te
s

Ti-3 wt% 45S5 500 8.12 × 10–7 –0.31 —

Ti-10 wt% 45S5 620 1.20 × 10–7 –0.42 0.004

Ti-3 wt% SiO2 550 1.91 × 10–6 –0.37 0.055

Ti-10 wt% SiO2 670 4.60 × 10–7 –0.43 0.006

Ti-3 wt% Al2O3 600 8.65 × 10–7 –0.29 —

Ti-10 wt% Al2O3 700 1.51 × 10–6 –0.63 0.046

7.4 Ti-45S5 Bioglass Nanocomposites

Bioglass is a ceramic material that is characterized by some degree 
of surface reactivity. These materials are specially selected chemical 
composition, which allows the physiological environment selective 
chemical reaction with certain ingredients of the bioglass. This leads 
to a lasting bond with living tissue and biomaterial surface. 
 After 20 h of mechanical alloying process, the Ti-45S5 Bioglass 
(3, 10 vol%) mixtures have transformed completely to an 
amorphous phases without the formation of on other phase [24]. 
Nanocrystalline Ti-45S5 Bioglass composites were achieved by 
annealing of the amorphous material. According to the Scherrer 
method or XRD proϐiles, the average crystallite size of titanium-45S5 
Bioglass nanocomposites mechanically alloyed and heat treated was 
about 40 nm. 
 Combined with analysis of EDS, it can be conϐirmed that the Ti-
45S5 Bioglass nanocomposites mainly consist of titanium matrix 
with nanoparticles of Si, P, Ca, and Na (Fig. 7.11). 

Ti-45S5 Bioglass Nanocomposites
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Figure 7.11 EDS spectra of surface of Ti-10 vol% 45S5 Bioglass mech-
anically alloyed for 20 h and heat treated at 1150˚C for 
2 h [24].

 As shown in Table 7.4 the Vickers microhardness of Ti-3 wt% 
45S5 Bioglass and Ti-10 wt% 45S5 Bioglass nanocomposites are 
500 HV and 620 HV, respectively and are higher than that of pure 
microcrystalline titanium. The addition of silica to titanium has a 
positive effect on the corrosion resistance of titanium. The corrosion 
resistance increases with the rise of ceramic contents. The Ti-10 wt% 
45S5 Bioglass nanocomposite possesses higher corrosion resistance 
and thus higher corrosion current densities than microcrystalline 
titanium.

7.5 Ti-Al2O3 Nanocomposites

Alumina ceramics have good biocompatibility and good mechanical 
properties (particularly the parameters of friction and wear). It is 
biologically inert, which means that it practically does not emit any 
components to the biological environment. Due to it high resistance 
to wear by friction, this can signiϐicantly improve poor tribological 
properties of titanium. 
 Amorphous material is form after 20 h of mechanical alloying 
process [24]. The formation of the bulk nanocomposites was achieved 
by annealing of the amorphous materials. XRD and EDS analysis of 
Ti-10 vol% Al2O3 showed the presence of α-Ti type structure with 
nanograins of aluminum or aluminum oxide (Fig. 7.12). The average 
crystallite size of heat treated Ti-Al2O3 nanocomposites is about  
35 nm.
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Figure 7.12 EDS spectra of surface of Ti-10 vol% Al2O3 mechanically 
alloyed for 20 h and heat treated at 1150°C for 2 h [24].

 The Vickers microhardness of titanium-alumina nanocompos-
ites increases about threefold in comparison with microcrystalline 
titanium (Table 7.4). Titanium composites with 3 vol% of Al2O3 have 
better corrosion resistance than microcrystalline titanium [23].
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8.1 Background

The main goal of this short background is to introduce readers 
to shape memory NiTi materials so that the attributes of the 
entire family to which they belong can be clearly recognized. We 
are thinking about the group of the materials whose properties  
dominate their appearing terminology, for instance, multifunctional 
material, intelligence, and, ϐinally, smart. All those synonyms are 
related to the possibility of changing properties through sensing the 
surrounding environment, actuating by process function of sensor 
information and in effect, transform one kind of signal to another 
with multiple amplitude.
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 At the turn of the 70s and 80s in the last century, scientists  
tried to deϐine intelligent structures/systems, and the discussions 
ϐinally came up with the following four qualifying features: actuation, 
sensing, control, and time [35]. The created deϐinition [1] of smart 
structures ϐinally sounds like this:
 “A system or material which has built-in or intrinsic sensor(s), 
actuator(s) and control mechanism(s) whereby it is capable of sensing 
a stimulus, responding to it a predetermined manner and extent, in a 
short/appropriate time and reverting to its originally state as soon 
as it stimulus is removed.”
 Changing the properties in context of sensing environment 
through implemented reaction mechanism seems to be the feature 
of intelligence being. When these variants are assigned to the 
systems, our attention is guided to the variable operating levels of 
data exchange. When we think about materials, it is hard to imagine 
sensing coupling with actuating and managing by supervision 
function, as illustrated in Fig. 8.1, which presents the classiϐication 
of smart structures by Rogers. 

Figure 8.1 Classiϐication of smart structures [36].

 During the US Army Research Ofϐice Workshop, Rogers and co-
workers [37], deϐined smart materials as materials, which possess 
the ability to change the physical properties in a speciϔic manner in 
response to speciϔic stimulus input.
 Following this expression, we may say that smart materials are 
a new class of materials, possessing adaptation features on external 
stimuli with their innate intelligence. 



187

 The ability to change physical properties in a proper manner 
happens through external stimuli, which may include pressure, 
temperature, pH, radiation, magnetic, or electrical ϐield. Associated 
variable physical properties may be viscosity, stiffness, or shape. 
Intelligence of a system manifests in designed chemical composition, 
appropriate manufacture process, and intended defects initiation or 
microstructure modiϐication in such way that it may easily adapt 
to a different levels of stimuli in a controlled manner. One signal 
transforms to another in a controlled transformation mechanism, 
and the level of conversion is always higher than for conventional 
materials.
 In this speciϐic and interesting group, the following materials are 
identiϐied:
 • Chromic materials
 • Thickness-changing ϐluids such as magneto and electro-

rheological ϐluids
 • Self-repairing materials
 • Self-organized materials
 • Thermoelectric materials
 • Light-emitting materials
 • Shape- and size-changing materials

 Materials that possess shape memory abilities are classiϐied as 
active structure and can be used to generate motion or force. They 
can also accumulate energy, and most important, they exhibit shape 
recovery effect. 
 The materials that possess actuation properties are useful in 
many interesting applications, depending on many factors. The 
most important factor that engineers have to pay attention to during 
designing is the actuation energy density — available work per unit 
volume and actuation frequency. The best situation for an active 
material perhaps is to have both of them, as high as possible [22]. 
 The actuation energy density is shown in Fig. 8.2 by dotted lines, 
which is a result of the relation of actuation stress to actuation strain, 
assuming that the material is operating at a constant stress level. For 
a better understanding of signaled relations, we make a comparison: 
Imagine a 1 cm3 of shape memory alloy that can exert enough force 
to move an object weight 4650 kg.
 Speciϐic value of actuation energy density expressed by work 
output per unit mass can be easy calculated for the material by 
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dividing the actuation energy density by the mass density, as shown 
in Fig. 8.3.

Figure 8.2 Actuation energy density diagram that presents actuation 
stress to actuation strain relation with typical ranges for active 
materials [22].

Figure 8.3 Comparison of various active materials in relation to actuation 
frequency and speciϐic actuation energy density [22].

 The comparison in Fig. 8.3 gives readers an outlook of the range 
of applications of smart materials and could be the next step for 
further consideration. This short background introduction should 
realize the existence of broad range of smart materials, including 
not only shape memory alloys (SMAs) but also magnetic shape 
memory materials (MSMMs) and shape memory polymers (SMPs). 
These will be discussed brieϐly in the following sections.
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8.2 Overview of Shape Memory Materials

As we can see from the above considerations, shape memory 
behavior can occur in different types of materials, for a different 
kind of external stimuli inϐluence. Materials from the group of 
shape memory alloys may retain their original shape depending on  
the prevailing temperature and pressure circumstances. This gives 
rise to the possibility of using them as a source of displacement or 
force. Temperature is used as the external stimulus for the shape 
memory effect control.
 These crucial facts led to the idea of looking for more precise 
systems, and the result was magnetic shape memory alloys. Different 
expression brings a novel class of the smart materials — shape 
memory polymers, which featured highly recoverable strains (near 
400%), ease of processing, and low density and costs [21].
 For a better understanding, magnetic shape memory alloys 
(MSMA) and shape memory polymers (SMP) will be discussed 
brieϐly now.

8.2.1 MSMAs — Magnetic Shape Memory Alloys

The unique ability of magnetic shape memory materials is that they 
can recover from up to 6%, and for a single crystal up to 10%, of 
strains in a moderate magnetic ϐield [16]. These materials can work 
at higher frequency range, which is not attainable by conventional 
SMAs. Also, transformation control mechanism is more precise 
when we use magnetic ϐield. Ullakko [47] was the ϐirst to observe  
the reversible transformation due to magnetic ϐield inϐluence. In 
general assumption the material should possess shape memory 
effect and strong magnetocrystalline anisotropy. These two issues 
allow the control of reorientation structure processes.
 To further explain the existing mechanism, we will use the 
most examined example of MSM: NiMnGa alloy. We also simplify  
the structure representation. Figure 8.4 shows a non-deformed 
NiMnGa austenite body center cubic cell with lattice parameter 
of ao and non-deformed, possible tetragonal martensite cell with 
lattice parameters a and c, in which we can distinguish the local 
magnetization vector in each ferromagnetic variant, which is oriented 
in one crystallographic direction called easy axis of magnetization.

Overview of Shape Memory Materials
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Figure 8.4 High-temperature austenite structure of NiMnGa and its low-
temperature tetragonal variants of martensite with visible 
easy magnetization axis [16].

 The inϐluence of the external magnetic ϐield on a structure  
forces the material to behave similarly as a ferromagnetic, and it 
responds by the mechanism of magnetic domain wall motion and 
magnetization vector rotation. The uniqueness of MSMA mechanism 
is the result of the magnetic ϐield and the martensite variant 
reorientation behavior.

Figure 8.5 Magnetization process of NiMnGa sample with visible 
microscale wall domain reorientation for circumstances 
review in text [16].
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 In the case shown in Fig. 8.5, the sample was cut along the 
[100] direction and in the same direction, stress σxx was applied 
during cooling from the austenite to the martensite phase. For the 
phenomenon, occurring σxx stress magnitude has to be larger than 
σsv, which is the minimum value of stress necessary to obtain single 
martensite variant, and smaller than σb blocking stress level that is 
a relatively low 6−10 MPa, which suppressed the reorientation of 
martensite variants. 
 In the ϐirst stage where the stress is applied, we observe a 
small shortening of the sample, as shown in Fig. 8.5, resulted in 
single martensite variant 1, in the whole sample. At the microscale,  
we can also distinguish several magnetic domains resulting from the 
variant structure — the existing easy axis of magnetization, which 
in the discussed case, lies along the shorter edge of the tetragonal 
structure. 
 Furthermore, external magnetic ϐield Hy is applied orthogonal 
to the direction of the applied stress and also in direction of the 
easy magnetization axis of martensite variant 1. The subsequent 
magnetization of the sample begins nucleation and growth of 
martensite variant 2, whose easy magnetization axis is parallel to it. 
This process is realized through the magnetic domain wall motion, 
reorientation, and migration of the twins. The growth of martensite 
variant 2 goes on at the cost of martensite variant 1 and results in 
strain reorientation of the sample. Finish stadium of magnetization, 
where the value of external ϐield accedes Hy > Hf(1–2), results in 
microscale by obtaining single martensite variant 2, with preferable 
direction of magnetic domains by the inϐluence of external ϐield, 
together with elongation of sample. 
 When the value of acting compressive stress is higher than σb, 
the process of martensite variant reorientation (Fig. 8.6) cannot 
be realized as it was mentioned earlier. The polarization of single 
martensite variant by external magnetic ϐield is possible, but can be 
done only at the same axis with working stress, because the small 
amount of energy is necessary for reversible rotation of magnetic 
domain walls.
 For the orthogonal direction of applied stress to external 
magnetic ϐield, the rotation of magnetic domain walls is not available 
because it requires work against the magnetocrystaline anisotropy. 
Therefore, the domain walls stay perpendicular to the direction of 
the easy axis of magnetization. 

Overview of Shape Memory Materials
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Figure 8.6 Two situations exhibit possible polarization of a single 
martensite variant, along easy and hard magnetization axis 
[16]. 

 The brief discussion of mechanisms should give the basic  
outlook for knowledge in this area and may also be the next step  
for further consideration on properties, problems, receiving 
techniques, and applications of MSMAs.

8.2.2 SMPs — Shape Memory Polymers

For SMP, the shape memory effect cannot be considered as intrinsic 
property like in MSMAs or SMAs. It results from a speciϐic polymer 
architecture and processing conditions. Speciϐic architecture of 
polymer is seen as a network consisting of molecular switches 
that are sensitive to speciϐic external stimuli and net points that 
can be realized chemically (by covalent bonds) or physically (by 
intermolecular interactions). Memorizing the shape involves 
processes such as cross-linking, crystallization, entanglement of the 
polymer chains, and formation of the domain structure.
 Most SMPs demonstrate morphology that consist of at least 
two segregated domains as for blocky copolymers, where we can 
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distinguish higher temperature (hard segment) domain that acts as 
a net point and the second one with Ttrans temperature that acts as 
molecular switch linked with chain segments in domains (switching 
segments), as shown in Fig. 8.7. 

Figure 8.7 Shape memory effect induced thermally, with characteristic 
polymer architecture; switching molecule segments are related 
to the thermal transition temperature Ttrans [19].

 Switching or transition in shape memory polymer can be 
stimulated by heat or magnetism like in SMAs or MSMAs, and also by 
light, water immersion, or even pH value. This gives a broad range of 
possible applications that can be found in smart fabrics (for example, 
in Fig. 8.8.), self-deployable sun sails for the spacecraft, intelligence 
medical devices, or implants for minimally invasive surgery. 

Figure 8.8 Degradable shape memory suture for wound closure, animal 
experiment shows the shrinkage of ϐiber with temperature 
increase from left to right [19].

 For brief considerations, we will focus only on the mechanism 
of the shape memory effect and on the example of the thermo-
mechanical cycle of thermo-responsive SMPs.
 In typically three-dimensional stress–strain–temperature 
diagrams, we can observe controlled programming procedure with 
the recovery of the test specimen. It is also important to mention 
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that such procedure, called training in SMAs, can take much longer 
time, and deformation rates from the initial to the deformed shape 
assume a much lower value. Also for other types of external stimulus, 
understandable as different molecular switch reaction, polymer will 
behave similarly as shown in Fig. 8.9. 

Figure 8.9 Schematic representation of cyclic thermomechanical behavior 
[20].

 The ϐirst step brings an elongation εm of the specimen that is 
realized in the temperature range above Ttrans, the molecular switch 
is open and the stress-induced reaction of material is not blocked by 
its bonds. After that, the strain is maintained to allow the relaxation 
of the polymer chains.
 When the sample is cooled below Ttrans in the second step, the 
molecular switches closes while the temporary shape that was 
introduced in the earlier stage is retained (shape A in Fig. 8.7). The 
third step reduces the applied stress, but the attained strain remains, 
because of closed switches are blocked and elastically retained in 
that state. The fourth stage brings the contraction and resumption 
of the permanent shape of the specimen, with the temperature rise 
above Ttrans (shape B on a Fig. 8.7). 
 This short overview of shape memory materials should provide 
a good introduction to the existing mechanism in the different types 
of materials and its possible applications. It also brings a broader 
vision of discussed behaviors and its similarities for the upcoming 
section of this chapter. 

8.3 Brief History of SMAs

Since the discovery of martensite in steels by Adolf Martens 
around 120 years ago, scientists have wondered about the nature 
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of mechanism transformation and got involved in exploring its 
applications mostly from metallurgical point of view. They assume 
the nonreversible transformation of martensite in steels. 
 In 1932, Swedish physicist Arne Ölander [32] observed that 
the applied stress to gold–cadmium alloy could be taken off easily 
(material returned to its original shape) by heating. In 1938, 
scientiϐic research on CuZn revealed the temperature dependence of 
nucleation and disappearance of martensite phase. 
 For the ϐirst time, the concept of thermoelastic martensitic 
transformation was introduced by Kurdjumov and Khandros 
in 1949 [17]. Research on the thermally reversible martensitic 
transformation of CuAl and CuZn alloys gives the reason to think that 
this phenomenon could occur in a broader manner. 
 In 1951, Chang and Read used x-ray analysis [5]. They assumed 
some rules of transformation mechanism in AuCd. They demonstrate 
that the systems possessing shape memory effect could perform 
work.
 The ϐirst signiϐicant research started in 1961 over the shape 
memory alloys by the group of William Beuehler from Naval 
Ordinance Laboratory, brought a breakthrough for the engineering 
application. Beuehler’s earlier research on intermetallic compounds 
(for the nose cone Navy’s missile SUBROC), which are supposed to 
possess high melting point and impact resistance, showed that the 
NiTi alloy reveal the best of it, with the satisfactory properties of 
elasticity, malleability, and fatigue. The alloy was called NITINOL 
in memory of the place where it was discovered (the acronym of 
Naval Ordinance Laboratory was added to the NiTi intermetallic 
compound’s name). During the research on the NiTi alloy, Beuehler 
made an observation related to the acoustic effect during cooling. In 
1963, he conϐirmed the occurrence of the shape memory effect [2], 
and for the ϐirst time, this phrase was used to determine material 
property [3]. 
 Scientiϐic research carried out by Wang [48] shows that 
the addition of the third alloying element, Fe or Co, to the main 
composition NiTi had a strong inϐluence on the temperature of 
transformation. 
 The ϐirst application of shape memory alloys was introduced 
by Raychem Corporation for pipe couplings in F14 jet ϐighters  
[7, 38]. The temperature of transformation was so low that before 
assembly, couplings were transported in liquid nitrogen, which 
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undoubtedly from here called Cryoϐit (Fig. 8.10). None of the 
over million manufactured couplings used in jet ϐighters and pipe 
couplings reported any damage. 
 In the 1970s, scientists elaborated high-temperature shape 
memory alloys through the addition of Pd, Pt, and Au [6]. The tem-
perature of transformation was increased, and in 1978, the addition 
of Cu by Melton and Marcier resulted in slight temperature decrease 
with visible constraint of stress hysteresis [24]. 

Figure 8.10 Cryoϐit hydraulic coupling (by permission of Raychem 
Corporation).

 Continued research aiming to improve the parameters of the 
work temperatures was the main issue of that time. Finally, the year 
1989 witnessed the development of the NiTiNb alloy that was easier 
to handle due to its broader range of temperature hysteresis, which 
found a wider range of applications [49].
 Further, Myazaki and colleagues demonstrated an improvement 
in the fatigue behavior through the addition of Cu [26].

8.4 SMAs — Introduction to Properties

Materials with shape memory effect derive their unique properties 
from the fact that they can be exposed to a higher load in the elastic 
area and easily deformed up to 8% strain, which is more or less 
20 times bigger than that for steels but still preserve the ability to 
recover their original shape. 
 SMAs can exist in two temperature-dependent phases: (1) basic 
and higher temperature phase austenite and (2) lower temperature 
martensite. Both phases differ from each other signiϐicantly, and 
getting involved mechanical, thermal, electrical, acoustic, and optic 
properties results from differences in crystallographic structure 
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[9]. For example, martensite is softer and less stiff, while its elastic 
modulus reaches 31−35 GPa compared with austenite’s 84−98 GPa 
[4, 18].
 The austenite phase, also called the mother phase, reveals  
the B2 type CsCl structure with ao = 3.015 Å. The martensite phase  
appears to be the most common in monoclinic structure where 
a = 2.889 Å, b = 4.120 Å, c = 4.622 Å and γ = 96.8° [21]. 
 From the crystallographic point of view, it is important to esta-
blish the vision of structure deformation that shows diffusionless 
mechanism driving shape memory effect. Transformation from the 
austenite to the martensite phase in 3-D crystallographic structure 
is shown in Fig. 8.11. We may distinguish 24 possible martensite 
variants that may appear as an effect of twinning — the mirror 
symmetry of atoms displacements along a speciϐic plane. This speciϐic 
material situation results from the capability of twin boundaries that 
can be easily moved in the structure, without the creation of defects 
such as dislocation, contrary to most metals, in which deformation 
directly uses the slip or the dislocation movement [41].

Figure 8.11 Lattice cell of NiTi illustrating the six-face diagonal planes; 
each of them can shift in two directions or shear in two 
directions, as shown by the arrows, to produce a total of  
24 martensite variants [41].

 For the plane consideration of uniaxial loading, we may 
distinguish only two variants of deformation, which in detwinned 
form of martensite enter the positive or the negative strain to the 
structure as shown in Fig. 8.12. 
 The thermodynamic stability behavior of austenitic and 
martensitic phases in SMA provides the ability to “remember” 
different kinds of shape designed in the austenite phase.

SMAs — Introduction to Properties
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Figure 8.12 Different states of structure in SMA: (a) austenite to martensite 
transformation, (b) austenite phase, (c) twinned (self-
accommodated) martensite, and (d) detwinned martensite 
possible conϐiguration [41].

8.4.1 Thermally Induced Transformation

In the situation without external stress applied, the shape memory 
material reacts with temperature decrease by a phase transition from 
austenite to martensite and reversely with temperature increase. 
No macroscopic shape change associated with that transformation 
occurs; the atoms remain on their lattice position in the absence of 
diffusion process. From the energetic point of view in the situation 
of temperature reduction and lack of stress, the formation of self-
accommodated twins in structure during austenite to martensite 
transformation, where microscopic strain is negligible, is favorable.

Figure 8.13 Thermally induced phase transformation in state of absence 
of external load [22].

 The characteristic temperature at which martensite trans-
formation begins is marked by Ms, and the temperature at which 
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the transformation ends is denoted by Mf. Subsequent heating starts 
reversible transformation from martensite to original symmetric 
crystallographic state of austenite phase, and similarly As and Af are 
characteristic temperatures (Fig. 8.13).

8.4.2  Mechanically Induced Transformation

Apart from temperature dependence, phase transformation in 
material can be induced by the applied loads as it has been mentioned 
earlier. 
 At the applied mechanical load, the transformation of  
the austenite structure generates only the type of martensitic 
structure variants that reduce stress. When the loads are applied 
to the martensitic grain structure, most favorable variants are 
generated from the existing structure of different variants that lead 
to the situation mentioned earlier and thus create the detwinned 
form of martensite. This phenomenon is called reorientation. Also 
essential in this point of discussion is to introduce the characteristic 
Md temperature, deϐined as the value above the martensitic 
mechanically induced transformation cannot occur; it is usually  
25–50°C higher than Af. 
 For the temperature range of thermodynamic stability of the 
austenite phase, above Af and beneath Md during loading, nearly 
linear relation between stress and strain occurs — the variants of 
martensite that reduce stress are generated. When the level of σMs 
is exceeded, the transformation of austenite to martensite begins. 
The structure starts to accumulate energy in elongation form, which 
manifests as a macroscopic change of microstructure. It undergoes 
further transformation — reorientation into the detwinned form of 
martensite M+ (Fig 8.14). 

σMs

σAs

St
ra

in M+

Strain
A

Figure 8.14 Stress to strain relation during loading for SMA at 
thermodynamic stable austenite temperature range [41].

SMAs — Introduction to Properties
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 Similar reaction occurs during unloading. Material tends to  
reveal almost linear relation of stress to strain when the level 
of decreasing stress exceeded σAs, and it starts a reversible 
transformation from martensite to austenite. It is critical to have a 
temperature range, which has to be considered for fully reversible 
transformation.
 In a high-temperature regime, where the temperature of 
material is maintained above Af, fully shape recovery is observed 
and during unloading, this phenomenon is call pseudoelasticity or 
transformational superelasticity. 
 During the full cycle of pseudoelastic transformation, 
comprehended as austenite to martensite and reverse martensite 
to austenite, we deal with generating in stress to strain system — 
hysteresis curve, which is a result of the energy dissipation during 
process. The curve’s shape and values of stress levels strongly 
depend on the material and measurement conditions.
 For the temperature range of thermodynamic stability of 
martensite phase, beneath Mf during loading, macroscopic change  
of shape occurs as a result of detwinning mechanism. During 
unloading, deform detwinned structure of martensite phase retains 
a residual strain in the form of elongation εr as shown in Fig 8.15.

Figure 8.15 Stress to strain relation during loading for SMA at 
thermodynamic stable martensite temperature range [41].

 This low-temperature behavior is call quasiplasticity as  
opposed to plastic deformation, characterized by permanent 
deformation of structure. After heating the material in temperature 
range higher than Af, the accumulate strain is removed from  
the structure and the reversible transformation to austenite is 
achieved as shown in Fig. 8.16. This behavior is called shape memory 
effect (SME) and will be discussed now. 



201

Figure 8.16 Shape memory effect (SME) [41].

8.4.3 SME — Shape Memory Effect

The effect of shape memory requires a more precise analysis  
and getting involved in a broad range of application of this 
phenomenon. When we look at a three-dimensional diagram of 
dependency of stress, strain, and temperature (Fig 8.17), we can 
notice the relations that have been discussed earlier. 

Figure 8.17 Three dimensional diagram that presents a full cycle of 
transformation in SMA [22].

 The temperature decrease from point A, which demonstrates 
fully stress-free austenite structure, to point B results in self-
accommodated transformation into the twinned form of martensite 
structure. From point B the load is applied and its increase in linearly 
stress to strain relation up to σs value.
 From that point, detwinning process of martensite structure 
begins, which was mentioned earlier. Energy is accommodated in 
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the form of macroscopic strain, and apparently, no stress increase 
is observed and the relation receives a plateau character. When the 
stress level achieves σf, the process of detwinning is complete and  
we can consider it, as the end of plateau. The structure is orienting 
twinned planes in one preferred manner by mechanical load 
direction. Further stress increase causes elastic deformation of 
detwinned structure and the maximum elongation is revealed. If 
the stress increase were sustained (to amount dependent from 
material composition and receiving process — for the bulk tests 
8–10% of elongation), it could generate dislocation movement that 
plastically deformed the material, and it would not be recovered in 
the characteristic temperature range. 
 Next, the material is unloaded from point C to D where we can 
observe small amount of elastic spring-back; it also now retains the 
deform state. During the temperature increase from point D, the 
process of the release of accumulated strains starts, and at point 
E, detwinned martensite begins to transform into austenite, and at 
point F, reversible transformation ends with fully austenite structure. 
For a better understanding, the sequence of transformation is shown 
in Fig. 8.18., with macro and atomic scale of behavior.
 The maximum amount of elongation regain strongly depends on 
the system; for the polycrystalline structure, it is usually 1–7%. 

Figure 8.18 Sequence of transformation in SMA [13, 42].

8.4.4 TWSME — Two-Way Shape Memory Effect

The behavior discussed earlier is the result of the reversible 
transformation occurring in the material. To obtain the two-way 
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shape memory effect, it is necessary to expose the material to a 
cyclic thermomechanical loading according to a determined way, 
also called “training.”
 This can be done in two different ways:
 (1) Cyclic loading of the material in the temperature range of 

thermodynamic stabile austenite phase above Af beneath Md,
 (2) Cyclic loading of the material in the temperature range of 

thermodynamic stabile martensite phase beneath Mf and next 
heating above Af.

 Repeat path of material load in considerable amount of cycles 
leads to the emergence of a small value of the microstructure change, 
as a consequence of partial relaxation of accumulated stress during 
transformation εp. 
 As indicated earlier, the shape of hysteresis σ−ε strongly depends 
on the material and the loading path. Here an increase in the  
values of stress results in an increase in characteristic temperature 
as shown in Fig. 8.19. 

Figure 8.19 From left, hysteresis shape behavior during thermal cycling 
loading, wire form of NiTi under constant load of 150 MPa 
and from right, pseudoelastic response of an as receive NiTi 
wire with Af = 65°C tested at temperature of 70°C [25].

 Cyclic repeating of thermomechanical loading path of the 
material should remain so long as the saturation effect of nonelastic 
stress occurs. Permanent strain associated with each cycle gradually 
decreases until there is no more accumulation. The two-way effect 
ϐinds practical application, and the material after training can 
transform into two ways with the shape maintained for austenite 
and martensite phase as shown in Fig. 8.20.

SMAs — Introduction to Properties
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Figure 8.20 Sequence of transformation after training in SMA [13].

8.5 Receiving of Nickel–Titanium  
Shape Memory Alloy

For the receiving of NiTi is crucial to maintain high-purity 
requirements. Slight ϐluctuation of composition causes a strong 
deviation in temperatures of the transformation. For instance, 1% 
shift in the amount of composition can cause a 100°C change, as 
shown in Fig. 8.21. 
 It is very important to control a manufacturing process using 
proper methods and protective atmospheres. Usual melting 
methods employed to obtain pure titanium such as electron beam 
melting (EBM), vacuum induction melting (VIM), and vacuum arc 
remelting (VAR), are used to mix well the composition and achieve 
ingot homogeneity and uniformity [31]. 

Figure 8.21 Schematic of the effect of the element content on the alloy 
phase transformation temperature [33].

 The impurities mainly result from elemental raw materials, 
atmosphere, or crucible materials. Oxygen content in the alloy 
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causes a decrease in Ms temperature. It also reduces the grain grown 
through precipitation formation, similar reaction causes nitrogen 
(see Table 8.1.) [30]. Crucial to present research is the inϐluence of 
both elements that is additive. 

Table 8.1 Schematic illustrating the effects of various melting impurities 
on the resulting ingot properties [33]

Element O N H C Cu Cr Co Fe V Nb

Temperature ↓ ↓ ↓ ↓ → ↓↓ ↓↓ ↓↓ ↓ →

Strength ↑ ↑ ↑ ↑ → ↑ ↑ ↑ ↑ ↑

Ductility ↓ ↓ ↓ ↓ → ↓ ↓ ↑ ↓ →

 The substitution of Fe, Co, Cr, Al, and V strongly inϐluences the 
decrease of the Ms temperature, and this behavior is additive also. The 
main function of the mentioned additions is to increase the stability 
and strength of the alloy [9]. Substitution of Pd or Pt in small amount 
causes a decrease in Ms temperature, but with an increase in their 
contribution, the temperature begins to rise and can reach 350°C 
[8]. The substitution of Cu or Nb gives the possibility of controlling 
the hysteresis shape and also strengthening the martensite phase 
[7].
 The next crucial fact that the reader must be aware of, is a 
strong relationship of the alloy properties with the temperature, 
stress, and history. A range of characteristic temperatures strongly  
depends on the chemical composition and also on the applied loads 
that we mentioned earlier while discussing the hysteresis shape.
 Melting and fabrication of Nitinol sometimes become a 
challenge, considering the material’s strong sensitivity toward the 
chemistry and processing conditions. Forming techniques in some 
cases are not appropriate when considering a spring-back effect or  
thermal recovery of a shape memory alloy. Shape change by the 
reduction of thickness, for instance, during cold rolling of sheet, is 
lost when the material needs to be heat treated. Therefore, it is so 
important to understand the underlying mechanism. 
 For the primary ingot methods, the reduction of dimensions 
by a hot working process is usually employed. It is breaking up  
as cast microstructure that exhibits poorly mechanical properties.  
Finally, the shape of the product depends on the forming technique 
where for the hot working, this could be forging, rotary forging, bar 
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rolling, rod rolling, sheet rolling, extrusion, and swaging. Typically, 
the temperature range for the process for the NiTi system is 600oC 
to 900oC approximately (0.55−0.75) Tm. 
 For the ϐinal product shape with the ϐinished surface, understood 
as a reϐined microstructure with optimum mechanical properties, a 
combination of cold working and annealing is required. For Nitinol 
wires in the as-drawn conditions, material microstructure consists 
of deformed martensite with the high density of dislocation.
 As shown in Fig. 8.22, to achieve the best stress–strain behavior 
— maximum superelasticity — the material should be heat treated 
in the temperature range of 400–500°C. To obtain the best shape 
settings, a combination of temperature, time, and strain has to 
be considered during the designing and manufacturing process 
selection (see Fig. 8.23). 

Figure 8.22 Stress–strain behavior of NiTi alloy in various treatment 
conditions [40].

Figure 8.23 Temperature time transformation diagram for Ni50.8Ti49.2 
wire form [31].
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 The difϐiculties discussed above seem to be very simple to 
overcome, but in the light of the fact that the Ni-rich precipitation 
forms compounds such as Ti3Ni4, Ti2Ni3, and TiNi3 during ageing 
process, it turns out to be more complicated [31].
 Precipitations evoke the occurrence of the multi-stage 
transformation behavior that introduces the R-phase orthogonal 
structure between austenite and martensite and changes 
characteristic transformation temperatures as shown in Fig. 8.24.

Figure 8.24 Thermal transformation with possible occurring sequence 
behaviors of Ti-50.9 at% Ni wire form, after temperature 
heat treatment [14]. 

 The characterization of the mechanical behavior of a few  
common NiTi alloys prepared by Myazaki and Otsuka gives certain 
speciϐic ageing conditions used widely as reference for material 
processing in research [27−28, 31].
 Machining process such as drilling, milling, and turning are 
possible, but they cause difϐiculties such as excessive tool wear. 
Abrasive processes, laser machining, electro discharge machining, 
and photochemical etching are more appropriate for this demanding 
material. Most important, a cost–efϐiciency calculation needs to be 
considered in the designing stage.

Receiving of Nickel–Titanium Shape Memory Alloy
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 The incentive to use different methods for achieving consistent 
product came from the possibility of cost reduction, improvement 
in properties, and elimination of the problems that appear in 
conventional methods. Powder metallurgy gives a precise control 
of the composition and the achievement of a complex shape 
without machining it also eliminates the castings problems such as 
segregation or extensive grain growth. A great challenge for these 
methods is to produce SMA with properties comparable or better 
with those of the cast alloys. 
 The main disadvantage of PM processes is porosity and the 
manner of its control that affect the mechanical properties of 
manufactured products.
 Near-net shape part methods that employ powder metallurgy 
use both pre-alloyed and elemental powders. 
 For pre-alloyed powders, we can distinguish a few fabrication 
methods such as gas atomization, where molten alloy composition 
is blasted through inert gas under high pressure. The melt 
spinning process produces a ribbon from the rapid solidiϐication 
of liquid composition, which should be hydrated and pulverized 
for conversion to the powder form next. The process of hydrating 
uses the strong solubility of hydrogen in NiTi, with rapid diffusion at 
40 at.% causing the full embrittlement of the material. Checked by 
our team for nanocrystalline electrode purposes, the mechanical 
alloying process, which relies on mechanically induced synthesis in 
the solid state, could start independently from prealloyed atomized 
powders or pure powders to form the amorphous form of the 
material [10]. The nanocrystalline NiTi alloy was synthesized by 
mechanical alloying followed by annealing [15]. 
 The powder mixture that was milled for more than 5 h 
transformed completely to the amorphous phase, without formation 
of the other phase. The formation of the nanocrystalline alloy 
NiTi was achieved by annealing the amorphous material in high-
purity argon atmosphere at 700oC for 0.5 h. All diffraction peaks 
were assigned to those of CsCl-type structure with cell parameter  
a = 3.018 Å. 
 Microstructure and possible local ordering in the NiTi samples 
was studied by TEM. The microstructure of the annealed sample 
is shown in Fig. 8.25. The analysis of the high-resolution images 
(Fig. 8.25a, b) revealed the presence of well-developed crystallites 
with broad range of sizes from 4 to more than 30 nm. SAED pattern 
obtained from a large area (200 μm) (Fig. 8.25c) contains sharp rings 
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corresponding to the NiTi alloy with CsCl structure. The method 
approves the possibility of nanocrystalline NiTi material receiving 
[29], although no further research was done to characterize the 
shape memory properties in obtained alloy.

 
Figure 8.25 TEM micrographs (a,b) and electron diffraction patterns (c) 

of the annealed NiTi sample; nanocrystallites of an alloy are 
clearly visible in (a) and (b) [15].

 The powders obtained from the above methods of fabrication 
should be compacted and sintered. The successfully applied methods 
include cold and hot isostatic pressing, hot and cold uniaxial die 
compaction, direct powder rolling, hot extrusion, and consolidation 
by atmospheric pressure. 
 For the elemental Ti and Ni powders, we focus on blending, 
pressing, and sintering, where additional problem arises during 
thermal treatment. Strong exothermic reaction for Ni + Ti = NiTi 
results in a much bigger diffusion factor of Ti to Ni, causing the 
Kirkendall porosity effect. The produced heat can be used to 
synthesize material like in the combustion synthesis method as 
shown in Fig. 8.26. Self-propagating high-temperature synthesis, 
understood as a local heating of cold compacted material above 
ignition temperature, leads to Ni−Ti formation, which retaliates heat 
propagation from the reaction with the surrounding material, affect 
the creation of the synthesis front throughout the entire capacity.
 Another approach presents the method of thermal explosion 
where the entire sample of material is heated up until it reaches 
ignition temperature. This leads to fusion energy release and 
generates enough heat to sinter the material. If the heat exceeds the 
melting point, a cast structure with no visible prior powder boundaries 
will be formed. To break down the received microstructure, the 
alloy should be hot rolled or extruded. Methods that use elemental 
powders generally fabricate highly porous materials and may contain 

Receiving of Nickel–Titanium Shape Memory Alloy
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the not so-desired intermetallic phases; remelting or extrusion seem 
to be necessary for the microstructure improvement.

Figure 8.26 Composition with 50 at.% of Ni, SHS longitudinal views of 
synthesized parts at different preheating temperatures and 
compaction pressures (a) 200oC, 70 MPa, (b) 200oC, 140 
MPa, (c) 200oC, 210 MPa, (d) 300oC, 70 MPa, (e) 300oC, 140 
MPa, (f) 300oC, 210 MPa [44].

 Cold pressing and sintering for elemental powders do not 
guarantee high-quality product. The shape memory effect remains, 
but obtained mechanical properties are low, and compact densities 
exceed the level of 80% of theoretical volume. Furthermore, sintering 
can reduce density. This is referred to as the Kirkendall effect, which 
creates large pores or even craters at the surface. Hot pressing in 
vacuum conditions showed that it is possible to obtain higher densities 
and lower level of impurities. Ductility of the obtained materials is 
locate in the range of that of wrought materials; unfortunately the 
oxygen level turned out to be too high for proper Ms temperature 
control or acceptable characteristics of fatigue resistance. The shock 
compaction adapts successfully for pre-alloyed powders, gives 98% 
of theoretical densities, and proceeds with the subsequent sintering, 
which produces 100% densities. 
 By emphasizing applications, the received porous structures of 
Nitinol may have beneϐicial aspects for medical implants. Bony in-
growth abilities combine with shape memory characteristics, good 
corrosion resistance, and biocompatibility of the material, which are 
crucial for this particular application. 
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8.6 Biocompatibility and Corosion Resistance of 
Nickel Titanium SMA

Biocompatibility is deϐined as the ability to remain biologically 
innocuous during the functional period of material inside the host, 
connect with more rigorous conditions so as to not cause allergic 
reaction, and not release ions into the blood stream. We attempt to 
compare the material properties as shown in Fig. 8.27, with known 
living tissue characteristics that should be as close as possible for 
better mimic natural reaction of living organism.

Figure 8.27 Deformation characteristics comparison of living tissues  
and NiTi placed between them [39]. See also Color Insert.

 Generally, allergic reactions are a result of the material surface 
and inϐlammatory response of the host, mostly dependent on patient 
characteristics such as age, immunological state, and health. The 
surface state proϐile, porosity or rugosity and also toxic effect of 
individual elements present in material play an essential role in this 
situation.
 The pH and temperature value are crucial because they affect 
the rate and progress of the corrosion behavior of the material and 
can also change the resistivity and solubility of the substance in the 
operating solution [46].
 Experiments show that Nitinol corrosion resistance is 
signiϐicantly affected by the methods of surface preparation. For 
example, mechanical polishing does not give good results compared 
with electropolishing as shown in Fig. 8.28. It also decreases nickel 
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release from the material. Results from experiments demonstrate 
that electropolishing removes excess of nickel from surface 
and enriches it with titanium [45]. Here, it is crucial to know the 
functioning surface’s behavior, especially the intrinsic properties of 
titanium inherited by its alloys, such as self-passivating abilities. The 
formation of a stabile surface oxide layer protects the base material 
from general corrosion inϐluence. Research by Trapanier and co-
workers led ϐirst to the conclusion that optimal corrosion and 
biocompatibility results can be obtained for thin oxide layer. Further, 
it appears that the uniformity of the oxide layer was more important 
for material protection, indicating that passivation process of the 
surface was mandatory for improvement in corrosion resistance.

 

Figure 8.28 Potentiodynamic curves in Hank’s solution as received, 
EP – electropolished, MP – mechanically polished surface of 
NiTi samples [50].

 Various approaches are used for electrochemical anodization 
[11], which is a well-established surface modiϐication technique 
for titanium orthopedic and dental implants. Of course, it is the 
most promising research attempt to combine various kinds of  
surface modiϐication techniques. For example, heat and alkali 
treatment results in TiO2/HA layer formation; the morphology, 
microstructure, and particle size presented by research as shown 
in Fig. 8.29, were highly similar to that of the human bone apatite 
[34]. 
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Figure 8.29 TEM photograph and SAED pattern of apatite on the surface 
of the heat and 3 M NaOH-treated NiTi after soaking in the  
1.5 SBF for 7 days (*: center of selected area electron 
diffraction) [34].

8.7 Shape Memory Materials Application

Most of research based on application in the ϐield of shape memory 
materials is oriented on biomedical application. In addition, 
the industry also focuses on valves, damping systems, motion 
mechanism, fastener rings, connectors, and couplings mentioned 
earlier. Instantly growing knowledge about this interesting group 
of the materials seems to be the most effective factor responsible 
for improvement in properties and the creation of new range of 
application in other promising areas. 
 Interesting medical applications include a cardiovascular 
scenario in which angioplasty and aneurysms treatment procedures 
are solved by self-expanding implants and devices; orthopedics 
with spacers; staples for healing acceleration; plates for bone 
recovery (Fig. 8.30.); and surgical instruments such as non-kinking 
microsurgical instruments, drills, hingeless instruments, graspers, 
and needles.

Figure 8.30 Application example of shape memory bone plate ϐixed on 
human jaw and detailed view of a four-hole miniplate and 
miniscrew [10]. 

Shape Memory Materials Application
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 For orthodontics, which is relevant to the subject of this book, we 
discuss the archwire application of NiTi materials. 
 As it was mentioned in the previous section, the corrosion of  
NiTi materials may be accelerated by various factors such as 
electrolyte environment and surface quality. This situation may 
lead to precocious damage by fatigue mechanism. Corrosion may 
occur and change the surface state of the material by increasing 
its roughness. It can result, for example, in the inappropriate 
force distribution by increasing the friction between the bracket 
and archwire, which is important in this speciϐic application (see  
Table 8.2). 

Table 8.2 Numerical force value for optimal tooth movement (by 
permission of DENTSPLY GAC)

Teeth Short roots
Medium  
length roots Long roots

Mandibular incisors 50–55 g 55–65 g 65–70 g

Mandibular canines 85–95 g 95–110 g 110–130 g

Mandibular premolars 70–80 g 80–90 g 90–100 g

Maxillary ϐirst molars 280–300 g 300–320 g 320–360 g

Maxillary incisors 65–75 g 75–85 g 85–95 g

Maxillary lateral incisors 60–65 g 65–70 g 70–80 g

Maxillary canines 105–115 g 115–130 g 130–170 g

Premolars, single roots 85–100 g 100–115 g 115–135 g

Premolars, multiroots 100–110 g 120–130 g 130–140 g

Mandibular ϐirst molars 230–250 g 250–270 g 270–320 g

 Oral cavity should be treated as a changeable environment 
[43]. Diet, drug use, stress, hygiene, and others factors inϐluence 
the pH volume, which may varies from 5.2 to 7.8, saliva osmolarity 
depending on protein concentration and the level of ionized sodium 
potassium and chloride, temperature from cold ice to hot tea and 
plaque state. 
 All these extreme factors play a signiϐicant role in non-hostile 
oral cavity environment. That is why proper material selection for 
archwire application is so important (Table 8.3).
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Table 8.3 Relative levels of important properties for selection of 
orthodontic wire alloys [4]

Property Stainless steel

Cobalt–

chromium–nickel

(Elgiloy blue)

β-Titanium 

(TMA)

Nickel–

titanium

Cost Low Low High High

Force delivery High High Intermediate Light

Elastic range 
(springback)

Low Low Intermediate High

Formability Excellent Excellent Excellent Poor

Easy of joining Can be 
soldered. 
Welded joints 
must be 
reinforced with 
solder

Can be soldered. 
Welded joints must 
be reinforced with 
solder

Only wire 
alloy that 
has true 
weldability

Cannot be 
soldered 
or welded

Archwire-
bracket friction

Lower Lower Higher Higher

Concern 
about bio-
compatibility

Some Some None Some
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9.1 Introduction

Among all metallic biomaterials, Ti and its alloys are most widely 
used because of their great strength, low density, high corrosion 
resistance, and good biocompatibility [45, 69, 78]. However, the 
problem for dental as well as orthopedic implant applications is the 
mismatch of Young’s modulus between the bone (10–30 GPa) and 
metallic part (110 GPa for Ti) [24, 65]. This mismatch may result in 
the formation of stress and retard the bone healing, which results 
in increased bone porosity and failure of the implants. One way to 
reduce Young’s modulus of the metallic materials is to introduce 
the pores [64, 101], minimizing tissue damage, and extended  
implant life time. Pores introduced into the implant improve its 

Chapter 9

Surface Treatment of the Ti-Based 
Nanomaterials

Jaroslaw Jakubowicz
Institute of Materials Science and Engineering,

Poznan University of Technology, Sklodowska-Curie 5 Sq., 60-965 Poznan, Poland

jaroslaw.jakubowicz@put.poznan.pl

Bionanomaterials for Dental Applications
Edited by Mieczyslaw Jurczyk
Copyright © 2013 Pan Stanford Publishing Pte. Ltd.
ISBN  978-981-4303-83-5 (Hardcover), 978-981-4303-84-2 (eBook)
www.panstanford.com



222 Surface Treatment of the Ti-Based Nanomaterials

ϐixation with tissue, reducing time between surgical operations, 
extends implant life time, and improve quality of life of the patients. 
Rough surface of the implants, with pits and pores, results in tissue 
growth into these features, which acts as the anchors for the tissue. 
The strong bonding of the tissue with implant then results in 
the implant’s higher loading-bearing capacity. 
 There are many possible ways to produce porous implants, 
for example, powder metallurgical process, metal foaming, and 
electrochemical etching [24, 28, 93, 101]. 
 Micro– and nanometer diameter pores are useful. As mentioned 
by Webster and Ejiofor [99], the nanometer structures and 
molecules in the bone tissue indicate that bone-forming cells are 
accustomed to interacting with surfaces of nanometer roughness. 
Conventionally prepared and applied implant surfaces have micro-
rough surfaces and are smooth at the nanoscale [39, 40]. For instance, 
woven bone has an average inorganic mineral grain size of about  
10–50 nm [39]. Lamellar bone, has an average inorganic mineral 
grain size of about 20–50 nm long and is 2–5 nm in diameter [39]. 
It is commonly accepted that up to this time only rough implants 
at microscale are utilized and are useful in osseointegration. 
Now the roughness in nanoscale states a new aspect for implant 
producers and taking the above assumptions is necessary to ϐind 
the role of the nanostructures, nanoporosity, and nanoroughness 
played in the implant materials. For example, nanostructured 
substrates enhance adhesion of the osteoblasts, decrease adhesion 
of the ϐibroblasts, and decrease adhesion of the endothelial cells  
[95, 99]. Calcium deposition by osteoblasts was four, three, and two 
times greater on nanophase, compared to conventional microscale 
alumina, titania, and hydroxyapatite after 28 days of culture, 
respectively [96, 99]. The latest studies show increased calcium 
deposition by osteoblasts cultured on alumina nanoϐibers, carbon 
nanoϐibers, poly-lactic-glycolic acid, polyurethane, and composites 
[15, 42, 73, 82]. Webster [99] found increased osteoblast adhesion 
on nanophase compared to conventional metals, and osteoblast 
adhesion occurred preferentially at surface particle boundaries 
for both nanophase and conventional metals. Since more grain 
boundaries are present on the surface of nanophase compared to 
microcrystalline conventional metals, this may be an explanation 
for the measured increased of osteoblast adhesion [99]. Additional 
grain boundaries can be prepared in porous materials.
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 Porous Ti compacts, made by powder metallurgical process, 
have porosities ranging from 5.0 to 37.1 vol% [65]. In these porous 
Ti compacts, the rough surface depends on Ti initial powder size, so 
the porosities and mechanical properties of porous Ti compacts can 
be controlled by changing powders size and sintering conditions. Oh 
et al. found that Young’s modulus and bending strength of porous Ti 
compacts having the porosity approximately 30 vol% are close to 
those of human cortical bone [65]. Increasing porosity results in a 
signiϐicant decrease in Young’s modulus (Fig. 9.1).

Figure 9.1 Young’s modulus of sintered porous Ti compacts as a function 
of porosity. Porous Ti compacts sintered with applied pressure 
are abbreviated as temperature (K)–pressure (M) [65].

 The Ti metal in all cases during processing (sintering, heat 
treatment, and etching) in the oxygen-containing atmosphere 
spontaneously forms a protective TiO2 layer. When the Ti implant is 
inserted into the human body, the surrounding tissues directly contact 
the TiO2 layer on the implant surface. The surface characteristics  
of the TiO2 layer determine the biocompatibility of the Ti implant 
[112] and it is important to increase the biocompatibility of the 
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Ti implant for clinical applications, by surface modiϐications 
(electrochemical etching, or plasma treatment).
 The above-mentioned basic assumptions are relatively easy 
and simple to achieve and the following section is concentrated 
on electrochemical ways of the Ti-based surface modiϐications 
necessary for improving implant mechanical properties, corrosion 
resistance, biocompatibility, osseointegration, and other related 
surface properties. Increase of surface roughness of the hard tissue 
implant promotes the implant-tissue integration.

9.2 Electrochemical Anodic Oxidation

9.2.1 Electrochemically Grown Porous TiO2

Anodic oxidation (anodization) is an electrochemical treatment 
made at potentials positive from the open-circuit-potential (ocp). 
In the anodic conditions, the metallic implant is the working 
electrode immersed in the special type of electrolyte. The  
current ϐlow results in surface oxidation and formation of titania. 
Depending on the electrochemical conditions, the oxide thickness, 
its structure (anatase, rutile or amorphous), and adhesion can  
vary as well as in the surface of formed pores with diameter from 
nano- to micrometer range.
 In the electrochemical etching of titanium, used electrolytes  
often containing H3PO4, CH3COOH, and H2SO4 [50, 59]. In the 
Ti anodization, the dissolution is enhanced mostly by HF- or 
NH4F-containing electrolytes [88]. The current density for these 
electrolytes is much higher than in electrolyte without HF or NH4F 
[88]. Unfortunately, ϐluoride ions form soluble [TiF6]2− complexes, 
results in dissolution of the titanium oxides. In this way the 
dissolution process limits the thickness of the porous layer [5].
 Application of electrolyte containing phosphorus (like H3PO4), 
makes a possible incorporation of phosphorus into the oxide  
layer. As we know, phosphorus is a basic component of the human 
bone, so the increase of P-content in the surface layer can improve 
the osseointegration. The growing anodic oxide layer is mostly 
porous, which makes it easy to grow a tissue into the implants. For 
this process, the surface should have sufϐicient pores diameter and 
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roughness. Sufϐiciently thick oxide layer restrains corrosion and 
helps release harmful compounds. Porous implant layer has lower 
density than respective bulk substrate, and good mechanical strength 
is provided by bulk substrate. Hence, that material is attractive with 
respect to bulk titanium alloys or austenitic steels. The porous 
layer on the Ti substrate is necessary for fast osseointegration with 
bone [43], which is normally not provided by native oxide. Anodic 
oxidation usually proceeds at high DC voltages, for example in 
the range of 90–180 V and spark-discharge occurred at voltages 
higher than 105 V [109]. On the titanium surface, TiO2 with anatase 
structure was observed at 90 V [109], but for higher voltages 155 V 
and 180 V, mixture of anatase and rutile and single rutile phase was 
formed, respectively [109].
 Generally an unequivocal explanation of pore formation does  
not exist. The ϐield-assisted dissolution has been considered a 
predominant mechanism of porous anodic ϐilm formation [12, 19, 
25, 85, 105]. Transportation of speciϐic ions in oxide is considered 
as well for explanation of the pore formation [7]. Transformation 
of amorphous phase into crystalline generates stress, resulting 
in dissolution of oxides leading to pore formation, too [37]. Most of 
the models are true, but only for the speciϐic processing conditions 
is useful for pore formation explanation. 
 Titania coating can be prepared by a few other methods in 
addition to anodization, such as heat treatment, sol–gel, chemical 
treatment, and plasma spraying [22, 27, 28]. Rohanizadeh [76] found 
that the titanium pretreated in H2O2 solution shows the highest 
adhesion to the titanium substrate.
 Shih et al. [79] investigated the effect of titanium hydride on 
the formation of nanoporous TiO2 on Ti during anodization. They 
prepared titanium hydride TiH2 during cathodization (potentials 
negative to the ocp), followed to oxide layer and nanocrystalline 
TiO2 structure after anodization. A multi-nanoporous TiO2 layer 
was formed on the titanium. The titanium hydride nanostructure 
is directly changed to nanoporous TiO2 by a dissolution reaction 
during anodization. The nanostructural layer of TiH2 formed during 
cathodization plays a crucial role in forming the nanoporous TiO2 
layer. Anodization treatment with cathodic pretreatment transforms 
the titanium surface into a nanostructured titanium oxide surface. 
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Figure 9.2 Surface morphology of Ti after 15 A/cm2 anodization (a) and 
15 A/cm2 anodization with 5 A/cm2 cathodic pretreatment (b) 
[79].

 Figure 9.2a presents the microporous surface morphology of  
the Ti after anodization at a current density of 15 A/cm2. The 
nanoporous structures were obtained on the surface, when the 
current density of cathodic pretreatment was between 0.1 and  
5 A/cm2 (10 min in 1M H2SO4 solution at 25°C). A nanoporous 
Ti surface was obtained after anodization at 15 A/cm2 (10 min 
in 5M NaOH solution) with cathodic pretreatment at 5 A/cm2  
(Fig. 9.2b). The multi-stage treatment results in thicker titanium 
oxide layer. The higher porous oxide thickness results in the 
biocompatibility implant improvement. Shih et al. [79] found that 
TiO2/Ti after anodization with cathodic pretreatment is thicker 
and more porous than as-machined Ti, cathodic and, anodic Ti 
sheets. The TiH2 is important in forming multi-nanoporous TiO2 
layers. Cathodization involved the hydrogen evolution on titanium. 
Anodization dissolves nano-TiH2 and forms a thicker nanoporous  
TiO2 layer. They suggest that the presence of the TiH2 phase on 
titanium is critical in preparing a multi-nanoporous TiO2 layer [79].  
It should be mentioned that TiH2 (in powders form) also plays 
a crucial role in the metal foaming process [24, 117], resulting in 
uniform pore distribution (Fig. 9.3) in whole volume of the implant 
(foam), which is assured by Ti-hydrides decomposition. The main 
advantage of that structure is the lowest density, higher porosity 
(pores in whole volume of the material), and larger pores (in 
micrometer range) with respect to only porous surface formed 
during anodization of the bulk materials.
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Figure 9.3 SEM micrographs of the porous Ti scaffolds produced with 
various TiH2 contents of (A) 15 vol.%, (B) 20 vol.%, (C) 25 
vol.% [117].

Figure 9.4 SEM images of the Ti after etching in 48% H2SO4 at 60°C 
for 0.25, 0.5, 1, 3 and 8 h. The upper images are 10 times  
higher magniϐication of the central region of the lower images 
[3].
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 Ban et al. [3] investigated the etching behavior of titanium 
in concentrated sulfuric acid at 60°C for 0.25, 0.5, 1, 3, and 8 h  
(Fig. 9.4). The etching reveals grain boundaries and the crystal  
grains are well visible. On the surface are etched pores with  
diameter less than 1 μm. The depth of the etched grain boundaries 
and pores increases with etching time [3]. 

Figure 9.5 Surface roughness Ra and Rz, and weight loss of Ti after etching 
in 48% H2SO4 in the range from RT to 90°C for 0.25–8 h [3].

 The surface roughness and weight loss of the Ti increase with 
the acid temperature and etching time (Fig. 9.5) [3]. A signiϐicant 
difference occurs between the acid temperature and the etching  
time for roughness and the weight loss. The etching of Ti in 
concentrated H2SO4 involves the following reactions:

 TiO2 + 2H2SO4 → Ti(SO4)2 + 2H2O  (9.1)

 Ti + 2H2SO4 → Ti(SO4)2 + 2H2  (9.2)

 Ti + H2 → TiH2   (9.3)

 Surface roughness is strongly correlated with weight loss.  
At the beginning of the etching, the formation rate exceeds the 
rate of TiH2 dissolution, and the relative amount of TiH2 on the Ti 
surface increases. The dissolution rate of TiH2 also increases with 
time, because the surface area increases with the increase in surface 
roughness due to the etching.
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 Xie and Li investigated the Ti etching with respect to 
photoelectrocatalytic application [108]. They have used two 
processes done at: low voltages (20–40 V) and long time (6 h) 
anodization in aqueous 1M H2SO4 + 0.3M H3PO4 + 0.6M H2O2  
+ 0.03M HF solution and at low voltage (10–50 V) and short time  
(30 min) anodization in aqueous 0.5M H3PO4 + 0.1M HF solution  
plus post-calcination at 450°C for 2 h. The obtained results  
could be easily transferred to implant surface modiϐication. The 
results obtained by Xie and Li conϐirmed that Ti can be successfully 
anodized to TiO2 in both electrolytes at low voltages.
 The TiO2/Ti ϐilm prepared at 40 V for 6 h is shown in  
Fig. 9.6. The ϐilm is composed of a multiporous structure with the  
aggregated particles on its surface (a). The average size of the 
micropores is up to 1 μm. The thickness of this TiO2 ϐilm was 
determined to be about 4 μm [108]. The TiO2/Ti ϐilm prepared at  
30 V for 30 min with post-calcination at 450°C for 2 h is shown 
in Fig. 9.7. The nano-structured TiO2 thin ϐilm with a cross-linked 
multiporous network structure (a) was formed with average size 
of individual pores to be about 50 nm and interconnection wall 
thickness was around 30 nm. The thickness of this TiO2 layer was 
measured to be 650 nm (b). The anodic oxidation done at higher  
voltage is beneϐicial to achieve a higher degree of TiO2 crystallization. 
The XRD patterns show that all TiO2/Ti etched according to ϐirst 
process only exhibited an anatase phase (Fig. 9.8). The nano-
structured TiO2 thin ϐilm formed at 30 V for 30 min without calcination 
has mainly an amorphous structure due to a very short anodizing 
time, but after calcination at 450°C for 2 h, a well-crystallized TiO2 
ϐilm with an anatase-type is formed (Fig. 9.9). The results indicate 
that for both long time anodization without further thermal 
treatment and a short time anodization with post-calcination, can 
successfully form well-crystallized TiO2 ϐilms.

Figure 9.6 Top view (a) and (b) cross-sectional images of TiO2/Ti  
ϐilm prepared by anodization at 40 V for 6 h [108].
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Figure 9.7 Top view (a) and (b) cross-sectional images of TiO2/Ti ϐilm 
prepared by anodization at 30 V for 30 min and post-calcination 
[108].

Figure 9.8 XRD patterns of TiO2/Ti ϐilm prepared by anodization at 20, 
30, and 40 V, for 6 h [108].

Figure 9.9 XRD patterns of TiO2/Ti ϐilm prepared by anodization at 30 V 
for 30 min [108].



231

 During the Ti anodization process in aqueous acidic solution, 
Ti could be oxidized into various types of oxides, such as TiO2 and  
Ti2O3 with different valence states, as long as the positive potential 
applied on the titanium anode was higher than its theoretical 
oxidation potentials (1.630 V for Ti/Ti2+, 1.998 V for Ti/Ti3+,  
2.188 V for Ti/Ti4+ vs SCE) [108]. The higher applied potential can 
results in the complete transformation of Ti into TiO2. During anodic 
oxidation, a competition between an oxidation reaction (9.4) and 
dissolution reaction (9.5, 9.6) occurs:

 Ti + 2H2O → TiO2 + 4H+  (9.4)

 TiO2 + 6HF → [TiF6]2− + 2H2O + 2H+   (9.5)

 TiO2 + H2O + H+ → [Ti(OH)3]+   (9.6)

 Furthermore, reaction generating oxygen from water occurs 
(9.7):

 2H2O + 4e− → O2 + 4H+   (9.7)

 The voltage applied to titanium anode, the anodizing time, and 
the composition of the electrolyte are the most important factors  
to control the surface morphology and crystal structure of the 
product TiO2/Ti ϐilms [108].
 Jakubowicz [28] investigated etching of the Ti-electrode at low 
voltages in H3PO4 electrolyte containing HF addition. Figure 9.10 
presents morphology of the commercially pure titanium after 
anodic oxidation in 1M H3PO4 electrolyte containing following 
amount of HF: 0.5% (a), 2% (b) and 10% (c). The process carried 
out at relatively low voltage of 10 V vs. ocp for 30 min results in 
pore formation. When the HF concentration increases, the pore 
diameter signiϐicantly increases, too. For the low HF concentration 
0.5% (a), the average pore diameter is in the nanometer range and 
is approximately 45 nm. For the 2% and 10% HF concentration, the 
pore diameter signiϐicantly increases up to 1.5 μm (b) and 5.2 μm  
(c), respectively. Depending on the electrochemical conditions, 
two types of layers can be formed: nanoporous and microporous.  
Tsuchiya et al. [89] found a two-layers structure, with outer 
nanoporous and underneath with larger diameter tubes layer.  
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After long etching time, the top nanoporous layer is dissolved. The 
higher HF electrolyte concentration results in faster dissolution.

Figure 9.10 Porous TiOx formed after etching at 10 V for 30 min in 
1 M H3PO4 electrolyte containing: 0.5% HF (a), 2% HF (b),  
10% HF (c); (1 × 1, 10 × 10 and 40 × 40 μm, respective scans 
size) [28].

 On Fig. 9.11 shows the surface of the pure microcrystalline Ti 
after etching in 1M H3PO4 + 10% HF electrolyte at 10 V vs. OCP 
for 5 min [31]. Etching results in surface roughening and pits 
formation. The diameter and the depth of the pits are about 4–5 and  
1–2 μm, respectively. The pits’ dimensions differ for different process 
conditions, (like H3PO4 and HF concentration, etching time and 
applied voltage or current density) [28] and hence pits’ diameter 
can vary from nano- to micrometer range. Etching at low potential of 
1 V vs. OCP for 60 min reveals an initial etching stage (Fig. 9.12a). 
The surface etched in 1M H3PO4 + 0.35% HF has crack-like 
morphology (Fig. 9.12a) and large remnants of the ϐlat surface are 
visible [28]. The increase of the HF concentration up to 2% (Fig. 
9.12b) results in uniformly etched pores. This different behavior 
is related with increasing HF concentration, which results in faster 
etching.



233

(c)

(a) (b)

Figure 9.11 SEM (a) and AFM (b) images and cross section (c) of the 
titanium surface after etching in 1M H3PO4 + 10% HF at 10 V 
for 5 min [31].

(a) (b)

Figure 9.12 Porous TiOx formed after etching at 1 V for 60 min in 1M 
H3PO4 + 0.35% HF (a) and 1M H3PO4 + 2% HF (b) [28].

 On Fig. 9.13 is presented variation of the current density 
for titanium etched for 5, 15, 30, 60, and 120 min. A signiϐicant 
differences in current density between the start (initial time: 5 s) 
and the end (ϐinal time: 5, 15, 30, 60, 120 min) etching, curve (2) 
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and (1), respectively. After etching at constant voltage 10 V and for 
different time, the initial starting current is almost constant (curve 
2), but the end current decreases with the progress of etching 
time (curve 1). The observed current decay is attributed to a high 
electrical ϐield oxide formation. For the samples etched in electrolytes 
containing different HF concentration, the current density increases 
with increasing HF concentration (Fig. 9.13b). The gap between 
the current measured at start and end time signiϐicantly increases 
with increasing HF concentration. The HF plays an important role 
in titanium etching. Tsuchiya et al. [88] observed that for higher 
applied voltages (>80 V), the current signiϐicantly increases after 
initial decreasing stage, which was related with breakdown of the 
metal oxide. In acidic electrolytes containing HF, the main and minor 
part of the current is consumed in dissolution reaction and TiO2 
formation, respectively [5, 50]. On the other hand, Macak et al. [50] 
found that using NaF instead of HF leads to the growth of thicker 
porous layer, because etching of TiO2 in neutral electrolytes is slower 
than in acidic electrolytes. Increasing of the HF concentration in 
the electrolyte, results in high dissolution rate of the oxides. This 
phenomenon is possible even without anodization conditions 
(chemical etching).

Figure 9.13 Variation of the current density for different etching time  
(1M H3PO4 + 2% HF at 10 V) (a) and for different HF content  
(1M H3PO4, 10 V for 30 min) (b); lines number: 1 and 2 
present current density after end and start etching time, 
respectively [28].

 The polarization curves clearly indicate the etching behavior. 
The polarization curves for Ti immersed in 1M H3PO4 with different 
HF content is shown in Fig. 9.14 [4]. The current densities of the 
polarization curves, recorded by Bauer et al. [4], increase two 
decades with HF concentrations and increasing from 0.0 to 1.0 wt%. 
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In the absence of the ϐluorides, the surface is clearly spontaneously 
passive. Addition of ϐluorides leads to the shift of the open circuit 
potential to the more negative values and the occurrence of an active 
passive transition. For the concentrations of 0.2 and 0.3 wt%, a 
second current increase occurs at about 1200 mV, which is related 
with anodic pore formation [4].

Figure 9.14 Polarization curves recorded from 0 V to 5 V at a sweep rate of 
5 mV/s for different concentrations of HF [4].

 During anodization, it is possible to ϐind some characteristic 
stages of anodic oxidation on the recorded current curve (Fig. 9.15) 
[118]. Generally, the curve can be divided into four stages:
 (i) In the ϐirst stage, a compact oxide barrier layer is formed, 

which leads the current to decrease signiϐicantly due to the 
low conductivity of metal oxide.

 (ii) In the second stage, some cracks and narrow slits appear on 
the surface due to ϐield-enhanced dissolution of the oxide 
layer, and the current starts to increase.

 (iii) In the third stage, the current reaches a stable state, which 
corresponds to the random formation of porous structure 
in the slits and cracks. In this process, pore formation and 
dissolution of the oxide layer is possible as well (equilibrium 
of the pore formation with the pore dissolution).

 (iv) In the fourth stage, when the dissolution rate is larger than 
the pore formation rate, the porous structure is consumed 
and current density decreases. 
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Figure 9.15 Current transient recorded during anodization [118].

 Jakubowicz et al. [30, 32] investigated the biocompatibility  
of the porous surface obtained after etching of Ti in 1M H3PO4 
+ 10% HF electrolyte (results of human osteoblasts culture see  
chapter 12). 
 Mixture of H3PO4 + HF is a most often used electrolyte for 
Ti surface modiϐication. Kim et al. etched Ti for 1 h in different 
concentration of H3PO4 + HF and voltage conditions [44]. In the 
osteoblast cells cultured for 1, 3, and 7 days (Fig. 9.16), they found 
that samples a, b, and g show a good initial attachment of the cells 
compared to the others, whereas proliferation levels for 7 days are 
not good compared to the others. For example, samples a and g show 
that the cell density for 1 day is almost the same as that for 7 days 
[44]. Samples d–f show distinct proliferation levels for the period 
of 7 days and in the case of sample e, a linear increase in the cell 
density is observed through 7 days, and the highest cell density was 
observed after culturing for 7 days [44].
 The samples prepared in HF containing electrolytes allow 
incorporation of F− ions in the oxide. Kim et al. suggest that the 
initial attachment of cells is much stimulated on a titanium oxide 
layer containing F− ions [44]. The enhanced proliferation levels of 
cells in titanium oxides containing P O 4  3−  (especially with higher 
concentration of H3PO4 electrolytes) can be attributed to the 
intrinsic properties of phosphate anionic groups that facilitate the 
pre-adsorption of proteins to promote cell attachment/growth 
on biomaterial surfaces [17, 20, 44, 119]. The morphological  
changes during etching in H3PO4 electrolytes (Fig. 9.17) are  
attributed to the fast oxide dissolution by F− ions delayed via a 
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competition reaction between F− and P O 4  3−  ions. This leads to a local 
dissolution of the oxide, allowing for the formation of nanotubes 
[44]. 

a: aqueous 1 wt% HF at 60 V.
b: aqueous 1M H3PO4 + 1 wt% HF at 60 V.
c: aqueous 5M H3PO4 + 1 wt% HF at 60 V.
d: aqueous 10M H3PO4 + 1 wt% HF at 60 V.
e: aqueous 1M H3PO4 at 60 V.
f: aqueous 1M H3PO4 at 200 V.
g: aqueous 1M H3PO4 + 1 wt% HF at 20 V

Figure 9.16 MTT results of osteoblasts cultured for 1, 3, and 7 days, 
respectively [44].

 Figure 9.17 developed by Kim et al. is a map showing a different 
surface morphologies formed at different anodic conditions 
[44]. In 1 wt% HF electrolyte at 60 V, dot-like structures are  
produced due to a fast dissolution of the formed oxide (Fig. 9.17a). 
In 1M H3PO4 nanopowder consisting of granules is formed on the  
dot-like structures (Fig. 9.17b). Increase of H3PO4 concentration 
results in formation of single nanopowders (Fig. 9.17c) and 
coexistence of nanopowders with nanotubes (Fig. 9.17d). The 
microporous structures can be formed in a single H3PO4 (without 
HF) electrolyte above the breakdown potential (Fig. 9.17f). Barrier  
oxide layers with bursts and cracks are synthesized below the 
breakdown potential (Fig. 9.17e) and nanotubular structures can 
be formed in a mixture of aqueous 1M H3PO4 and 1 wt% HF at a 
moderate potential (Fig. 9.17g). As shown by Kim et al. [44], the 
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F− ions show very good initial attachment of cells (group I), and  
PO 4  3−  ions show a good cells growth for 7 days (group II) and these 
results are attributed to a low surface potential for favoring the cell 
attachment caused by F− ions and osteoblast growth by phosphate 
ions, respectively [44].

Figure 9.17 Morphology maps of anodic titanium oxides prepared 
at different anodization conditions; (a–f) are the results  
of samples denoted in Fig. 9.16. Group I shows a good 
attachment of cells at an initial stage and group II exhibits  
the good proliferation of cells for the period of 7 days [44].

 Yang et al. [112] investigated electrochemical anodization of 
Ti to produce a nano/submicron-scale network oxide layer for 
biomedical implant application. Biological species (blood and cells) 
have various dimensions ranging from nm to μm. Yang et al. suggests 
that a mixed nano- and submicron Ti implant surface may have 
better initial responses to blood and cells [112]. SEM images of the Ti 
specimens with and without anodization obtained by Yang et al. are 
shown on Fig. 9.18. A multilayered nano/submicron-scale network 
is clearly visible. The lateral pore size for I1 and I2 specimens (both 
below 0.2 A, but I1 < I2) were approximately 20–110 and 30–160 nm, 
respectively. The thickness of the multilayered network was about 
180 nm for I1 and 320 nm for I2. Increase of anodic current led to an 
increase in network pore size and thickness. This surface network 
layer structure is build mainly from anatase TiO2-type structure. 
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(a)

(c)

(b)

Figure 9.18 SEM images of Ti with and without electrochemical anodiza-
tion treatment: untreated I0 (a); anodized in 5M NaOH (b, c); 
current density I1 for b is lower than I2 for c [112].

 Biological tissues interact mainly with the outermost atomic 
layers of the biomaterials when biomaterials are implanted into 
the body environment [112]. The optical photographs (Fig. 9.19) of  
the Ti specimens after 10 min of blood clot formation revealed 
that the blood clotted more signiϐicantly on the anodized I1 and I2 
specimens than on the untreated I0 specimen. The nano/submicron-
scale of the TiO2 network layer enhances the blood coagulation of 
the Ti surface [112].

Figure 9.19 Optical photographs of the Ti specimens (I0, I1, and I2) after 
10 min blood clot formation, indicating the blood clotted 
more signiϐicantly on the anodized I1 and I2 specimens [112].
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 Figure 9.20 shows the SEM images of the attached human  
bone marrow stem cells (hBMSCs) on the Ti specimens after 24 h of 
cell culture [112]. 

(f)(c)

Figure 9.20 SEM images of the attached human bone marrow stem cells 
on the Ti specimens after 24-h cell culture (a, b, and c: I0, I1, 
and I2 with magniϐication of 2000×; d, e, and f: I0, I1, and I2 
with magniϐication of 10000×) [112].

 The attached hBMSCs exhibit a better spreading appearance 
on the anodized I1 and I2 specimens compared to the untreated I0 
specimen, which states a positive sign for the biocompatibility of  
the anodized nano/submicron-scale TiO2 network surfaces [112]. 
The cell proliferation of hBMSCs on the anodized I1 and I2 specimens 
was signiϐicantly faster than the untreated I0 specimen [112]. The 
XPS investigations of the Yang et al. show that higher proteins 



241

content existed on the anodized Ti specimen with respect to the 
untreated Ti specimen [112]. The results are consistent with those 
reported by Woo et al. [104]. They found that scaffolds with nano-
ϐibrous pore walls adsorb more proteins than scaffolds with solid 
pore walls [104]. The nanoscale topography surface enhances the  
cell adhesion of ϐibroblast cells.
 Oh et al. [63] showed that anodic oxidation of Ti at a very high 
voltages result in a surface attractive for biomedical applications. 
They kept anodization at a constant voltage of 180 V up to 60 min 
in H2SO4 + H3PO4 electrolytes. After anodizing at high voltages, a 
porous titania surface is formed (Fig. 9.21) with a mixture of the 
anatase and rutile phases on the Ti substrate (Fig. 9.22) [63]. 

Figure 9.21 SEM image of the surface morphologies of the anodic TiO2 
ϐilm prepared at 180 V in 0.9M H2SO4 + 0.1M H3PO4 for 30 
min [63].

Figure 9.22 X-ray diffraction pattern of the anodic titania ϐilm formed at 
180 V in 0.9M H2SO4 + 0.1M H3PO4 for 30 min [63].
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 The cross section of the anodic titanium oxide ϐilm obtained by 
Oh et al. [62] formed by electrochemical method at 180 V for 30 min 
in 1.5M H2SO4 + 0.3M H3PO4 + 0.3M H2O2 electrolyte is shown in  
Fig. 9.23. The variation of pore layer thickness and diameter is 
shown, too. The growth of the pore diameter of cell structure with 
anodic time increases rapidly in the beginning stage of anodization. 
The pore diameter and layer thickness of TiO2 increases with 
anodization time. The anodic ϐilm thickness is dependent on anodic 
time with a rate of 3.15 × 10–2 μm/min at 180 V [62].

Figure 9.23 Cross-sectional image of TiO2 ϐilm (a) and the relationship 
between average pore diameter and anodic ϐilm thickness 
with anodizing time at 180 V in 1.5M H2SO4 + 0.3M H3PO4 + 
0.3M H2O2 electrolyte (b) [62].

 The bioactivity of the as-prepared surface is improved with 
the immersion in SBF for 3 days, resulting in the formation of 
surface Ca-P compounds. The nucleation of Ca-P compounds is  
made convenient by ions introduced to the surface layer during 
anodization [47, 63]. The depth proϐiles of phosphorus concentration 
in anodic titania (Fig. 9.24) show that the degree of the residual 
phosphate concentration in anodic oxide layer increases with 
concentration of H3PO4 in electrolyte [47]. The species containing 
phosphate ions inϐiltrate into the oxide ϐilm during anodization  
[55, 62] and these ions in electrolyte penetrate more easily into the 
oxide/electrolyte interface with the phosphoric acid concentration 
[47]. In the surface layer, phosphorus is in the forms of mainly  
HP O 4  − , P O 4  − , and P O 3  − . Therefore, these negatively charged species on 
the anodic titania surface can act as preferential nucleation sites of 
calcium phosphate by attractive interaction with Ca2+ ions in SBF 
[47].
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Figure 9.24 Depth proϐile of anodic TiO2 layer formed in electrolytes [47]: 
1.5M H2SO4 + 0.3M H3PO4, 1.5M H2SO4 + 0.6M H3PO4, 1.5M 
H2SO4 + 0.9M H3PO4. See also Color Insert.

 Yu et al. [118] investigated formation of nanostructured TiO2 
thin ϐilms deposited on silicon, and silicon carbide substrates by 
DC magnetic sputtering, with subsequent anodization in acidic 
0.1–2.0 wt% HF, and neutral electrolytes containing 1M (NH4)2SO4 
and 0.5 wt% NH4F. They described the effect of the electrolytes 
and substrates on the microstructure of the anodized thin ϐilms. 
Nanoporous ϐilms (Fig. 9.25) formed on silicon substrates with an 
average pore diameter of 25 nm and interpore distance of 40 nm 
was obtained [118]. Yu et al. showed the possibility of the formation 
of anodic ϐilm on silicon carbide substrate, too [118]. They did the 
anodization in 0.3 wt% HF electrolyte at 2.5 V. The obtained ϐilm 
was composed of the individual clusters that exhibited a laminated 
structure (Fig. 9.26). The unique microstructure is related with 
different orientation of the titanium ϐilm deposited on silicon carbide 
substrate.

Figure 9.25 SEM images of nanoporous TiO2 thin ϐilm on silicon substrate 
formed in 0.5% HF electrolyte at 3 V; high (a) and low (b) 
magniϐications [118].

Electrochemical Anodic Oxidation



244 Surface Treatment of the Ti-Based Nanomaterials

Figure 9.26 SEM images of the anodic ϐilm with a layered structure on 
silicon carbide substrate [118].

 Anodization of Ti is not limited to dental or orthopedic implant 
surfaces only. The process can be applied to dental arch wire, too 
[110], resulting in nanosurface topography. The arch wire provides 
torsion and bending forces, and through the brackets, the forces 
are exerted on the teeth. Stainless alloys, NiTi-based alloys, and  
β-Ti-based alloys are most widely used materials for the dental 
arch wires [103, 110]. NiTi-based alloys and β-Ti-based alloys are 
the shape memory alloys and have unique super elastic properties 
[70, 72]. By carefully choosing the anodization conditions, the arch 
wires can be produced with red, yellow, green, and other kinds of 
colors. The colors of the wires are caused by light interferences 
through the oxide layers, indicating oxide thickness. Yang et al. 
[110] used different electrolytes for respective surface preparation. 
They applied 1M H2SO4, 1M H3PO4, 3 wt% Na2SO4 · 10H2O, and  
5 wt% Na3PO4 · 12H2O. The anodization was conducted at 10–60 V, 
and at a constant temperature of 25°C. The anodization time was 1 
and 10 min for the β-Ti wires, and 120 min for the NiTi wires. The 
colors of the anodized wires vary with the applied voltages, and 
the wires of a wide spectrum of colors were obtained (Fig. 9.27,  
Fig. 9.28). The TiO2 layers are found on both kinds of anodized wires, 
and no nickel element was detected on the surface of the anodized 
NiTi wire [110]. The thickness of the oxide layers increases, with the 
increasing voltages and time of anodization (Table 9.1). The oxide 
layer is uniformly formed on the anodized β-Ti wires, but the surface 
roughness of the NiTi wires increases after anodization (Fig. 9.29). 
The NiTi wires are not as bright as the β-Ti wires, which is related 
to oxide layer uniformity (more uniform for β-Ti wires). Since 
anodization only modiϐies the surfaces, the tensile properties of both 
the two anodized wires remain unchanged [110].
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Figure 9.27 The optical micrographs of the β-Ti wires anodized in 1M 
H2SO4 electrolyte for 10 min: (a) original (non-anodized); (b) 
at 10 V, (c) at 20 V, (d) at 30 V, (e) at 40 V, (f) at 50 V, and (g) 
at 60 V [110]. See also Color Insert.

Figure 9.28 The optical micrographs of the β-Ti wires anodized in 1M 
H3PO4 electrolyte for 10 min: (a) at 10 V, (b) at 20 V, (c) at 
30 V, (d) at 40 V, (e) at 50 V, and (f) at 60 V [110]. See also 
Color Insert.

(a)

(c) (d)

Figure 9.29 The SEM images of the NiTi wires anodized in a 1M sodium 
sulfate electrolyte for 120 min: (a) original (non-anodized), (b) 
at 10 V, (c) at 20 V, (d) at 30 V, and (e) at 40 V [110].

Electrochemical Anodic Oxidation
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Table 9.1 Thickness of the oxide layers of the β-Ti wires anodized for 
10 min [110]

Electrolyte

Voltage

(V)

Oxide

color

d(AES)

mλ = 

2ndcosθ 

(Å) n(TiO2) = 2.4

d

(interference)

(Å)

H2SO4 20 Blue 654 m = 1, λblue = 

4625 (Å)

964

H2SO4 40 Yellow 1221 m = 1, λyellow = 

5675 (Å)

1182

H2SO4 60 Purple 2380 m = 2, λpurple = 

4100 (Å)

1708

H3PO4 50 Gold 

yellow

1631 m=1, λblue = 

4625 (Å)

1182

m = 1, λred = 

4625 (Å)

1422

H3PO4 60 Pink 2117 m = 2, λorange 

= 4625 (Å)

2844

m = 2, λorange 

= 4625 (Å)

2531

 Sul [81] investigated implants that contain sulphur (S), 
phosphorus (P) and, calcium (Ca) anions electrochemically 
incorporated into the TiO2 matrix from sulphuric acid, phosphoric 
acid, calcium containing mixed electrolyte system, respectively 
(Table 9.2). The implants showed two types of surface morphologies 
(Fig. 9.30): a nonporous structure in control implants and a  
porous structure in test S, P and, Ca implants. The pore diameter 
of test groups was 0.2 μm in S-containing implants, 1.5 μm in  
P-containing implants, and 1.3 μm in Ca-containing implants.
 The quantitative in vivo results of the implant loosening  
torque were obtained by Sul [81] through the removal torque test, 
reϐlecting the interfacial shear strength. All oxidized implant groups 
showed higher mean peak values of removal torque than control 
groups. Ca implants revealed the highest torque values of all implant 
groups (Fig. 9.31).
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 Bone to metal contact (BMC) measurements in all implants 
demonstrated signiϐicant differences in comparison with the paired 
control groups. Figure 9.32 shows comparisons of the bone contact 
in all threads between test groups and the paired control groups. 
The increase of mean BMC values was 186% in S implants, 232% in 
P implants, and 272% in Ca implants compared to the paired control 
groups. The mean BMC values were 39% in S implants vs. 21% in the 
paired controls, 44% in P implants vs. 19% in the paired controls, 
and 49% in Ca implants vs. 18% in the paired controls [81].

Table 9.2 Surface oxide characteristics of the control and tests of the 
screw-shaped cp titanium implants [81]

Oxide 

characteristics

Turned 

implant S implant P implant Ca implant

Chemical 
composition

Primarily TiO2

Contaminant C,
Traces Ca, Na, 
Si < 1%

Primarily TiO2 
and S ≤ 1 at.%
Contaminant C,
Traces Ca, Na, 
Si<1%

Primarily TiO2 
and P ≤ 8 at.%
Contaminant C,
Traces Ca, Na, 
Si < 1%

Primarily 
TiO2 
and Ca ≤ 11 
at.%
Contaminant 
C,
Traces Ca, Na, 
Si < 1%

Oxide thickness 17 ± 6 nm 1080 ± 324 nm 1224 ± 144 nm 1296 ± 225 
nm

Morphology Nonporous 
structure being 
with turned 
grooves  
≤10 μm

Porous 
structure being 
with a number 
of craters

Porous 
structure being 
with a number 
of craters ≤1.5 
μm by length

Porous 
structure 
being with 
a number of 
craters ≤1.3 
μm by length

Pore size 
distribution

≤0.2 μm by 
length

≤1.5 μm by 
length

≤1.3 μm by 
length

Crystallinity Amorphous Strong anatase Amorphous Anatase

Roughness Sa 0.83 ± 0.32 μm 1.04 ± 0.42 μm 0.83 ± 0.29 μm 0.85 ± 0.32 
μm

Roughness Scx 9.78 ± 1.4 μm 12.05 ± 3.74 
μm

11.19 ± 2.33 
μm

9.83 ± 1.07 
μm
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Figure 9.30 SEM images at ×3000 (×10000 in box) show non-porous 
structure of the turned screw implants and porous structure  
of test S-, P-, and Ca-containing implants [81].

Figure 9.31 Mean removal torque values (N ⋅ cm) after 6 weeks of healing 
time, demonstrating statistically signiϐicant differences 
between S implants and controls, and Ca implants and  
controls, respectively (*P < 0.005; **P < 0.001) [81].
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Figure 9.32 Comparisons of the bone to metal contact (BMC) in all 
threads of control and test S, P and, Ca implants after 6 weeks 
of healing time (*P < 0.005) [81].

 Sul [81] shows that the electrochemically oxidized nanoporous 
Ca-containing implant demonstrated the strongest bone response 
regarding removal torque test and histomorphometrical 
quantiϐications between the four groups. S and P implants also showed  
signiϐicantly stronger bone tissue reactions than the controls. The 
improved bone reactions of S-contained implants are most likely 
due to the topographical properties (porous structure) while the 
strong bone reactions of P and Ca implants may be attributed to the  
chemical properties [81]. Electrochemically oxidized implants of  
200 nm or less oxide thickness showed no signiϐicant differences in  
bone response in comparison to controls but implants with  
600 nm or more oxide thickness showed a signiϐicantly enhanced  
bone response in a rabbit model [81]. For obtaining thick micro-
meter anodic oxide layer, phosphoric/sulphuric acid electrolytes are 
deϐinitely useful.
 Das et al. [14] investigated in vitro cell–materials interactions 
using human osteoblast cells on the anodized titanium in H2SO4, HF 
and H3PO4 electrolytes at anodizing voltage of 20 V. Figures 9.33 and 
9.34 show the SEM images of the cell morphologies on Ti-control 
(without oxidation) and anodized surfaces after 3 and 11 days of 
cell culture, respectively. Cells on Ti-control (Fig. 9.33a) show an 
elongated, ϐlattened morphology. Cells on the H2SO4 anodized surface 
show a rounded morphology (Fig. 9.33b), whereas on the H3PO4 
oxidized surface, they show good cell attachment (Fig. 9.33c). The 
HF anodized surface is uniformly covered with cells and ϐilopodia 
extensions were observed (Fig. 9.33d). After 11 days of culture, the 
cells on the Ti-control surface have ϐlattened elongated morphology 
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with many ϐilopodia extensions from the cell to the substrate  
(Fig. 9.34a). In H2SO4 oxidized surface (Fig. 9.34b), the surface area 
of cells attachment is minimized. The H3PO4 oxidized surface shows 
excellent cell spreading and proliferation (Fig. 9.34c), forming a 
three-dimensional ϐibril network. In the HF treated surface, the 
colonization of the cells was noticed, with cells developing a double 
net-like layer structure (Fig. 9.34d) [14].

Figure 9.33 SEM images illustrating OPC1 cell adhesion after 3 days of 
culture on (a) control-Ti and oxide surfaces anodized in (b) 
H2SO4, (c) H3PO4 and (d) HF electrolytes [14].

  
Figure 9.34 SEM images showing the cellular adhesion and proliferation  

on (a) control Ti, oxide surfaces anodized in (b) H2SO4, (c) 
H3PO4 and (d) HF electrolytes after 11 days of incubation 
[14].
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 A comparison of cell densities on the different anodized  
surfaces for 5, 11, and 16 days was shown, as well (Fig. 9.35) [14]. 
For all days of culture, surfaces etched in H3PO4 electrolytes show 
the highest cell density. Cell density for the anodic oxide increases 
in the order of H3PO4 < HF < H2SO4 < Ti-control. The HF and H3PO4 
oxidized surfaces are rougher than H2SO4 and polished Ti-control 
surfaces. Therefore, the surface morphology and properties, such 
as high roughness, low values of contact angles, high wettability, 
and high surface energy plays a crucial role in cell attachment. The 
rough H3PO4 surface with improved wettability enhances the cell 
attachment process [14].

Figure 9.35 Optical density measured after culture for 5, 11, and 16 days 
[14].

9.2.2 TiO2 Nanotubes and Nanofibers

Nanotubes or nanoϐibers have shown good biological behavior, for 
example, improved cell adhesion and differentiation, and therefore 
exhibit potential in osseointegration for dental and bone implants 
applications.
 Anodization of titanium can result in pores [28] or nanotubes 
formation [66, 122]. Beside anodization [19, 51], the titanium 
oxide nanotubes can be prepared by various techniques such as 
sol–gel method [46], electrophoretic deposition [56], hydrothermal 
method [87], seed growth [86], and template-assistant deposition 
[77]. Uniform TiO2 nanotube arrays dimensions can be carefully 
controlled by adjusting electrolyte composition, pH, and voltage 
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[10, 18, 84, 120]. It is known that an increase in nanotube length 
enhances the effective surface area and the resistance of the oxide 
ϐilm, which is promising in implant applications.
 Yang et al. [113] have used a two-step anodization procedure at 
potential 20 V for the nanotube formation (Fig. 9.36). The two-step 
anodization consists of the following: 

Figure 9.36 SEM cross-sectional images of TiO2 nanotube arrays fabricated 
by two-step anodization for different step-2 anodization 
duration: (a) 0.5 h, (b) 1 h, (c) 2 h and (d) 4 h [113].

 (i) Anodization of titanium foil in an aqueous electrolyte (1M 
H3PO4 + 0.5 wt% HF) for 2 h, followed by rinsing with DI water 
and drying in ambient air

 (ii) Anodization of the specimen in a nonaqueous electrolyte 
(glycerin containing 0.5 wt% NH4F)

 They found that TiO2 nanotubes formed in aqueous electrolyte 
(H3PO4 + HF) have a much wider diameter compared to nanotubes 
formed in nonaqueous electrolyte (glycerin + NH4F). The 
morphologies of the TiO2 nanotubes formed by anodization are 
strongly dependent upon the electrolyte composition. Figure 9.36 
shows the SEM cross-section images of the TiO2 nanotubes arrays 
fabricated by two-step anodization. After anodization for 0.5 h, 
another layer of TiO2 nanotubes with 150 nm in length grows 
underneath the already formed nanotubes. The extension of the 
anodization time to 4 h results in the 2 μm TiO2 nanotubes growth. 
 The two different layers of nanotubes connect closely, exhibiting 
any exfoliation. Yang et al. [113] suggest that the new layer of the 
TiO2 nanotubes grows directly from the bottom of the already 
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formed nanotubes. The growth mechanism of graded TiO2 nanotube 
arrays is schematically presented in Fig. 9.37. After the step-1 
anodization (in H3PO4 + HF), the highly ordered TiO2 nanotubes 
grow upon a barrier layer of the titanium oxide and hydroxide  
(Fig. 9.37a). This layer of TiO2 nanotubes has rough side-wall and 
wide diameter. The formation of rough side-wall may be due to 
the voltage oscillations during the anodization process in aqueous 
electrolytes. After immersing the already formed TiO2 nanotubes in 
glycerin + NH4F electrolyte, the electrochemical environment alters 
due to the changes of the electrolyte composition. Dissolution and 
breakdown of the barrier layer at the bottom of the already formed 
TiO2 nanotubes occur in the initial stage of the step-2 anodization 
(Fig. 9.37b). The formation of the breakdown sites is due to the 
high electric ϐield intensity at the bottom of the already formed 
TiO2 nanotubes. The breakdown sites act as seeds to the growth of 
a new layer of TiO2 nanotubes (Fig. 9.37c) and the new nanotubes 
grow directly from the breakdown sites, which are the bottom of 
the already existing TiO2 nanotubes. By extending the time of the 
step-2 anodization, graded TiO2 nanotube arrays can be formed  
(Fig. 9.37d). The anodization in step-1 can produce higher electric 
ϐield intensity and hence faster chemical dissolution rate. In the 
step-2 anodization, at lower electric ϐield intensity, a slower  
chemical dissolution rate dominates.

Figure 9.37 Growth mechanism of graded TiO2 nanotube arrays: (a) 
already formed TiO2 nanotubes by the step-1 anodization,  
(b) breakdown of the barrier layer in the bottom of the 
already formed TiO2 nanotubes, (c) growth of a new layer of 
TiO2 nanotubes, (d) graded nanotubular structure [113].

Electrochemical Anodic Oxidation
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 A possible growth mechanism of the nanotubes compared with 
the nanoporous structure was proposed by Yu et al. [118] and is 
presented in Fig. 9.38 (based on the assumptions of Fig. 9.26). For 
samples anodized in aqueous HF solutions, a compact oxide layer is 
formed at the initial stage of anodization, followed by the random 
generation of small pits on it (Fig. 9.38a). Then at steady-state 
stage of dissolution (Fig. 9.26), pores grow on the basis of such pits  
(Fig. 9.38b) and a porous structure forms. For samples anodized in 
F−-containing neutral electrolytes (with NH4F), the interpore regions 
are also attacked by the F− ions (Fig. 9.38c). Slits are generated at 
these parts and cause the formation of the nanotubes (Fig. 9.38d) 
[118].

(a)

(b)

(c)

(d)

Figure 9.38 Schematic diagram of (a) pits formed on the compact oxide, 
(b) growth of nanoporous structures, (c) dissolution at the 
inter-pore region and (d) formation of discrete nanotubes 
[118].

 Crawford and Chawla [13] also proposed a comparable, more 
evaluated mechanism of surface changes during anodization of Ti 
(Fig. 9.39). They fabricated the TiO2 porous and tubular coatings 
by anodic oxidation in 1M H2SO4 + 0.1M NaF solution. They found 
that oxidized ϐilm can consist of large (1 to 20 μm) pores and small 
nanotubes (50 nm diameter). For the bioactive applications, the 
nanoporous structure enhances bioactivity and osteoblast function 
[41, 67, 68, 90, 114] and microporous structure improve a bone 
ingrowth and mechanical ϐixation [8].
 Crawford and Chawla described the evolution of the TiO2 
microstructure in four stages (Fig. 9.39). In the initial stage 1 of 
anodization, a large decrease in the current density with time 
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is observed due to the formation of a dense oxide layer by the 
dissolution of Ti:

 Ti + 2H2O → TiO2 + 4H+ + 4e−  (9.8)

 The ϐinal thickness of this oxide layer is related to the applied 
potential. In stage 2, in the presence of F−, chemical dissolution of 
TiO2 is possible:

 TiO2 + 4H+ + 6F− → Ti F 6  2−  + 2H2O  (9.9)

 Stage 2 is characterized by the formation of nanopores across  
the surface of the TiO2 layer. The formation of nanopores results in  
an increase in current density, local dissolution of TiO2, and  
increasing the electric ϐield intensity at the bottom of the pore. The 
increased current density drives the formation of new oxide at the 
metal/oxide interface while also increasing the rate of chemical 
dissolution at the oxide electrolyte interface [13].

Figure 9.39 Schematic showing the mechanism for TiO2 nanotube 
formation [13].

Electrochemical Anodic Oxidation



256 Surface Treatment of the Ti-Based Nanomaterials

 In stage 3, the nanopores continue to grow into the oxide layer 
and there is an abrupt transition from nanopores to nanotubes, 
so a bi-layered structure is visible [13]. The top and bottom layers 
consist of the nanopores and the nanotubes, respectively. In 
this stage, nanotubes grow deeper into the substrate due to the 
competition of the oxide growth and dissolution at the bottom of the 
nanotube. As nanotubes grow, the nanoporous layer is chemically 
dissolved, resulting in thinning or disappearance. In Crawford 
and Chawla’s experiments, the nanoporous layer disappears after 
90 min of anodization [13]. In stage 4, once the nanoporous layer has  
undergone complete dissolution, the coating consists of an ordered 
array of TiO2 nanotubes. With anodization time, the nanotubes 
continue to grow in length (Fig. 9.40), and the current density 
continues to drop, until the both current density and coating 
thickness stabilize. Evolution of four distinct layers within TiO2, 
(barrier layer, nanoporous layer, TiO2 nanotube layer, and precipitate 
layer) measured by Crawford and Chawla [13] is shown in 
Fig. 9.40. They have observed a thick, relatively dense precipitate 
layer on the surface of the nanotube coating (Fig. 9.41). The 
pre-cipitate layer grows in thickness rapidly between 2 and 4 h 
(Fig. 9.40). The presence of this precipitate layer is likely associated 
with the rapid dissolution of Ti. For samples anodized at more acidic  
pH <5.0 they did not observe a precipitate layer [13]. For longer 
etching times (20 h), the layer disappears.

Figure 9.40 Layer thickness versus anodization time for the barrier layer, 
nanoporous layer, precipitate layer, and nanotube layer [13].
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Figure 9.41 SEM cross-section of the TiO2 nanotube coating and  
precipitate layer formed by anodization of Ti for 2 h in 1M 
H2SO4 + 0.1M NaF solution at a constant potential of 20 V  
and pH 5.0 [13].

 The pH and temperature plays an important role in the  
nanotube length (Fig. 9.42, Fig. 9.43). The pH has no noticeable 
effect on the diameter of the TiO2 nanotubes, but the nanotube 
length increases drastically with increasing electrolyte pH.  
This effect is related to the enhanced chemical dissolution rate of 
TiO2 in acidic solutions. With increasing electrolyte temperature,  
the rate of chemical dissolution increases, resulting in a thinner  
ϐilm of the nanotubes.

Figure 9.42 Nanotube length (coating thickness) vs. pH for the anodization 
of Ti for 10 h in 1M H2SO4 + 0.1M NaF solution at a constant 
potential of 20 V, at 24°C [13].

Electrochemical Anodic Oxidation
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Figure 9.43 Nanotube length (coating thickness) vs. electrolyte  
temperature for the anodization of Ti for 2 h in 1M H2SO4 
+ 0.1M NaF solution at a constant potential of 20 V, and  
pH 5.0 [13].

 Chemical dissolution and ϐield-assisted dissolution were 
considered to play key roles in the formation of nanotubes [74]. 
Mor et al. [58] suggest that unanodized materials part could exist 
between the pores and ϐield-assisted oxidation/dissolution of 
these interpore regions, resulting in the formation of voids. The 
growth of voids in equilibrium with pores has been considered 
to render nanotubular structure. Slight altering electrochemical 
condition could result in pores or tubes formation. Both structures 
can be produced in comparable electrolytes. The ϐluoride ions are 
necessary in the formation of nanoporous structure [123], but  
when anodization is conducted at higher potentials (>200 V), the 
porous ϐilm is possible to do in non-ϐluoride containing solutions 
[121]. Because the dielectric breakdown occurs, the pores are not 
uniform with cracks in the oxide ϐilm. Formation of nanoporous 
layer in ϐluoride solutions required a much lower voltage (<40 V) 
while the pores are well separated and self-ordered.
 The anodic oxidization is a relatively simple technique 
for preparing highly oriented uniform nanotube arrays. The 
anodization can be conducted at either high or low potentials of 
typically [5, 10, 58, 80, 92]. At low potential, chemical dissolution 
of the titanium oxide play a key role in the formation of nanotube 
arrays. The formation is determined by the balance between the 
electrochemical oxidization and the chemical dissolution [10].  
When the electrochemical oxidization proceeds faster than the 
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chemical dissolution, the barrier layer grows, which in turn reduces 
the electrochemical oxidization process to the rate determined by  
the chemical dissolution [11]. The chemical dissolution rate 
determines the nanotube length [10]. When the chemical dissolution 
does not occur, the further anodization is obstructed by the oxide 
layer and higher potential up to hundreds volts are needed to break 
the barrier layer [11].
 Raja et al. [74] investigated a nanotube formation during 
anodization of Ti foil at constant 20 V in the following electrolytes: 
0.5M H3PO4 + 0.138M HF, 0.5M H3PO4 + 0.138M NaF, 0.5M 
H3PO4 + 0.138M NaCl, 0.5M H3PO4 + 0.138M NaBr. They show  
evolution of the nanoporous structure during etching in 0.5M  
H3PO4 + 0.14M HF at constant potential of 20 V (Fig. 9.44). After 
10 s etching are observed, a microcracks acts as a nucleation 
points for nanopores during anodization for longer period. 

Figure 9.44 Stages of nanotubular ϐilm evolution during anodization  
at 20 V in 0.5M H3PO4 + 0.14M HF solution: from micro- 
cracks through pores to a thick oxide with self-organized 
nanotubes [74].

Electrochemical Anodic Oxidation
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Complete porous oxide morphology is observed after 200 s 
anodization. Extending time of anodization to 1000 s results in 
separation of individual tubes from the nanopores and the outer 
oxide layer is estimated to be about 150 nm thick. A clear self-
ordered nanotubular structure appears after 3000 s of anodization. 
The thickness of the oxide layer was about 500 nm with about  
100–120 nm outer diameter tubes.
 In the acidic electrolyte solutions containing HF, the strong 
dissolubility of hydroϐluoric acid limits the nanotube length to a 
maximum of about 500 nm [58].
 Raja et al. [74] tried to explain mechanism of self-ordered 
nanotubular oxide formation. The sequence of nanotubular oxide 
layer formation during anodization is described as follows:
 (i) Formation of a passive inner barrier-type ϐilm during the ϐirst 

few seconds of anodization
 (ii) Thickening of barrier layer and subsequent microϐissuring 

(formation of easy paths)
 (iii) Secondary oxide nucleation through these easy paths and 

pore nucleation
 (iv) Coverage of the secondary oxide on the entire surface and 

growth of pores
 (v) Pore separation to form individual and self-ordered 

nanotubes.
 Pore separation leading to formation of individual nanotubes 
occurs under speciϐied environmental condition that results in 
higher anodic current density. In acidic solutions, the current 
density is higher and steady, leading to nanotubular structure  
(Fig. 9.45a,b). When Ti4+ ions dissolve into solution, cation  
vacancies are generated [74]. These cation vacancies migrate  
along the electric ϐield, reaching the metal/oxide interface. If the 
vacancies are not annihilated, they condense to form voids. When 
dissolution in acidic solution proceeds fast, the density of cation 
vacancies is very high. Dissolution occurs mainly near the inner wall 
of the pores containing adsorbed anions, but in this case, the ϐield 
strength may not be as high as that in the barrier layer. Therefore,  
Raja [74] considered vacancy transportation in the radial 
direction, which results in rows of vacancies reaching centers 
of the interconnected porewalls from the two neighbor pores 
(Fig. 9.45c). If the charges have the same sign, they repel and keep 
an equilibrium distance. To maintain electrical neutrality, oxygen 
vacancies are generated. If the dissolution rate is much higher than  
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the generation of oxygen vacancies at the metal/barrier oxide 
interface, the repelling forces of the cation vacancies results in 
separation of the neighboring pores leading to individual nanotubes 
[74]. Addition of bromide or chloride ions to H3PO4 electrolyte 
initiates pitting, but did not result in nanopores [74]. The electrolyte 
must be acidic (with HF or NaF addition) to form ordered nanopores 
layer.

Figure 9.45 Separation of nanopores to form individual nanotubular  
oxide layer during anodization of Ti: (a) formation of 
individual nanotubes during anodization, (b) side-view of 
the nanotubes after anodization, (c) schematic illustration 
of pore separation mechanism. Cation vacancies generated 
by dissolution of Ti cations are transported radially from the 
two sides of common wall of the neighbor pores. Charges of 
similar polarity repel and when electrical neutrality is not 
maintained this repulsion causes separation of pores into 
individual nanotubes [74].

 Oh [85] produced vertically aligned TiO2 nanotubes on Ti sheet 
(0.25 mm thick, 99.5% purity) using anodization technique at  
20 V for 30 min in electrolyte consisting 0.5% HF in water.  
Titanium oxide nanotubes were then chemically treated with  
NaOH solution to enhancing theirs bioactivity. In chemical treatment, 
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the nanotubes were immersed in a 5 mol NaOH solution at 60°C  
for up to 60 min. The nanotube samples were then heat-treated  
at 500°C/2 h to crystallize the amorphous TiO2 nanotubes into  
the anatase structure (Fig. 9.46). The anatase structure of TiO2 is 
much more efϐicient in nucleation and growth of hydroxyapatite 
than the rutile phase of the TiO2, because of the better lattice match 
with hydroxyapatite phase [91].

Figure 9.46 Top-view TEM micrograph of the anatase TiO2 nanotubes 
[66].

 When exposing the TiO2 nanotubes to NaOH solution, an  
additional, extremely ϐine, and predominantly nanoϐiber-like 
structure is formed on the top of the TiO2 nanotubes. These 
nanoϐibers are more sodium titanate compounds, such as Na2Ti5O11 
or Na2Ti6O13 [66]. The preferential occurrence of nanoϐibers at 
the top of nanotubes is explained by surface-tension mechanism, 
resulting in difϐiculties of NaOH solution getting into nanopores 
within and in-between TiO2 nanotubes (Fig. 9.47).

Figure 9.47 Effect of trapped air bubble on NaOH-treated TiO2 nanotube 
array [66].
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 Lim et al. [48] investigated TiO2 nanoϐibers fabricated by  
the electrospinning method using a mixture of Ti(IV)isopropoxide 
and poly(vinyl pyrrolidone) (PVP) in acidic alcohol solution.  
As-prepared nanoϐibers (Fig. 9.48) were immobilized on Ti plate 
treated by NaOH/HCl by inducing the alcohol condensation reaction 
of Ti(IV) isopropoxide with Ti–OH group on the titanium surface 
and subsequent calcination (500–1000oC). They found that the 
diameter of the TiO2 nanoϐibers can be controlled within the range of  
20–350 nm by changing amounts of Ti(IV)isopropoxide and PVP. 

Figure 9.48 SEM images of remaining nanoϐibers on NaOH/HCl-treated  
Ti plate with alcohol condensation reaction [48].

 Macak et al. [53] as well as Yang et al. [111] shows formation 
of nanotubular layer in the sputtered Ti. Macak et al. [53] used 
anodization of Ti deposited on Si, in 1M H2SO4 + 0.15 wt% HF 
electrolyte at potentials between 1 V and 25 V, which results in 
tubes with diameter ranging from 30 to 100 nm. They investigated 
the formation of nanotubes at different temperatures (–2 to 20°C) 
[53]. At room temperature, an incubation time for self-organization 
of up to 1 h is required. The higher is the electrolyte temperature, 
the higher is the overall current density and thin ϐilm dissolution. 
The lower the etching electrolyte temperature, the higher is the 
current efϐiciency. At a lower temperature, the chemical dissolution 
rate of TiO2 is drastically reduced. They found that a temperature 
of 2°C states an optimum to suppress the chemical dissolution 
rate sufϐiciently while not causing drastic precipitation of the  
oxy-hydroxide (covering Ti surface in the early stage oxidation) 
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[53]. The cooling of the electrolytes results in the dissolution rate 
of the TiO2 that can be signiϐicantly lowered. They found that 1 h of 
anodization results in formation of nanotubular self-organized TiO2 
structure with high degree of homogeneity, ϐlatness, and precipitates 
free. Different anodization voltages (Fig. 9.49) clearly shows that at  
1 V, there was only some pore formation observed, but considerable 
dissolution of Ti takes place due to the fact that at this potential,  
the Ti is in active dissolution region [53]. At potentials equal or 
higher than 5 V, a self-organized nanotubular layer is formed. The 
layer thickness and the tube diameter increases with increasing 
applied potential [53].

(a)

(b)

(c)

(d)

Figure 9.49 SEM images of sample anodized at 2°C in 1M H2SO4 + 0.15 
wt% HF electrolyte at potentials: 1 V (a), 5 V (b), 10 V (c),  
and 20 V (d). The insets show the side views of respective 
structures [53].

 The inϐluence of applied potential on the resulting diameter  
and length of the nanotubes after 1 h of anodization is shown on 
Fig. 9.50. At 5 V, the tubes have diameter of 30 nm and length of  
180 nm, which increases at 20 V to 100 nm and 400 nm, respectively. 
At higher potentials (25 V), no regular tubes were formed in 
the Macak et al. setup [53]. Comparable results were achieved  
for 1M H3PO4 + 0.3 wt% HF electrolytes [4]. The tube length and 
diameter can be controlled in a wide range of applied potentials. 
They found that for potentials between 1 and 25 V, tubes could 
be grown with any desired diameter ranging from 15 to 120 nm 
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combined with tube length from 20 nm to 1 μm [4]. The diameter 
and the length depend linearly on the voltage, too. So, by careful 
choice of anodic oxidation parameters, it is possible to control the 
growing nanotubes.

 
Figure 9.50 Dependence of the tube diameter and length on the applied 

potentials [53].

 Yang et al. [111] showed the formation of nanotubular Ti on 
sputtered material (Fig. 9.51). They deposited titanium layers of 
863 nm thickness on silicon substrates by DC magnetron sputtering. 
The anodization procedure consisted etching in aqueous solution 
(1M Na2SO4 + 0.2M C6H8O7 · H2O with the addition of 0.4 wt%  
NaF) and glycerol electrolyte (0.5 wt% NH4F in glycerol). The 
potential was ramped by 0.1 V/s from the ocp to 5–30 V and 
then kept at constant value for various times. After anodization, 
the standard rinsing with deionized water and drying with a 
nitrogen stream was applied. Much higher current densities are 
observed in the aqueous electrolyte than in the glycerol electrolyte,  
because higher diffusivity and concentration of ions in the aqueous 
solution. The nanotubes are open on the top and closed at the 
bottom [111]. The morphologies of nanotube anodized in glycerol 
electrolyte were different from those in aqueous electrolyte  
(Fig. 9.51). The outer diameter of the nanotubes increases with 
the increasing anodization voltage for both types of electrolytes. The 
nanotube diameter was remarkably affected by the electrolyte and 
at the same applied voltage; the nanotubes with 100 nm and 40 nm 
diameters were obtained in the aqueous and glycerol electrolyte, 
respectively.
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Figure 9.51 SEM images of nanotube/Ti/Si anodized in aqueous solutions 
(1 M Na2SO4 + 0.2 M C6H8O7 · H2O with the addition of 0.4 
wt.% NaF) at 20 V for 600 s (in left) and in glycerol electrolyte 
(0.5 wt.% NH4F in glycerol) at 10 V for 2 h (in right) [111].

 Figure 9.52A presents the thickness of the nanotube as a  
function of the anodization time for the aqueous and glycerol 
electrolyte. Higher anodizing voltage leads to longer nanotubes for 
both electrolytes. Yang et al. [111] calculated the conversion ratio  
L/T, where L is the length of the nanotube and T is the thickness 
of the consumed titanium (Fig. 9.52B). They found that conversion 
ratios of the samples anodized in glycerol electrolyte are more than  
1 and those in aqueous electrolyte are nearby 1. The volume  
expansion occurs when the titanium metal converts into titanium 
oxide. They concluded that a violent etching of nanotube 
simultaneously occurred at the interface of electrolyte and  
nanotube surface during anodization. The etching made the ϐinal 
titanium nanotube short. The anodization in aqueous electrolyte  
has a faster growing rate and a larger loss in length of nanotube  
than in the glycerol electrolyte due to higher diffusivity of ions.

Figure 9.52 (A) Length of the nanotube as a function of the anodization 
time for the aqueous and glycerol electrolyte. (B) Conversion 
ratio, L/T (where L is the length of the nanotube grown by 
anodization and T is the thickness of the consumed titanium) 
[111].
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 Cai et al. [11] investigated formation mechanism of self 
organized TiO2 nanotube arrays prepared by anodic oxidization 
of the pure titanium in electrolyte containing potassium ϐluoride  
and sulfate. They investigated anode mass, current density, and 
surface topography changes during the anodization. They found 
that with the protection of the oxide layer, long nanotubes could 
be formed in electrolyte solutions with relatively high pH [11].  
Figure 9.53 shows an example of the anodic current density, the  
mass lost in anode, and the surface morphology during the 
anodization in moderately acidic electrolytes (pH 2.8). The time-
dependent anodic current density, especially during the ϐirst minutes 
characterized the property of the electrolyte. The anodization 
results in a fast drop, followed by a small increase, and then slow 
decrease in current density [11]. The anodization can be divided into  
three stages: 

Figure 9.53 Anodization of titanium in pH 2.8 electrolyte. The plots 
show the anodic current density and the loss in anode mass 
during the anodization, respectively. The SEM images show 
the surface morphology of the samples anodized at different 
times as marked on the I–t plot [11].

 (i) The electrochemical oxidization of titanium surface that 
corresponds to the ϐirst current drop

 (ii) The nanotube formation that corresponds to the current 
increase
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 (iii) The growth of nanotubes that corresponds to the slow current 
decrease. 

 Cai et al. [11] observed that with a decreasing chemical 
dissolubility (increasing pH) of the electrolytes, the current peak 
disappears, and more time was therefore required for the nanotube 
formation.
 The electrochemical oxidation forms a dense oxide ϐilm (barrier 
layer), which is typically conϐirmed by the oxide evolution. The 
increase in the thickness of the barrier layer gave rise to an ohmic 
resistance proportional to the thickness of the barrier layer. The 
ohmic resistance is also related to the surface morphology. Cai et 
al. [11] observed that the oxide layer formed in pH 2.8 electrolyte 
(Fig. 9.53) is less dense than those formed in stronger acidic 
electrolyte (pH < 1) and even in pH 4.2 electrolyte. The less density 
of the oxide ϐilm formed in pH 2.8 electrolyte is related with the 
relatively weaker hydrolysis ability compared with pH 4.2 electrolyte, 
or the relatively weaker chemical dissolubility compared with the 
strong acidic solution [11]. The decrease in anode mass during the 
etching indicates that the chemical dissolution is signiϐicant in the 
presence of F− (Eq. 9.9). The nanotube formation strongly depends on 
the chemical dissolubility of the electrolytes. Increasing pH reduces 
the dissolubility of the electrolytes. More time was desired for the 
formation of nanotubes in higher pH electrolytes [11]. In pH 2.8 
electrolyte, nanotubes were not completely formed after anodization 
for 125 min. In absence of chemical dissolution, anodization 
would ϐinally be terminated with the barrier layer growing, while 
no nanotubes could be formed at low anodic potential [11]. Long 
nanotubes can be fabricated with the protection of the oxide 
layer because the chemical dissolution proceeded mainly at the 
outer surface of the oxide layer while the nanotubes were formed 
under the barrier layer. By increasing the electrolyte pH, an oxide 
layer can be maintained along the anodization [11].
 Bestetti et al. [6] investigated the electrochemical formation 
of nanotubular titanium oxide ϐilms in 1M H2SO4 + 0.05–0.4 wt% 
HF electrolytes. In Fig. 9.54, the corresponding pore diameter and 
spacing as a function of voltage are presented [6]. Increasing the 
anodization voltage from 10 to 15, 20, and 25 V results in pore 
diameter increasing to 28, 60, 92, and 103 nm, respectively. For 
voltages of 30 V or higher, nanotubular structure disappears [6].



269

Figure 9.54 Pore diameter and interpore distance of nanotubular  
titanium oxides ϐilms after anodization in 1M H2SO4 +  
0.15 wt% HF at RT as a function of voltage [6].

 Hydroϐluoric acid concentration plays a major role in pore 
formation and dissolution. Steady-state nanotubular formation is 
possible, when the concentration of HF is in the range of 0.15–0.4 
wt% [6]. After 24 h of anodization, the thickness of nanotubular 
titanium oxide ϐilms reaches 400–500 nm. The cell voltage plays a 
key role in titania structure. Using an electrolyte 1M H2SO4 + 0.15 
wt.% HF, it is possible to obtain a rutile structure at low voltages 
and a mixture of anatase and rutile at higher voltages [6]. Annealing 
the titanium oxide ϐilms result in the formation of anatase or rutile 
crystal structure (Fig. 9.55, 9.56) as well. XRD patterns of the titanium 
oxide, obtained after anodizing in 1M H2SO4 + 0.15 wt% HF at  
15 V, and annealing at temperature increasing from 200 to 
600°C, are shown on Fig. 9.55 [6]. Both rutile and anatase crystal  
forms have tetragonal structure. The anatase phase prevails by 
annealing at 300 and 400°C, while at 600°C, the rutile structure 
appears. Annealing time also affects the crystallization process 
(Fig. 9.56). The anatase phase formation proceeds after 180 min 
of annealing, while for longer time annealing, the rutile phase 
appears [6].
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Figure 9.55 XRD patterns of porous titanium oxide ϐilm obtained by 
anodization in 1M H2SO4 and 0.15 wt% HF at 15 V and 
annealed at 200°C for 2 min (a), 300°C for 3 h (b), 400°C for 
3 h (c), and 600°C for 3 h (d) [6].

Figure 9.56 XRD patterns of anodic porous titanium oxide ϐilm obtained 
by anodization in 1M H2SO4 and 0.15 wt% HF at 15 V and 
annealed at 300°C for 2 min (a), 30 min (b), and 3 h (c) [6].

 Electrochemical formation of nanotubes is also possible in  
Ti-alloys such as Ti–Al–V [49, 52], Ti–Al–Nb [52], Ti–Zr [115],  
Ti–Mn [57], and Ti–Zr–Nb [16]. For example, Luo et al. [49] 
investigated oxide nanotube arrays fabricated by anodization of 
Ti–6Al–4V alloy in 0.3M H3PO4 + 0.14M NH4F electrolyte. They 
prepared nanotubes with 90–180 nm in diameter and 10–20 
nm in wall thicknesses (Fig. 9.57). The obtained nanotubes on 
Ti-alloy background have morphology comparable to the etched 
pure Ti (see previous pages). The nanotubes were prepared by 
etching for 2 h with applying 20–40 V, but for 10 V and 50 V, the 
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nanoporous structure was obtained (Fig. 9.57). Nanotube samples 
prepared using 20 V, 30 V, and 40 V have average inner diameters 
of 90 nm, 110 nm, and 180 nm, respectively and average tube wall 
thicknesses of 10 nm, 15 nm, and 20 nm, respectively. Length of 
the nanotubes is approximately 400 nm. The Ti–6Al–4V alloy 
shows a dual phase of α + β microstructure. The β-phase region 
is enriched with vanadium, which is etched preferentially by the 
electrolyte (high solubility of V-oxides), resulting in some pits on the  
surface (Fig. 9.57f). X-ray photoelectron spectroscopy revealed 
that the etched samples are predominately titanium and oxygen, 
with traces of aluminum and phosphorus. The sample etched at 
20 V without annealing exhibits an amorphous structure [49].  
Annealing of the nanotubes at 400°C, results in anatase phase, 
whereas at 500°C it results in a mixture of anatase and rutile. After 
600°C calcination temperature, the rutile phase dominates [49].

Figure 9.57 SEM images of top-view and cross section of the Ti–6Al–4V 
arrays obtained at different voltages: (a) 10 V, (b) 20 V, 
(c) 30 V, (d) 40 V, (e) 50 V after annealing at 400°C; (f) the 
bi-phase region of the ϐilm obtained at 20 V [49].

 Jeong et al. suggest application of Ti–Hf alloys for dental  
application after the nanotubular surface formation [36]. The 
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nanotubes were formed on Ti–Hf alloys by etching in 1M H3PO4 +  
0.5 wt% NaF electrolyte followed by crystallization in the Ar 
atmosphere (1 h at 550°C). Uniform nanotubes were formed for 
Hf contents up to 20 wt%, and for higher Hf content the irregular 
nanotubes were found [36]. Increasing the Hf content in the  
Ti alloy led to the formation of nanotubes with more narrow size. 
The nanotubes diameter ranging from 80–120 nm and a length of 
approximately 1.7 μm was obtained. The nanotube morphology of 
the Ti–Hf alloys can be controlled by varying the amount of Hf. The 
anatase is observed predominantly with increasing Hf content [36]. 
 The biomedical application possibilities of the nanotubes were 
presented by Schmuki’s group [54, 71] (Fig. 9.58). The cell adhesion, 
proliferation, and migration are signiϐicantly affected by the nanotube 
size [71]. Geometries with a spacing of 15 nm were most stimulating 
for cell growth and differentiation, whereas diameters of approx. 
100 nm led to a drastically increased cell apoptosis (Fig. 9.58).

Figure 9.58 Proliferation and apoptosis (after 2 days) of cells dispersed on 
different diameter TiO2 nanotube layers (a); optical images of 
the cell population on nanotubular TiO2 surfaces indicating 
the cell-stimulating effect of a 15 nm diameter nanotube layer 
compared to a 100 nm diameter (b) [54, 71].
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9.2.3 Ti-Based Nanocomposites

Ti-ceramic nanocomposites are a new class of biomaterials  
with interesting properties for future medical applications [38, 61]. 
The bionanocomposites are based on Ti-ceramic phase mixture with 
ultra ϐine grains. The nanograins essentially improve mechanical 
properties, whereas the ceramic phase (hydroxyapatite or  
bioglass, for example) improves osseointegration. For that reason, 
the bionanocomposites are promising in implant applications.  
The nanocomposites can be electrochemically etched, like 
conventional micro-Ti-based biomaterials. During the surface 
modiϐication by the electrochemical etching, a large volume of 
the grain boundaries improve penetration of the nanograins by 
the electrolyte, and consequently enhances the pores formation. 
Jakubowicz et al. applied the electrochemical anodic oxidation 
process for the surface modiϐication of the mechanically alloyed 
bionanocomposites [31]. 
 Ti–hydroxyapatite (HA) and Ti–glass (45S5 Bioglass) bio-
nanocomposites were prepared using mechanical alloying 
(MA) [31]. After milling the nanocomposite, powder mixture 
was uniaxially pressed at pressure of 500 MPa and sintered  
at 1150°C for 2 h. After the process, the grain size reaches a value 
of about 20–40 nm. The prepared Ti–HA and Ti–glass nanocom-
posites were electrochemically etched at 10 V vs. ocp in 1M H3PO4 
+ 2–10% HF electrolyte [31]. Preparation of Ti–HA and Ti–glass 
nanocomposites by MA + powder metallurgical process, results 
in porous compacts (Fig. 9.59a) with density of about 90% of the  
theoretical value. For the implant application it is a very attrac-
tive property, but not sufϐicient for the surface tissue bonding. On 
the other hand, the mechanical strength is probably deteriorated 
by relatively poor density. To improve the surface porosity neces-
sary for the human tissue growth and strong ϐixation, the compacts 
were electrochemically etched in 1M H3PO4 + 2% HF electrolyte at  
10 V vs. ocp for 15, 30, and 60 min [31]. The etching of Ti–HA for  
15 min results in fast Ti atoms removal (Fig. 9.59b). In the nano-
composites, the large surface of the grain boundaries facilitates  
the atoms removal and hence the HF concentration can be lower 
for etching nanocomposites, than bulk microcrystalline Ti [28].  
The surface after etching is rough with sponge pores with diameter 
of 1–6 μm and signiϐicant depth, and deeper than in the case of pure 
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microcrystalline Ti (Fig. 9.11). On the Ti–glass nanocomposites, the 
surface was etched for 15, 30, and 60 min (Fig. 9.60). The increas-
ing etching time results in fast roughening of the surface and sponge 
pore formation. The pore diameter increases up to 15 μm after  
60 min etching. For these different etching times, the surface is  
signiϐicantly different. 

(a)

(b)

Figure 9.59 SEM images of Ti–HA nanocomposites before (a) and after  
(b) etching in 1M H3PO4 + 2% HF at 10 V for 15 min [31].

 The Ti–glass nanocomposites presented in Fig. 9.60 were 
investigated by EDS analysis and the results are shown on Fig. 9.61 
[31]. For all cases, the surface composition is comparable. In all 
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samples, phosphorus is observed (incorporated to the oxide layer 
from the H3PO4 electrolyte). Phosphorus, together with calcium 
(from the glass) is attractive for osseointegration. It is signiϐicant 
that longer etching time results in decreasing oxygen content from 
4.36 to 1.83 wt% for 15 and 60 min etching time, respectively. This 
means that longer etching results not only in porous oxide formation 
but also in oxide dissolution. So, after initial fast oxidation, the TiOx 
etching rate, exceed TiOx formation, or in the electrolytes containing 
HF the oxides are preferentially etched. 
 The HF is used to enhance etching and the current density is 
signiϐicantly greater, than for electrolyte without HF. The HF content 
in the electrolyte results in trace of ϐluorine, detected on sample 
etched for 30 min.

Figure 9.60 SEM images of the Ti–glass nanocomposites after etching in 
1M H3PO4 + 2% HF at 10 V for 15 (a), 30 (b) and 60 (c) min 
[31].
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Figure 9.61 EDAX analysis of the Ti–glass nanocomposites after etching 
in 1M H3PO4 + 2% HF at 10 V for 15 (a), 30 (b), and (60 min) 
[31].

9.2.4 Ti-Based Nanoalloys

The Ti–6Al–4V was one from the ϐirstly used Ti-based biomedical 
alloys. This alloy shows good mechanical and chemical properties, 
respective for implant applications [1, 9, 26, 83].
 Ti-based alloys generally have excellent properties, but for 
the hard tissue replacement application, an additional surface 
treatment improving surface roughness is required. Bulk Ti–6Al–
4V microcrystalline alloy was used for the etching as a reference 
material. As a new approach Jakubowicz and Adamek [29] applied 
mechanical alloying for the preparation of the nanocrystalline 
alloy, followed by pressing, sintering, and electrochemical etching, 
respective for the surface roughening. In the mechanical alloying, 
pure elements Ti, Al, and V with particle size of about 300 mesh were 
mechanically milled in protective high-purity argon atmosphere 
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for 48 h [29]. After the process, the powder was uniaxially pressed 
(400 MPa) and sintered at 1000°C for 60 min. In the following 
stage, the electrochemical etching was done using 1M H3PO4 + 2% 
HF electrolyte at 10 V vs. ocp for 30 min [29]. Mechanical alloying 
is a simple and cheap process for nanomaterials synthesis. In the 
process, the mixture of microcrystalline pure elemental powders 
(Fig. 9.62a) in the stoichiometric ratio was milled for 48 h to achieve 
Ti–6Al–4V alloy composition. The XRD data in Fig. 9.62b clearly 
shows that after milling, the Ti–Al–V mixture is ultra ϐine grained 
(18 nm). After sintering (Fig. 9.62c), the structure is comparable 
to the microcrystalline bulk alloy (Fig. 9.62d), but with deϐinitely 
smaller grains (35 nm). Due to the structure, this material exhibits 
quite different properties. 

Figure 9.62 X-ray data for mixture of the microcrystalline Ti, Al, and V 
powder before MA (a) after MA (b), after sintering (c), and for 
comparison bulk microcrystalline Ti–6Al–4V alloy (d) [29].
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 Generally mechanical alloying consists of repeated fracture, 
mixing, and cold welding of a ϐine blend of elemental particles, 
resulting in size reduction and chemical reactions. The sintering 
results in compacts, used for the next treatment, respective for the 
pores formation. The compacts with relatively low density (90% of 
the theoretical density) are attractive material for the electrochemi-
cal etching, due to the large volume of the grain boundaries, which 
state the easy paths for the electrolyte penetration and diffusion. For 
that reason the nanocrystalline compacts are etched fast and easy. 

 
Figure 9.63 Mechanically alloyed Ti–6Al–4V after sintering and 

electrochemical etching (a, b — different magniϐications); 
for comparison is shown electrochemically etched bulk 
microcrystalline sample (c) [29].

 The electrolyte applied by Jakubowicz and Adamek [29] 
contained H3PO4 with small HF addition, enhancing dissolution [28] 
and resulting in porous Ti–6Al–4V compacts (Fig. 9.63a,b). After 
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pressing, sintering, and electrochemical etching, the nanocrystalline 
compacts achieved density of about 80% of the bulk ingots, which 
is related to pores in the compacts. The electrolyte composition as 
well as etching conditions also works very well during the etching 
of pure microcrystalline Ti as well as Ti/ceramic nanocomposites 
[28, 31], but does not work for microcrystalline Ti–6Al–4V alloy 
ingots (Fig. 9.63c). The surface is slightly rough, revealing two-phase 
microstructure. 
 The etched nanocrystalline alloy is very rough with pores, with 
diameter up to 60 μm (Fig. 9.63a), which is very useful for the tissue 
growth and ϐixing. Larger magniϐication and closer inspection of  
the porous nanocrystalline compacts reveals that the remaining 
surface material (particles) is also etched, with pores inside with 
diameter of about 0.1–1 μm (Fig. 9.63b). 
 The EDS spectrum for the porous surface after etching is shown 
on Fig. 9.64. The measured amount of Al is slightly larger from  
the initial loaded stoichiometric 6% of Al powder. Probably  
it is related with losses of some powders (mainly Ti) during the 
milling, when a part of the powder strongly adheres to the milling 
container and balls. The phosphorus is presented in the etched 
compacts, as a remnant from the electrolyte. This effect was 
observed for previously etched microcrystalline Ti as well as Ti/
ceramic nanocomposites [28, 31], too. The phosphorus content 
in the alloy surface is useful for the osseointegration, because 
phosphorus is a main component of the bone.

Figure 9.64 EDS spectra for the nanocrystalline Ti–6Al–4V after 
electrochemical etching [29].
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9.3 Formation of Electrochemically Grown  
Ca-P Layer

Titanium is a metallic bioinert material, and from that point of  
view, it is desirable to ϐind possible methods to improve the  
bioactivity as well as corrosion resistance of the porous titanium 
and its alloys. To improve the bioactivity of the porous titanium 
alloy implants, a bioactive layer of hydroxyapatite (HA) can be 
formed on the implant surface. Hydroxyapatite can easily bond to 
living tissues. The HA layer improve the biocompatibility, while 
the metallic background provide good mechanical properties. 
Hydroxyapatite can be deposited using processes of mineralization 
in SBF, sputtering, sol–gel, laser deposition, thermal spraying, 
electrochemical deposition, or biomimetic [14, 21, 23, 102]. 
 Vertically aligned titanium oxide nanotubes grown on the 
surface of titanium substrate by anodization in HF electrolyte show 
promising properties for implant applications [66]. The array of 
TiO2 nanotubes adherent to Ti implant surface can be useful for 
accelerated bone growth in orthopedic/dental applications [66]. 
The additional chemical treatment with NaOH makes them more 
bioactive, which results in signiϐicantly accelerated kinetics of the 
hydroxyapatite growth by a factor as much as 7. Figure 9.65. shows 
SEM image (a) of the nanotubes after soaking the SBF for 1 day. 
The EDX spectrum (b) shows presence of Ca, P, and O in the formed 
layer, indicating the hydroxyapatite formation. The nanostructured 
HA has feature dimension of about 25 nm (Fig. 9.65a) and taking 
into account results of Webster et al. [96, 98], the nanostructured 
ceramics signiϐicantly improves osteoblast adhesion. So the Oh and 
Jin [66] obtained comparable results to Webster et al. [96, 98]. The 
adhesion/growth of osteoblast cells is also signiϐicantly accelerated 
by the topography of the TiO2 nanotubes, with the ϐilopodia of the 
growing cells going into the nanotube pores, producing a locked-
in cell structure [66]. The number of the adhered cells to the TiO2 
nanotubes increases by 400% in comparison with microcrystalline 
Ti. 
 In vitro cell culture using MC3T3-E1 osteoblast cells on pure  
Ti (with native oxides) and vertically aligned anatase TiO2 is  
shown on Fig. 9.66. The growth of cells and the propagation of 
ϐilopodia are much faster in the TiO2 nanotubes (b) (2 h incubation) 
compared with the Ti sample (a) (12 h incubation) [66].
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(b)(a)

 
Figure 9.65 SEM image (a) and EDX spectrum (b) showing the nanoscale 

hydroxyapatite grown on TiO2 nanotubes [66].

 
Figure 9.66 SEM images of osteoblast cells growth on (a) Ti surface (after 

12 h) and (b) TiO2 nanotube surface (after 2 h) [66].

 Micrometer-size hydroxyapatite layer coated Ti surface exhibits 
interfacial failures. The nanostructured bioactive hydroxyapatite 
or the aligned TiO2 nanostructures form strongly bonded and  
stable nanoporous layer, which can reduce interfacial fracture [66]. 
Natural bone consists of nanophase hydroxyapatite in the collagen 
matrix, too, and hence nanostructured surface layer has similar 
structure to the natural bone. Oh and Jin show that the MC3T3-E1 
cell adhesion and theirs growth are signiϐicantly accelerated on  
TiO2 nanotubes compared with the pure Ti (Fig. 9.67) [66].

Formation of Electrochemically Grown Ca-P Layer
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Figure 9.67 The counted number of adhered cells as a function of 
incubation period on the surface of Ti and anatase TiO2 
nanotubes [66].

 Narayanan et al. [60] deposited nano-grained calcium phosphate 
coatings on titanium alloy substrates using aqueous electrolyte 
consisting 0.042M Ca(NO3)2 + 0.025M (NH4)2HPO4 with pH of 4.1. 
This solution has a molar Ca/P ratio of 1.67. Calcium phosphate 
coatings with grain size in the range of 50–100 nm were produced 
on the surface of Ti–6Al–4V alloy (Fig. 9.68).

Figure 9.68 SEM images of HA deposited using (a) ultrasonic agitation  
at 20 mA/cm2 for 30 min, (b) without ultrasonic agitation  
50 mA/cm2 for 30 min, (c) ultrasonic agitation 50 mA/cm2 
for 30 min [60].
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 Bone composed of nano-ϐiber HA in a collagen matrix and cells 
are preferentially interacting with nanostructured surfaces, and 
osteoblast functions increase on nano-structured materials [2, 60, 
94]. Hence, Ti surface containing nano-grained HA provides better 
cell bioactivity than the surface containing coarse-grained HA.  
By employing current densities higher than 20 mA/cm2 and using 
ultrasonated bath, it is possible to produce coatings containing 
nano-grained HA. Ultrasonics helps in the formation of nano- 
grained calcium phosphate and also increases the evolution  
rate of hydrogen at the cathode surface. This evolved hydrogen 
dispels the calcium ions from the vicinity of the cathode and 
resulting in coatings with a Ca/P ratio close to unity [60]. Increase 
of the current density from 20 to 50 mA/cm2 leads to the increase of 
the hydrogen evolution rate, too, and also transports more calcium 
ions to the implant surface.
 Xiao et al. [106] improve the bonding strength of the HA  
coating, by modifying hydrothermal–electrochemical (HTEC) 
method. In this process, the Ti particles are introduced to the  

Figure 9.69 Surface morphologies of HA/Ti composite coatings at diff-
erent magniϐication: (a) ×200, (b) ×2000, (c) ×5000; HA 
coating (d) ×1000 [106].
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electrolyte so that the HA and Ti particles could be codeposited 
on a titanium substrate [106]. The electrolyte used for deposition 
of coatings contained 0.0105M Ca(NO3)2, 0.0063M NH4H2PO4,  
0.1M NaNO3, and 0–100 g/L Ti particles. The pH of the electrolyte  
was adjusted to 4.60. The HTEC deposition was carried out at  
–0.4 mA/cm2 and 200°C for 120 min. The pressure was about  
1.60 MPa. The SEM images of the HA/Ti coatings (Fig. 9.69) 
reveals the Ti particles and a needle-like HA. HA and Ti particles  
are uniformly distributed in the coating with a rough surface.  
Some small HA particles are deposited on Ti particles surface. The 
pure HA coating (Fig. 9.69d) has much larger particle size than 
that in the HA/Ti composite coating (Fig. 9.69a–c), indicating the 
function of Ti particles as the HA crystal growth inhibitor during 
HTEC deposition [106].
 Because the hydrogen evolution on the surface occurs during  
the process, the HA coatings prepared by electrodeposition are 
porous, and the addition of Ti leads to a decrease in porosity and 
an increase in density of the composite coatings. Smaller porosity 
and higher density of coating lead to higher cohesive strength of the 
coatings [106].
 In the process, the Ti particles are deposited on the cathode 
surface, and around them are build HA crystals incorporated of 
Ti particles as reinforcement within the coating, which improves  
the bonding strength between coating and metal substrate.  
The addition of Ti reduces the HA crystallite size. The bonding 
strength of HA/Ti composite coatings increases with addition of Ti 
[106]. The results of bonding strength of HA/Ti composite coatings 
after heating at 500°C for 2 h are shown in Fig. 9.70. The pure HA 
coating shows the lowest bonding strength and the bond strength 
of the composite coating increases with the addition of Ti content.  
The strengthening mechanism of HTEC codeposited HA/Ti coatings 
is related to the dispersion strengthening by homogeneous 
distribution of Ti particles in the HA [106].
 The surface morphology of the HA/Ti composite coatings  
heated at 500°C for 2 h after additional soaking in SBF for 7 days is 
shown in Fig. 9.71. The surface of the coating is covered by a newly 
formed granular layer with many cracks (often observed in many 
works). The addition of Ti reduces the HA content in the coating, but 
it does not distinctly affect the formation of bone-like apatite layer 
in SBF [106].
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Figure 9.70 Relationship between the bonding strength of coatings and 
the content of Ti in the coatings [106].

Figure 9.71 Surface morphology of HA/Ti composite coatings after 
soaking in SBF for 7 days [106].

 Jakubowicz et al. investigated formation of HA layer on micro-
Ti [33], Ti-45S5 nanocomposites [35], and micro-/nanocrystalline  
Ti–6Al–4V alloys [34]. They applied two different types of  
electrolytes for hydroxyapatite (HA) deposition. The source of 
Ca and P was: 0.1M HCl + 0.005M HA and 0.042M Ca(NO3)2 + 
0.025M (NH4)2HPO4 + 0.1M HCl. In the ϐirst type of electrolyte, the 
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commercially available powder of HA was dissolved in 0.1M HCl 
solution. The second electrolyte consist 0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl, which is often reported in the literature  
[60, 116] (but they did not reports using of HCl). The molar ratio of 
Ca/P is 1.68 which corresponds to HA. In the second electrolyte, the 
addition of HCl dissolve the reaction product (calcium-phosphates 
particles) of the Ca(NO3)2 + (NH4)2HPO4 and make the electrolyte 
homogenous for cathodic deposition at –1.5 V for 60 min, for 
example, in both electrolytes. In these depositing conditions, the 
formed layers have good mechanical strength and adhere strictly to 
the porous surface.
 Anodic etching of titanium results in surface roughening [33] 
attractive in osseointegration. During 30 min of anodization in 1M 
H3PO4 + 10% NH4F at relatively low 10 V potential, the Ti atoms 
are effectively removed from the surface, resulting in pits formation 
with diameter in the range of 7–12 μm [33]. Additionally, etching 
in H3PO4 electrolyte results in some phosphorous deposition on the 
etched surface, useful for the osseointegration [31].
 The surface after calcium phosphate deposition, with using 
the 0.1M HCl + 0.005M HA electrolyte, is shown on Fig. 9.72. For 
the ϐlat and porous surface, the Ca-P layer has comparable spongy 
morphology. In the case of ϐlat surface (a), a lot of cracks or grain 
boundaries in the layer are visible in spite of porous sample, where 
the layer strictly covers the titanium background (b). The positions 
of pores are still visible as the darker circular spots. Deposition 
of calcium-phosphate with using the 0.042M Ca(NO3)2 + 0.025M 
(NH4)2HPO4 + 0.1M HCl electrolyte, results in signiϐicantly different 
morphology (Fig. 9.73) than presented on Fig. 9.72. The deposited 
HA layer is rough with large lamellas features. When comparing 
the small spongy structure from Fig. 9.72 to large lamellas on 
Fig. 9.73, the former one could be an initial stage of grow of the 
thick HA layer and the spongy structure (Fig. 9.72) is also com- 
posed from the lamellas, but in different (smaller) scale than on 
Fig. 9.73. The initial porous surface is not visible, and both porous 
and ϐlat samples after HA deposition looks comparable, but with 
expected stronger adhesion of the HA layer to the porous surface. 
The HA morphology presented on Fig. 9.73 is in good agreement 
with structures obtained by Yen and Lin [116].
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Figure 9.72 Calcium-phosphates deposited from HA + HCl electrolyte on 
ϐlat (a) and porous Ti (b) [33].

Figure 9.73 Calcium phosphates deposited from Ca(NO3)2 + (NH4)2HPO4 
+ HCl electrolyte; different magniϐication on (a) and (b) [33].

 Fig. 9.74 shows EDS analysis of the calcium-phosphate  
deposited on ϐlat (a) and porous (b) surface with using the 0.1M 
HCl + 0.005M HA electrolyte. For the porous sample, the deposited  
layer has larger Ca/P ratio corresponding to HA (1.68). Porous 
sample shows higher oxygen, calcium and phosphorus content,  
with respect to ϐlat surface. The surface composition should results 
in good corrosion resistance as well as osseointegration. The trace 
of silicon is a contamination introduced from the silicon rubber 
used for the seal of the electrochemical cell. Comparable results  
(presented on Fig. 9.72) of HA morphology (Fig. 9.75, 9.76) was 
obtained by Xie et al. [107] and Wei et al. [100], respectively.
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Figure 9.74 EDS analysis of the calcium-phosphate layer on ϐlat (a) and 
porous (b) Ti [33].

Figure 9.75 SEM surface morphologies of a hydroxyapatite coating formed 
on the activated porous Ti substrate [107].

Figure 9.76 Surface morphologies of HA coating on Ti substrate [100].
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 The anodic oxidation of the new class of the biomaterials:  
Ti-45S5 nanocomposites, results in porous background attractive 
for the Ca-P deposition [35]. The hydroxyapatite was cathodically 
deposited by Jakubowicz et al. using two types of the electrolytes, 
too [35]. The cathodic deposition results in surface coverage 
by Ca-P compounds. Ca-P morphology after deposition from  
HA-HCl electrolyte is shown on Fig. 9.77. Deposited Ca-P, using 
second type of electrolyte, gave comparable results. The Ca-P 
after deposition on non etched (ϐlat) surface (Fig. 9.77a) results in 
particles, which loosely adhere to the surface. The rough surface 
results in Ca-P deposits that grown inside the pores and surface 
after deposition is still rough (Fig. 9.77b, c). The deposited Ca-P is 
build mainly from the small lamellas (Fig. 9.77c). Such prepared 
rough surface with deposited HA should be very attractive for the 
osseointegration process. 

Figure 9.77 HA layer deposited on Ti–glass nanocomposite on ϐlat (a) and 
porous etched (b,c) sample (a, b: 3000 × magniϐication; c: 
12000 × magniϐication) [35].
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 The EDS spectra (Fig. 9.78) shows distinctive difference in 
surface samples composition after etching (a) and additional  
Ca-P deposition (b). The ratio of 1.67 of the Ca/P suggests that the 
grown layer is the hydroxyapatite.

Figure 9.78 EDS analysis of the Ti–glass nanocomposite after etching (a) 
and after additional Ca-P deposition (b) [35].

 Deposition of HA on micro- and nanocrystalline Ti–6Al–4V 
using two different electrolytes investigated by Jakubowicz et al. 
[34] results in distinctly different morphology (Figs. 9.79 and 9.80).  
In the microcrystalline alloy, porous structure is hardly formed  
(at them experimental conditions) and the surface is relatively 
ϐlat [29]. Hydroxyapatite deposited (Ca(NO3)2 + (NH4)2HPO4 + HCl 
electrolyte) on that background formed large lamellas features 
with size up to 200 μm (Fig. 9.79a). Completely different behavior 
was observed for the nanocrystalline alloy prepared by mechanical 
alloying, pressing, and sintering. Porous structure is easily formed in 
that alloy, due to a large volume of the grain boundaries which are 
penetrated by electrolyte [29] and lots of the HA nucleation sites, 
which are a Ti–Al–V nanograins. On that surface with pores up to 
60 μm, HA uniformly covered the alloy surface and the HA fuzzy 
particle size is not larger than 0.5 μm. In the HA layer are cracks, 
often observed for different Ti-backgrounds as well as processing 
conditions [100, 106].
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 The HA deposited from HA + HCl electrolyte has signiϐicantly 
different morphology on micro-Ti–6Al–4V with respect to second 
electrolyte. The HA layer has many cracks with small spherical 
particles on top (Fig. 9.80a). For nano alloy, the HA layer covers the 
alloy surface, but pores are still visible (Fig. 9.80b) [34].

Figure 9.79 HA layer deposited on etched micro- (a) and nanocrystalline 
(b) Ti–6Al–4V; (Ca(NO3)2 + (NH4)2HPO4 + HCl electrolyte) 
[34].

Figure 9.80 HA layer deposited on etched micro- (a) and nanocrystalline 
(b) Ti–6Al–4V; (HA + HCl electrolyte) [34].

 Raja et al. deposited calcium-phosphate compounds on  
the nanotubular Ti surface (diameter of the nanotubes was in the 
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range of 60–100 nm and the length was in the range of 400–500 nm) 
and investigated theirs bond strength [75]. They electrodeposited 
calcium phosphate at 65°C from the 0.04M Ca(NO3)2 + 0.027M 
NH4H2PO4 + 0.5M NaCl electrolyte. The deposition was carried 
out by applying a constant potential of –1200 mV and by a two-
step process, of ϐirst pulsing the potential between –1200 mV and 
–200 mV for 60 cycles, and then applying a constant potential 
of –1200 mV for a different time. During the potential pulsing 
between –1200 mV and –200 mV, the potential of –1200 mV 
was applied for 0.2 s in a cycle time of 10.2 s. At pH ~4, ϐlaky  
type HA coating was observed (Fig. 9.81), whereas a hexagonal 
columnar growth (crystals with diameter of 100–200 nm and 2 μm 
long) was observed at pH ~6 (Fig. 9.82) [75]. Bond strength of the 
coatings varied from 16 MPa to 19 MPa. 

Figure 9.81 Flaky morphology of the calcium phosphate coating deposited 
at –1200 mV. The pH of the solution was 4 [75].

Figure 9.82 Vertically oriented Ca-P crystals grown on the nanoporous 
surface of the anodized Ti during a two-step electrodeposition 
process. The pH of the solution was 6 [75].
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 The EDS analysis of the surface after Ca-P removing shows Ca 
and P components (Fig. 9.83), and Raja et al. suggest that calcium 
phosphate grows from the bottom of the nanotubes rather than 
just sticking on the top surface of the titanium oxide [75]. Calcium 
phosphate coating on a polished ϐlat titanium surface is extremely 
weak, not uniform and is easily removed after washing [75].

Figure 9.83 EDS analyses of the tensile tested surface where the coating 
was partially removed. The upper spectrum is for the Ca-
P coating. The lower spectrum is for the surface, where the 
coating was removed (the peaks of Ca and P are still observed, 
indicating that the calcium phosphate nucleated at the bottom 
of the nanotubes) [75].
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10.1 Carbon Thin Films

Carbon nanomaterials with different structures and forms are a 
perspective for implant applications. Conventional carbon ϐibers 
have been considered for hard [30] and soft [32] tissue implants due 
to the excellent mechanical properties, such as ϐlexural and fatigue 
strength and high strength/weight ratio. According to Chlopek et 
al. [12], there are many examples of possible ϐields of carbon bio- 
materials applications (Table 10.1). Rough surface of implants 
for hard tissue engineering is attractive for tissue growth, but 
unfortunately supports more bacteria adhesion because the larger 
surface area increases the possibility of bacteria contact and 
more places suitable for bacteria to stay and colonize. The surface 
roughness has a signiϐicant effect on the bacteria adhesion when 
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the surface roughness is closed to a cell size of about 1.0 μm, due 
to possible bacteria entrapment [16]. The carbon thin ϐilm, for 
example, has antibacterial characteristics [66], which is very 
attractive for biomedical applications. Recently it was reported that 
the antibacterial property of stainless steel coated nanocrystalline 
diamond ϐilm was better than titanium [26]. 

Table 10.1 Examples of applications of carbon biomaterials [12]

Type of material Function Type of implant Area of medicine

Carbon–carbon 
composites

Bone ϐixation Screws, plates, 
nails, stems of 
endoprosthesis

Bone surgery

Braided carbon 
ϐibers

Tissue knitting, 
reconstruction of joint 
ligaments and tendons

Surgical sutures, 
ligament and 
tendons prosthesis

Orthopedics

Unwoven carbon Filling bone and 
cartilage losses

Disks and rings Bone surgery

Coatings of 
diamond-like 
carbon (DLC)

Coating of metal 
implants — corrosion 
protection

Joint 
endoprosthesis, 
screws

Bone surgery

Glassy carbon Blood ϐlow regulation Heart valves Cardiology

 To enhance the antibacterial performance of carbon ϐilms, 
the functional doping with ϐluorine, platinum, and silver is useful 
[25, 33, 45]. The carbon thin ϐilm is prepared by chemical vapor 
deposition using hydrocarbon gas as the carbon source. Zhou 
et al. [66] investigated the inϐluence of hydrogen on the antibacterial 
performance of carbon ϐilms, amorphous hydrogenated carbon (a-C:
H) ϐilm, and hydrogen-free carbon (H-free C) ϐilm, deposited on the 
stainless steel 316L. Figure 10.1 shows the bacterial 24 h incubation 
results. The colony numbers of E. coli on the hydrogen-free and a-C:
H ϐilms were reduced to about 15% and 33% of those in the original 
316L substrate, respectively [66]. The relatively poor antibacterial 
performance of a-C:H ϐilm compared with H-free carbon ϐilms is 
explained by the degradation of the chemical inertness of carbon 
ϐilm due to hydrogen inclusion. The existence of hydrogen in the 
carbon ϐilm will form the C–H polar bonds, which will promote the 
van der Waals force between the polarized surface and the bacteria. 
Additionally the low surface free energy support good antibacterial 
property [66].
 Linares et al. [37] found that it is possible to modify activated 
carbon with calcium carbonate on microporous carbon. These 
modiϐied carbons with calcium carbonate are able to maintaining a 
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proper pH. Figure 10.2 shows calcium carbonate crystals on activated 
carbon surface. No calcium carbonate crystals were observed on the 
activated carbon without modiϐication in sodium carbonate solution. 
Figure 10.3 shows the antacid activity of the modiϐied carbons. 

Figure 10.1 Antibacterial performance of SUS (316L) substrate without 
carbon ϐilm, with H-free carbon ϐilm, and with a-C:H ϐilm 
[66].

Figure 10.2 SEM image of CaCO3 on activated carbon (3.5 M sample). 
Arrows indicate CaCO3 crystals [37].

Figure 10.3 Neutralization capacity of original and modiϐied activated 
carbons with calcium carbonate [17].

Carbon Thin Films



308 Carbon Materials

 The ideal situation is to maintain a pH between 3 and 4, because 
it maintains an adequate pH to carry out the gastric function. The pH 
higher than 5 produces a gastric disturbance in the patient and the 
enzymatic activity of the pepsin is drastically diminished [17, 36]. 
Linares et al. did not found excess salts on the carbon surface. 
 A novel adherent, continuous, nanocrystalline hydroxyapatite/
diamondlike carbon bilayer ϐilm was produced using pulsed laser 
deposition [46]. The diamondlike carbon (DLC) interlayer between 
the hydoxyapatite surface and the substrate improves hydroxyapatite 
ϐilm adhesion and prevents corrosion or third body wear in the 
bulk implant material [46]. The term diamondlike carbon refers 
to amorphous carbon thin ϐilms that contain some sp3-hybridized 
atoms. These materials have atomic number densities greater than 
3.19 g⋅atom/cm3, and exhibit densities closer to that of diamond 
(3.51 g/cm3) than that of graphite (2.26 g/cm3) [47]. Amorphous 
hard carbon thin ϐilms demonstrate properties intermediate between 
those of graphite and those of diamond. These ϐilms contain a mixture 
of sp3-hybridized carbon atoms and sp2-hybridized carbon atoms. 
Within the amorphous carbon matrix micro- or nanocrystalline 
graphite domains may be observed [47].
 Processing of diamondlike carbon thin ϐilms is followed by 
sputtering, bombardment with energetic species, electrostatic 
acceleration of carbon ions, arc discharge, or laser ablation [47]. 
Diamondlike carbon thin ϐilms have shown excellent compatibility 
to human cells [4, 38, 39, 47, 56]. The osteoblast cells exposed to DLC 
coatings did not demonstrate any change in generation of alkaline 
phosphatase, type I collagen, or osteocalcin [5] and neuronal growth 
occurs on DLC layer [23]. The TEM micrograph shown in Fig. 10.4 
demonstrates several layers within the functionally gradient ϐilm 
structure [47]. These ϐilms exhibit signiϐicantly higher hardness 
values than the underlying Ti–6Al–4V alloy. 
 The titanium carbide/titanium carbonitride/titanium nitride 
region serves as a functionally gradient zone between the Ti–6Al–
4V substrate and the diamondlike carbon layer. The silver regions 
within the functionally gradient diamondlike carbon–silver layer 
provide ductility to the ϐilm through cracking. Narayanan [47] 
envisaged applications for multilayer hydroxyapatite/diamondlike 
carbon ϐilms, in orthopedic and dental implants.
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Figure 10.4 TEM micrograph of multilayered hydroxyapatite/
diamondlike carbon nanocomposite on Si (100), including 
hydroxyapatite, diamondlike carbon, diamondlike carbon– 
silver, titanium carbide, titanium carbonitride, and titanium 
nitride layers [47].

 Diamondlike carbon is an ideal surface coating mainly for 
prosthetic joints, because it is atomically smooth, low friction, 
wear resistant, inert, and immune to scratching by third body wear 
particles [34, 47], and it prevents the release of metal ions into the 
surrounding tissues. Guglielmotti et al. [20] found that DLC-coated 
zirconium and zirconium implants exhibited better tissue responses 
than titanium or aluminum implants. DLC-coated steel fracture 
ϐixation rods implanted in a human body for 7 months were found to 
prevent rod corrosion and metal ion release [67].

10.2 Carbon Nanotubes

The new carbon nanotubes are ultra lightweight and have excellent 
thermal and chemical stability. Compared with conventional carbon, 
carbon nanotubes are stronger and more ϐlexible and have a higher 
tensile strength-to-weight ratio [1]. Medical applications of the 
carbon nanotubes in biosensors, drug delivery systems, scaffolds, and 
biomaterials are very promising. Carbon nanotubes are composed of 
the convoluted graphene lattice and can be in the form of a single-
walled carbon nanotube (SWCNT) or multi-walled carbon nanotubes 
(MWCNTs), composed of single and multiplanes, respectively 
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(Fig. 10.5). Carbon nanotubes are prepared using arc-discharge 
[28], laser ablation [55], and chemical vapor deposition [11]. In the 
CVD process, the carbon nanotubes are grown using metal catalysts, 
such as nickel, so the growing nanotubes could be cytotoxic [21]. 
Thus, a puriϐication step is usually required before carbon nanotubes 
can be used for biomedical applications. Reϐluxing carbon nanotubes 
in an oxidizing acid (for example nitric acid) is one of the most 
commonly used puriϐication method [21]. This process oxidizes and 
removes the metal catalysts and carbonaceous deposits from the 
inside and outside of the tube. 

Figure 10.5 Scanning electron micrographs of multi-walled carbon 
nanotubes [21].

 Several in vitro studies report that carbon nanotubes are cytotoxic 
[27, 44, 51]. However it was also reported that they improve neural 
signal transfer and support dendrite elongation and cell adhesion 
in vitro [42] and also support the smooth muscle [43], ϐibroblasts 
[13], and osteoblast as well [53]. The purity of nanotubes plays an 
important role in cytotoxicity, and functionalization of nanotubes 
with glycopolymers can lead to the diminishing of their cytotoxicity 
[48]. 
 In recent years, the number of articles related to carbon nanotubes 
for use in biomedical applications, including tissue engineering, has 
doubled each year (Fig. 10.6) [21]. 
 Carbon nanotubes can be used in bone tissue engineering, for 
example, for the enhancement of polymer and ceramic composites 
and for nanostructured coatings to improve the bioactivity of the 
implant surfaces [52]. The bone tissue is composed of nanoscale 
inorganic crystals, containing calcium, phosphate ions, and collagen 
ϐibrils with diameters ranging 20–40 nm [54]. The nanoscale 
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materials improve growth and functioning of bone cells. A high 
surface area is useful for interactions with the cells and matrix of 
physiological environments. Carbon nanotubes have low density, 
high surface area and are strongest and stiffest materials available. 
The tensile strength of carbon nanotubes is in the range of 11–63 
GPa [64]. The mechanical properties of SWCNTs have higher values 
than MWCNTs. The length-to-diameter ratio is greater than 1000.

Figure 10.6 Number of articles per year published regarding carbon 
nanotubes for biomedical applications [21].

 Carbon nanotubes have been introduced into composites with 
natural polymers, such as collagen and chitosan, as well as synthetic 
polymers or ceramics materials, improving their mechanical 
properties [7, 35, 59]. The amount of nanotubes required for 
mechanical properties improvement is in the range of tents of 
percent. Carbon nanotubes, with and without surface treatment 
ϐictionalization, have potential application in bone tissue applications 
[52]. 
 MWCNTs with diameters of about 100 nm can be used to mimic 
neural ϐibers for neuronal growth. It has been shown that hippocam-
pal neurons from 0- to 2-day-old Sprague-Dawley rats were able to 
grow on carbon nanotubes coated with 4-hydroxynonenal [22].
 Carbon nanotubes can be applied in bone tissue engineering as 
nanoscale coatings for improved biological interactions [8, 10, 18]. 
These coatings have been formed by plasma spraying [8], 
electrophoretic deposition [10], ϐilm casting [18], and laser surface 
alloying [63]. Carbon nanotube-coated bioglass scaffolds form 
hydroxyapatite layers when soaked in simulated body ϐluid [10]. 
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Two-week soaking of MWCNTs in simulated body ϐluid results 
in the formation of nanocrystalline hydroxyapatite [2]. Carbon 
nanotubes functionalized with phosphate groups enhance their 
biomineralization coatings and form layers of hydroxyapatite 
crystals, because of ionic interactions between the negatively 
charged functional groups and the positively charged calcium ions. 
Functionalized carbon nanotubes can provide additional capabilities 
for tissue engineering. Direct crystallization of hydroxyapatite on 
carbon nanotubes results in a thickness of 3 mm after 14 days of 
mineralization [65]. Carbon nanotubes are able to provide the initial 
structural reinforcement needed for newly created tissue scaffolds.
 Carbon nanotube coatings and nanocomposites have been 
successfully applied as substrates for biomineralization, growth, 
proliferation, and normal functions of osteoblast-like and osteoblast 
cells [52]. These properties depend upon the type of carbon nanotubes, 
the chemical nature of treatment , and the composite composition 
[52]. Application of an electrical current to the conductive carbon 
nanotubes stimulates increases in the proliferation of the osteoblasts, 
the extracellular concentration of calcium, and the up-regulation of 
mRNA expression for collagen type-I [53].
 Chlopek et al. [12] show good biocompatibility of the nanotubes, 
which is similar to that of polysulfone. Nanotubes show good 
cellular biocompatibility, because of high level of viability of the cells 
in contact with the nanotubes and unchanged level of osteocalcin 
released from osteoblasts. Chlopek et al. found a slight increase of 
collagen formation induced on nanotubes by both ϐibroblasts and 
osteoblasts, which may be signiϐicant for applications as substrates 
for the tissue regeneration [12].
 Carbon nanotubes can be functionalized with drugs and 
biomolecules and proteins, for applications in drug delivery and 
antibiotics [14, 52]. Liu et al. investigated decoration of carbon 
nanotubes with chitosan [41]; the decoration of CNT with CHIT 
creates new CHIT–CNT nanomaterials. They have applied a non-
destroyable surface decoration of carbon nanotubes with chitosan 
biopolymer via a controlled surface-deposition and cross-linking 
process. The method utilizes the emulsifying capacity of chitosan, a 
completely different water-solubility of chitosan in acidic and basic 
solutions, and the cross-linking reaction among chitosan polymers 
[41]. The method consists of the following steps: 
 (i) Dispersion of MWCNTs in chitosan acetic acid solution is 

carried out, and during the stirring, the CHIT–CNT blend the 
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chitosan macromolecules are adsorbed on the surface of the 
CNTs, and acting as polymer cationic surfactants to stabilize 
the CNTs, 

 (ii) In the ammonia solution, the chitosan becomes non-dissolvable 
in aqueous media, and the chitosan deposits on the surface of 
the carbon nanotubes forming a layer of chitosan coating.

 (iii) The blend is heated to 60°C and treated with glutaraldehyde 
for the cross-linking of the surface-deposited chitosan. 

 This treatment provides a strong ϐixing the chitosan coatings 
to the CNTs [41]. The images of carbon MWCNTs with chitosan 
are shown on Fig. 10.7. The chitosan surface-decoration results 
in the surfaces of carbon nanotubes fully covered with chitosan 
protuberances. The CNT bundles are slightly stretched after the 
surface decoration and CNTs-bundles are bound together by the 
chitosan coatings.

Figure 10.7 SEM image of pristine MWCNTs (a) and (b), and the 
corresponding chitosan surface-decorated MWCNTs (c) and 
(d) [41].

 Akasaka and Watari investigated the oral bacterial adhesion to 
CNTs of different diameters and ϐlexibility, and compared them with 
the widely used adsorbent, activated carbon (AC) particles [3]. Among 
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the different carbon samples, the bacterial (S. mutans) precipitation 
efϐiciency of 30 nm diameter MWCNTs was the highest. SWCNTs were 
less effective because they were not easily dispersed before mixing 
with the bacteria. The 200 nm-MWCNTs are less effective because 
some of them did not precipitate but remained suspended in the 
solution. They found that 30 nm-MWCNTs and 200 nm-MWCNTs 
are highly adhesive to bacteria (Fig. 10.8). The MWCNTs with 30 nm 
diameter had the highest precipitation efϐiciency, which is attributed 
to their adequate dispersibility and aggregation activity.

Figure 10.8 Residual amount of S. mutans in the supernatant after mixing 
with carbon samples at 0.66 mg ml–1 concentration [3].

 Liu et al. investigated the silver coated carbon nanotubes, against 
bacterial attack [40]. The Ag coated CNTs improve the antibacterial 
property. The bactericidal rate K increases with the thickness of the 
Ag ϐilm (Fig. 10.9). For the same thickness, the bactericidal rate of Ag 
coated CNTs is much higher than that of Ag coated pyrolytic carbon. 
The carbon nanotubes enlarge the surface area of Ag coating, which 
provides high probability for Ag atoms to contact the bacteria leading 
to their death [29]. The antibacterial rate against S. aureus is lower 
than that against E. coli [40].
 Wang et al. [60] used the polycarbosilane as a binder to 
consolidate CNTs to the form attractive for implant applications. 
The main disadvantage of that bionanocomposite is unsatisfactory 
biocompatibility due to the presence of the polycarbosilane [60].



315

Figure 10.9 The bactericidal rate of Ag coated CNTs and Ag coated 
pyrolytic carbon. Growth rate ~3.33 nm/min [40].

 A carbon nanotube monolith without any binders was obtained 
by Wang et al. using spark plasma sintering (SPS) [61]. In vivo 
testing reveals that pure bulk carbon nanotubes are not a strongly 
inϐlammatory substance and have no toxicity for bone regeneration. 
They suggest that a binderless carbon nanotube monolith with a 
strength matching that of bone could be a candidate bone substitute 
material and a bone tissue engineering scaffold material [61]. The 
SPS is a rapid sintering method, using self heating phenomena 
within the powder. The SPS method generates spark plasma 
between a powder particles, resulting in rapid temperature rise and 
leading to a fully dense CNT monolith obtain in a very short time 
(10 min), and at a relatively low temperate (1100oC) and pressure 
(40 MPa). Figure 10.10 shows a carbon nanotube powder and 
sintered carbon nanotube monolith [61]. The most important in 
monolith fabrication is initial fast heating rate (200oC/min) for 
activating the nanotubes surface, which are then sequentially 
decreases (up to 5oC/min) for stress releasing and keeping the 
nanotubes structure [61]. The density and mechanical properties of 
the sintered CNT monolith are at the same level to those of bone (Table 
10.2) [6], which shows that the CNT monolith could be attractive for 
bone tissue repair. The strength of the CNT monolith was less than 
that of conventional implant materials, but very similar to those of 
bone, making it possible to achieve a sufϐicient bone regeneration at 
the tissue/material interface [61].
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Figure 10.10 Carbon nanotube powders (a) and the sintered carbon 
nanotube monolith (b) [61].

Table 10.2 Comparison of the properties of CNTs monolith with bone 
[6, 61]

Material
Bulk density
(g/cm3)

Vickers 
hardness

Young
modulus
(GPa)

Compressive
strength
(MPa)

Flexural
strength
(MPa)

Bulk CNTs 1.95 44 20 249 172
Bone 1.9 <60 19 150 180

 The in vivo reactions to the CNT monolith reveals that 1 week 
after implantation, the CNT monolith was surrounded by tissue 
with many cells like ϐibroblasts, ϐibroblasts with spindle-shaped 
cytoplasm, and some inϐlammatory round cells (Fig. 10.11a). 4 
weeks after implantation, the CNT monolith was covered by loose 
ϐibrous connective tissue, and inϐlammation around materials 
was slight in comparison to that after 1 week (Fig. 10.11b). No 
severe inϐlammation such as necrosis, degeneration, or neutrophil 
inϐiltration was observed around the CNT materials [61]. At 1 
week after implantation in the femur, active callus formation from 
the periosteum and immature newly formed bone were observed 
around the CNT monolith. The newly formed bone did not directly 
attach to the material (Fig. 10.11c). At 4 weeks, newly formed bone 
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was remodeled to lamellar bone, and part of the lamellar bone 
attached to the implant directly (Fig. 10.11d). Fibrous tissue was not 
observed by Wang et al. between bone tissue and the CNT implant 
[61]. 

Figure 10.11 Tissue reactions in subcutaneous tissue at (a) 1 week and 
(b) 4 weeks; osteogenesis in the femur at (c) 1 week and (d) 
4 weeks [61].

 Binder-free MWCNT blocks cross-linked by de-ϐluorination were 
prepared by Sato et al. using thermal heating and a compression in 
vacuum [50]. The carbon nanotube blocks are lighter than graphite, 
and can be machined and polished. The binder-free MWCNT blocks 
possess good biocompatibility when tested in the subcutaneous 
tissue of rats [50]. The MWCNT blocks have a low apparent density 
1.44 g/cm3, average three times stronger in mechanical strength, 
bending strengths of 102.2 MPa and a bending modulus of 15.4 GPa, 
than that of commercial graphite.

10.3 Carbon Nanofibers

Carbon nanoϐibers are a promising new class of dental or orthopedic 
implant materials with improved osseointegrative properties [15]. 
Elias et al. show the possible use of carbon nanoϐiber compacts 
(Fig. 10.12) in implant applications. 
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Figure 10.12 SEM image of carbon ϐiber (100 nm) compact (magniϐica-
tion 5000×) [15].

 They found that the number of osteoblasts increases on nano- 
phase carbon ϐiber compacts (Fig. 10.13) [15]. Compared to conven-
tional compacts, alkaline phosphatase activity was signiϐicantly 
greater when osteoblasts were cultured on respective outer pyrolytic 
layer nanophase carbon ϐiber compacts (Fig. 10.14). For any time 
period tested, calcium content in the extracellular matrix increases 
with decreasing carbon ϐiber diameter (Fig. 10.15). Osteoblast 
proliferation increases with decreasing carbon ϐiber diameters after 
3 and 7 days of culture [15]. Compared to larger-diameter carbon 
ϐibers, osteoblasts synthesized more alkaline phosphatase and 
deposited more extracellular calcium on nanometer-diameter carbon 
ϐibers after 7, 14, and 21 days of culture [15]. They suggested that 
protein-mediated enhanced osteoblast function may be occurring 
on the carbon nanoϐibers.

Figure 10.13 Enhanced osteoblast proliferations on nanophase carbon 
ϐiber compacts after 1, 3, and 7 days. Substrates:  
borosilicate glass (reference substrate),  100 nm 
diameter with a pyrolytic outer core,  conventional 200 
nm diameter with a pyrolytic outer core,  60 nm diameter 
without a pyrolytic outer core, and  conventional 125 nm 
diameter without a pyrolytic outer core [15].
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Figure 10.14 Enhanced alkaline phosphatase activity on nanophase 

carbon ϐiber compacts after 4, 14, and 21 days. Substrates: 
 borosilicate glass (reference substrate),  100 nm 

diameter with a pyrolytic outer core,  conventional 
200 nm diameter with a pyrolytic outer core,  60 nm 
diameter without a pyrolytic outer core, and  conventional 
125 nm diameter without a pyrolytic outer core [15].

Figure 10.15 Enhanced deposition of calcium on nanophase carbon 
ϐiber compacts after 7, 14, and 21 days. Substrates:  
borosilicate glass (reference substrate),  100 nm 
diameter with a pyrolytic outer core,  conventional 200 
nm diameter with a pyrolytic outer core,  60 nm diameter 
without a pyrolytic outer core, and  conventional 125 nm 
diameter without a pyrolytic outer core [15].

 Ishida et al. developed nanoϐibrillar forms of carbon using 
native cellulose rapid freeze drying of suspension and solvent 
exchange drying processes [24]. The pyrolysis in gaseous HCl acts 
on cellulose without wetting. For example, the cellulose materials  
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gave a carbon yield of 20–25% in HCl gas, against 10–15% in  
nitrogen [24]. This method results in the straight microϐibrillar 
morphology (Fig. 10.16). The ex-cellulose carbon obtained by  
600oC treatment is nonocrystalline, but treatment at above 2000oC 
results in graphene planes and graphitic carbon crystallites while 
the apparent ϐibrillar morphology was not changed.

Figure 10.16 SEM image of 600oC carbon from spray-dried cotton 
microcrystal pyrolyzed in nitrogen (a) and HCl (b) [24].

 Table 10.3 shows properties of the cellulose-treated carbon 
materials. The 600oC carbons have BET surface areas several times 
greater than those of original cellulose aerogels because of the 
formation of micropore. The 2200oC treatment caused signiϐicant 
losses in surface area because of carbon crystallite formation. 
Table 10.4 shows the properties of the different carbon material 
[24]. 

Table 10.3 Surface area and pore volume of carbon from tunicate 
cellulose [24]

Drying 
method, 

atmospherea

600°C treated 2000°C treatedb

Surface area 
(m2/g)

Microporec 
(cm3/g)

Mesoporec 
(cm3/g)

Surface area 
(m2/g)

Micropore 
(cm3/g)

Mesopore 
(cm3/g)

FD, HCl 533 0.255 0.332 84 0.031 0.247

t-BuOH, N2 667 0.309 0.468 137 0.051 0.364

t-BuOH, HCl 549 0.258 0.626 239 0.090 0.644

a Atmosphere for pyrolysis.
b In argon atmosphere.
c Micropore: 0.5 to 2 nm, mesopore: 2–50 nm.
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Table 10.4 Comparison between carbon materials [24]

Material Morphology Surface area Edge face Adhesibility

Natural graphite Flake Small Small Weak
Conventional pyrolytic 
carbon

Aggregate Small Small Weak

Fullerene Sphere Large None Weak
Carbon nanotubes Tube Large None Weak
Fibrous/rod-like carbon Fibril Large (Large)* (Strong)*

* Expected properties.

 The regular arrays of carbon nanoϐibers could form a nanoporous 
matrix. The porous carbon with regular structures was obtained by 
Vinu et al. using the replica synthesis [58]. Figure 10.17A shows the 
process of mesoporous carbon materials. In this method, a carbon 
sources, such as sucrose, are ϐirst impregnated into silica template 
structures, followed by solidiϐication and template removal, resulting 
in nanostructured porous carbon materials. 

Figure 10.17 (A) Synthesis of mesoporous carbon materials: (a) CMK-1 
from MCM-48; (b) CMK-3 from SBA-15. (B) Synthesis of 
carbon nanocage with cross-sectional view for synthesis 
and simpliϐied three-dimensional illustration [58].
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 Mesoporous silica MCM-48 in cubic phase is one of the most 
appropriate templates because it has bicontinuous pore geometry, 
resulting in representative mesoporous carbon CMK-1. The SBA-15 
template has hexagonal array of cylindrical pores. However, its 
interconnectivity of the silica channel with micropores leads to 
preservation of regular carbon structures (CMK-3) even after silica 
removal [58]. The synthesis of carbon nanocage is illustrated in Fig. 
10.17B. The speciϐic surface area and speciϐic pore volume reaches 
up to 1600 m2 g–1 and 2.1 cm3 g–1, respectively, in the case of carbon 
nanocage at the lowest sucrose to silica ratio [58]. Because of 
large pore volume of the carbon nanocage, it would show superior 
capability in the biomaterials adsorption [57].
 Grabinski et al. [49] investigated a risk of exposure to the carbon 
nanomaterials, included carbon ϐibers — CF (10 μm diameter), 
carbon nanoϐibers — CNF (100 nm diameter), MWCNT (10 nm 
diameter), and SWCNT (1 nm diameter). CF and CNF did not 
signiϐicantly affect cell viability (Fig. 10.18). MWCNT and SWCNT 
reduced cell viability in a time-dependent manner up to 48 h, 
with full recovery of mitochondrial function by the 72 h time point 
(Fig. 10.19) [49]. 

Figure 10.18 Cell viability at 24 and 72 h time points determined via MTT 
assay. Cell viability after exposure to CF, CNF, MWCNT, and 
SWCNT at four concentrations (5, 10, 25, and 50 lg/mL) 
after 24 h (a) and 72 h (b) [49].
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Figure 10.19 Cell viability over time determined via MTT assay. Cell 
viability after exposure to MWCNT (a), and SWCNT (b) at 
four concentrations (5, 10, 25, and 50 lg/mL) and four time 
points (12, 24, 48, and 72 h) [49].

 After a 24 h exposure, cells exposed to MWCNT produced up 
to threefold higher increase in reactive oxygen species than those 
exposed to SWCNT. In their study, they suggest that high-aspect 
ratio carbon material toxicity is dependent on dimension and 
composition.
 Surface of the carbon can be improved by HA layer deposition 
(Fig. 10.20, Fig. 10.21) from electrolyte consisting calcium nitrate, 
ammonium phosphate, and ammonium hydroxide [19].

Figure 10.20 SEM image of hydroxyapatite (HA) deposited onto the carbon 
ϐibers [19].
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Figure 10.21 SEM of keratocytes adherent to HA coated M1 carbon matrix 

[19].

Figure 10.22 Keratocyte adhesion to the 3 types of HA coated and uncoated 
carbon meshes MU25, M1, and M62. Inside ϐluorescent 
microscopy image [19].

 Live cell adhesion is possible on both coated and uncoated 
M1-type carbon meshes. The HA coating signiϐicantly increases 
cell adhesion to the carbon meshes (Fig. 10.22). The adherent 
cells show spanning of 10–40 μm across the coated M1 carbon 
ϐibers (Fig. 10.21) [19].

10.4 Carbon Nanoparticles

The biologically inert nature of the carbon itself limits the 
inϐlammatory response and material resorption. Providing a strong, 
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long-lasting adhesive interface between a bone replacement implant 
and the surrounding tissue involves the use of bioactive materials, 
such as hydroxyapatite with properties similar to natural bone. 
A carbon-apatite materials, plays an essential role in forming the 
chemical bond of the bioactive material to the living bones. This 
carbon with apatite layer can be reproduced in vitro in SBF [9, 62]. 
Figure 10.23 shows the SEM images of the carbon microspheres 
before and after soaking in SBF for 5 and 10 days [62]. 

Figure 10.23 Carbon microspheres before and after soaking in SBF for 
5 and 10 days (a) and (b) before soaking; (c) and (d) after 
soaking for 5 days; (e) and (f) after soaking for 10 days [62].

 The carbon microspheres have size of about 2 μm (Fig. 10.23a). 
The surface of the carbon microspheres is smooth (Fig. 10.23b), 
and after 5 days of soaking in SBF, an apatite clusters with cotton 
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morphology are formed on the surface (Fig. 10.23c) with size of 
the crystallites of about 200–300 nm (Fig. 10.23d). The apatite 
morphology is typical to the one shown in Chapter 9. Ten days of 
soaking results in more apatite forms on the surface compared 
with that after soaking for 5 days. Furthermore, the apatite forms 
a layer (Fig. 10.23e,f). The hydroxyl groups (OH−) remained on the 
surface of the carbon microspheres after the process are important 
for the apatite formation in SBF, which provides favorable sites for 
calcium phosphate nucleation [31]. The potential mechanism of 
apatite formation on the surface was proposed by Wu and Chang 
(Fig. 10.24) [62]. Surface of the carbon microspheres is negative 
due to OH− groups, which provide favorable sites for calcium 
phosphate nucleation. The Ca2+, PO4

3−, and CO3
2− ions are assem- 

bled on the surface of carbon microspheres to form amorphous 
carbonate apatite. With the increase of soaking time, the amorphous 
carbonate apatite grown into crystalline carbonate apatite.

Figure 10.24 Schematic mechanism for the apatite formation on the 
surface of carbon microspheres in SBF [62].
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Preventive dentistry is the modern way of reducing the amount of 
dental treatment necessary to maintain a healthy mouth. The two 
major causes of tooth loss are decay and gum disease. The better 
we prevent or deal with these two problems, the more chances 
people have in keeping their teeth for life. The combined efforts of 
the dentist, the hygienist and the patient, can help to prevent the 
need for treatment, and so to avoid the traditional pattern of ϐillings 
and extractions of teeth.  
 Tooth cleaning and polishing and ϐluoride application are all part 
of prevention program. Preventive dentistry has a wide range of 
opportunities for studies [1, 5, 15, 16]. There are interests in child 
dental health, geriatric dental health, ϐluoride and dental health, 
dental health services research, and dental labor force. 
 Nanotechnology will change preventive dentistry and healthcare 
[7, 9, 10, 29, 30]. Current work is focused on the recent develop-
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ments, particularly of nanoparticles and nanotubes for periodontal 
management, the materials developed such as the hollow nano-
spheres, core shell structures, nanocomposites, nanoporous mate-
rials, and nanomembranes will play a growing role in materials 
development for the dental industry.  

11.1 Nanodentistry

Nanodentistry will make possible the maintenance of comprehensive 
oral health by nanomaterials, biotechnology including tissue 
engineering and nanorobotics. Freitas has described how medical 
nanorobots might utilize speciϐic motility mechanisms to crawl 
or swim through human body tissues with navigational precision, 
acquire energy, sense and manipulate their surroundings, achieve 
safe cytopenetration (e.g., pass through plasma membranes such as 
the odontoblastic process without disrupting the cell), and employ 
any of a multitude of techniques to monitor, interrupt, or alter nerve 
impulse trafϐic in individual nerve cells, and in real time (Table 11.1) 
[7]. 
 The visions described above by Freitas may sound unlikely, but 
recent advances in nanotechnological research and development 
have made such applications theoretically possible [7, 9, 29].

11.2 Biomimetic Nanomaterials

A new method for altered enamel surface remineralization has been 
proposed [8, 23, 25]. Dental caries is a widespread chronic disease 
caused by glucolytic bioϐilms. It is hypothesized that nano-sized 
hydroxylapatite crystallites occur in the oral cavity during extensive 
physiological wear of the hierarchical structured enamel surface due 
to dental abrasion and attrition. Modern bioinspired nanomaterials 
in preventive dentistry containing nano-sized hydroxylapatite 
particles have shown efϐicacy in reducing oral bioϐilm formation and 
yield re-mineralizing effects [8].
 In the last years, several oral health care compounds, tooth 
pastes and mouth rinses were developed containing nano-sized 
bioinspired apatite particles in combination with or without 
proteinaceous additives like caseino-phosphopetides [23, 25]. The 
efϐicacy of these compounds in dental prophylaxis is attributed to 
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Table 11.1 New treatment opportunities in nanodentistry [7]

Treatments Comments 

1 Tooth repair Nanodental techniques for major tooth 
repair may evolve through several stages of 
technological development, ϐirst using genetic 
engineering, tissue engineering and tissue 
regeneration and later growing whole new teeth 
in vitro and installing them. 

2 Tooth 
renaturalization

Dentition renaturalization procedures may 
become a popular addition to the typical dental 
practice, providing perfect methods for esthetic 
dentistry. This trend may begin with patients 
who desire to have their old dental amalgams 
excavated and their teeth remanufactured 
with native biological materials. But demand 
will grow for full coronal renaturalizations in 
which all ϐillings, crowns, and other necessary 
20th century modiϐications to the visible 
dentition are removed, with the affected teeth 
remanufactured so as to be indistinguishable 
from the natural originals. 

3 Hypersensitivity 
cure

Dentin hypersensitivity may be caused by chan-
ges in pressure transmitted hydrodynamically 
to the pulp. This etiology is suggested by the 
ϐinding that hypersensitive teeth have 8 times 
higher surface density of dentinal tubules – and 
tubules with diameters twice as large – than 
nonsensitive teeth. There are many therapeutic 
agents for this common painful condition that 
provide temporary relief, but reconstructive 
dental nanorobots could selectively and 
precisely occlude selected tubules in minutes, 
using native biological materials, offering 
patients a quick and permanent cure. 

4 Orthodontic 
nanorobots

Orthodontic nanorobots could directly 
manipulate the periodontal tissues including 
gingiva, periodontal ligament, cementum and 
alveolar bone, allowing rapid painless tooth 
straightening, rotating, and vertical repositioning 
in minutes to hours, in contrast to current molar 
uprighting techniques which require weeks or 
months to proceed to completion. 

(Contd)
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Treatments Comments 

5 Dental durability 
and cosmetics

Tooth durability and appearance may be 
improved by replacing upper enamel layers with 
covalently-bonded artiϐicial materials such as 
sapphire or diamond which have 20–100 times 
the hardness and failure strength of natural 
enamel or contemporary ceramic veneers and 
good biocompatibility. Like enamel, sapphire 
is somewhat susceptible to acid corrosion, 
but sapphire can be manufactured in virtually 
any color of the rainbow, offering interesting 
cosmetic possibilities (e.g., iridescence) as 
alternatives to standard whitening and sealant 
procedures. 

6 Nanorobotic 
dentifrice 
(dentifrobots)

Effective prevention has reduced caries in  
children and a caries vaccine may soon be 
available, but a subocclusal-dwelling nano-
robotic dentifrice delivered by mouthwash 
or toothpaste could patrol all supragingival 
and subgingival surfaces at least once a day, 
metabolizing trapped organic matter into 
harmless and odorless vapors and performing 
continuous calculus debridement. These 
invisibly small (1–10 micron) dentifrobots, 
perhaps numbering 103–105 nanodevices per 
oral cavity and crawling at 1–10 microns/sec, 
might have the mobility of tooth amoebas 
but would be inexpensive purely mechanical 
devices that would safely deactivate themselves 
if swallowed and would be programmed with 
strict occlusal avoidance protocols. Properly 
conϐigured dentifrobots could identify and 
destroy pathogenic bacteria residing in the 
plaque and elsewhere, while allowing the ~500 
species of harmless oral microϐlora to ϐlourish 
in a healthy ecosystem. Dentifrobots would also 
provide a continuous barrier to halitosis, since 
bacterial putrefaction is the central metabolic 
process involved in oral malodor. With this kind 
of daily dental care available from an early age, 
conventional tooth decay and gum disease will 
disappear into the annals of medical history.

Table 11.1 (Contd)
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size-speciϐic effects of the apatite nano-particles corresponding to 
the ultra structure of the enamel. The nanostructured biomimetic 
materials expose a large surface to volume ratio and extraordinary 
physicochemical properties [18, 28]. An example is casein 
phosphopeptide (CPP) stabilized by amorphous calcium phosphate 
(ACP) [26]. These casein phosphopeptides have a high afϐinity to 
dental plaque and their incorporation into the oral bioϐilm provides 
a reservoir of calcium for re-mineralization [4]. CPP–ACP decreases 
the amount of calcium bridging between the pellicle and adhering 
bacteria as well as between the bacteria by interaction with calcium 
binding sites. Furthermore, speciϐic receptor molecules are blocked. 
This reduces the general bacterial colonization as demonstrated 
in situ with germanium surfaces treated with CPP–ACP [23]. How-
ever, CPP–ACP does not mimic nano-sized enamel crystallites. Other 
biomimetic approaches are based on hydroxyapatite-nanocrystals 
resembling the nanostructure of abraded dental enamel crystallites. 
Non-aggregated as well as clustered hydroxylapatite nano-crystallite 
particles (100 × 10 × 5 nm) adsorb to bacterial surfaces in vitro 
[32]. The adsorbed nano-sized apatite interacts with the bacterial 
adhesins, and thus reduces bacterial adherence. 
 Different types and pharmaceutical forms of nano-hydroxyla-
patite promote re-mineralization and repair of de-mineralized 
enamel or micro-sized tooth surface defects [12, 27, 28]. Typically, 
these nano-crystallites mimic the size of natural dentinal 
hydroxylapatite (20 nm) or enamel apatite (100 nm), sometimes 
aggregated as clusters [28]. Different forms of the particles such as 
spheroidal or needle like crystallites have been tested and it turned 
out that they improve remineralization of artiϐicial caries better than 
sodium ϐluoride typically found in toothpastes [17]. These artiϐicial 
nano-apatites might be supplied during daily oral hygiene measures 
using toothpastes, mouth rinsing solutions, chewing gums, etc. 
 A new biomimetic mineral coating, which progressively ϐills 
and shadows surface scratches, covers, and safeguards the enamel 
structure by contrasting the acid and bacteria attacks [17, 27].

11.3 Antimicrobial Effect of Nanometric 
Bioactive Glass 45S5  

The clinically interesting antimicrobial properties of commercially 
available, micron-sized bioactive glass 45S5 have been attributed 

Antimicrobial Effect of Nanometric Bioactive Glass 45S5
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to the continuous liberation of alkaline species during application 
[33, 34]. The release of Na+ and Ca2+ ions from, and the incorporation 
of H3O+protons into, the corroding glass result in a high-pH 
environment in closed systems, which is not well-tolerated by 
microbiota [2, 31]. In addition, the release of silica has been linked to 
the antibacterial bioactive glass effect [34]. In contrast to commonly 
used disinfectants in dentistry, silica-containing bioactive glasses 
induce dentin mineralization, and thus are potentially interesting 
materials for the treatment of demineralized and infected dentin 
found in deep caries lesions and necrotic root canals [6]. 
 Most recent advances in nanomaterials fabrication have given 
access to complex materials such as SiO2–Na2O–CaO–P2O5 bioactive 
glasses in the form of amorphous nanoparticles of 20 to 60 nm size 
[22, 33]. This substantially increases ionic release in suspension, 
and may thus result in enhanced antimicrobial efϐicacy [31]. As 
observed by scanning electron microscopy, the nanoparticulate 
bioglass was spherically shaped and highly agglomerated, while 
the conventional melt-derived glass was in the form of sharp-edged 
shards (Fig. 11.1). According to laser ablation inductively coupled 
plasma mass spectrometry, the composition of the nanometric 
bioactive glass was 44.7 wt% SiO2, 4.9 wt% P2O5, 27.6 wt% CaO, and 
22.8% Na2O. Transmission electron microscopy conϐirmed particle 
size of the nanometric materials to be 30 ± 7.8 nm for bioactive glass 
(N = 200). 

Figure 11.1 Scanning electron microscopic images of ϐlame-derived, 
nanometric bioactive glass (left) and the micron-sized com-
mercially available 45S5 glass (PerioglassTM, right) [33].
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 At the same solid-to-liquid ratio (wt/vol), the nanoparticulate 
45S5 released approximately 10-fold more silica into the simulated 
body ϐluid than the conventional bioglass (Fig. 11.2). In contrast, 
10-minute conventional bioglass supernatants contained substan-
tially more calcium, 158.5 ± 8.4 ppm vs. 31.2 ± 5.8 ppm. Nanometric 
bioglass supernatants had a pH of 11.7, compared with 8.3 measured 
in counterparts obtained from conventional bioglass suspensions.

Figure 11.2 Silicon and calcium contents as well as pH levels of 1:10 
(wt/vol) suspension supernatants of conventional and 
nanoparticulate bioglass in simulated body ϐluid. Error bars 
indicate standard deviations (N = 3) [33].

 The current study showed a substantially higher release of 
alkaline species and better antibacterial efϐicacy of bioactive glass 
45S5 in nanoparticulate form, compared with the conventional 
preparation [33]. The antibacterial effect of nanoparticulate bio-
active glass appears to be directly linked to its high surface area and 
thus the resulting release of ionic components in solution. However, 
the low concentration of calcium in nanometric 45S5 supernatants 
suggests that calcium and phosphate released from this glass 
preparation precipitate immediately [3]. The release of silica should 
eventually result in the transformation of glass nanoparticles 
into inert Ca-P shells, which can have a substantial potential to 
(re)mineralize dentin [27, 33]. 

Nano-Sized Calcium-Deficient Apatite Crystals
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11.4 Nano-Sized Calcium-Deficient 
Apatite Crystals

Bioactive ceramic materials, such as hydroxyapatite [Ca10(PO4)6 
(OH)2, HA] were widely used as bone substitutes for several decades 
[14]. Stoichiometric hydroxyapatite has a hexagonal structure. 
On the other hand, the calcium-deϐicient hydroxyapatites [Ca10 – x 

(PO4)6 – x(HPO4)x(OH)2 – x, 0  ≤  x  ≤  1, CDHA] are of greater biological 
interest than stoichiometric HA since the Ca/P ratio in bone is 
nearer to 1.5 [14]. It has been suggested that calcium-deϐicient 
apatitic (CDHA) plays important roles in several processes such 
as bone remodeling and bone formation [13]. Furthermore, both 
compositions are chemically and structurally similar to the mineral 
constituent of human hard tissue. However, bone mineral (natural 
biocrystal) essentially has a CDHA structure with a Ca/P ratio of 
about 1.5 which, strictly speaking, is a Ca/P ratio similar to tricalcium 
phosphates (TCP), Ca3(PO4)2, (Ca/P = 1.5) but structurally and 
chemically compositionally similar to stoichiometric hydroxyapatite, 
Ca10(PO4)6(OH)2, (Ca/P = 1.67). It was also reported that the 
chemical properties such as catalysis, ion-exchange, and degradation 
in solution are strongly dependent on Ca/P ratios [19]. 
 Recently, various processes have been developed to prepare 
nano-sized apatite powders [13, 20, 21, 24]. The synthesis of single-
phased needle-like CDHA nano-crystals with Ca/P ratios from 1.5 to 
1.67 can be performed by a simple coprecipitation method with a 
good reproducibility [13]. 
 Figure 11.3 shows the TEM bright-ϐield (BF) image of the 
precipitated CDHA powders with different Ca/P ratios from 1.5 to 
1.67. The powder morphology presents a needle-like shape and the 
needle-like particles are easily developed to form aggregates when 
higher concentration and fast mixing are applied during the solution 
preparation [11]. The dimension of these CDHA crystals in both 
radial (diameter) and axial (length) directions is 5–10 nm in 
diameter and 40–50 nm in length in terms of different Ca/P ratios. 
An axial zone in some needle-like CDHA particles can be clearly 
observed in the high-resolution TEM [13]. The lattice fringes were 
seen predominantly in long needle-like crystallites and parallel to 
(1 0 0) CDHA with a width of 0.82 nm. It was suggested that the HA 
crystals tend to grow along the [0 0 0 1] direction and the fastest 
growth direction results in needle-like morphology. 
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Figure 11.3 TEM micrographs of calcium-deϐicient apatites with diff-
erent Ca/P ratios: (a) Ca/P = 1.5, (b) Ca/P = 1.55, (c) Ca/P = 1.6 
and (d) Ca/P = 1.67 [13].

 The amplitude of FT in the EXAFS spectra indicates that the 
structural disorder increases, following the sequence of 1.67 > 1.5 
> 1.6 > 1.55, implying that stoichiometry and non-stoichiometry 
plays a more important role than the structural order–disorder. 
This may suggest that different biochemical properties between 
Ca/P = 1.5 and 1.67 is mostly due to the effect of stoichiometry and 
non-stoichiometry.
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12.1 Introduction

The interactions between solid surfaces and cells are crucial to many 
biological phenomena for all biomaterials. This chapter provides an 
overview of metallic and ceramic biomaterials, along with a discussion 
of microstructure and surface changes that promote biocompatibility. 
For a material to be deemed biocompatible, any adverse reactions 
which may ensue at the blood/material or tissue/material interface 
must be minimal, while resistance to biodegeneration must be high. 
Implantable materials should not [27]: cause thrombus-formations, 
destroy, or sensitize the cellular elements of blood, alter plasma 
proteins (including enzymes) so as to trigger undesirable reactions, 
cause adverse immune responses, cause cancer and eratological 
effects, produce toxic and allergic responses, deplete electrolytes, 

Chapter 12

Osteoblast Behavior on Nanostructured 
Implant Materials

Karolina Jurczyka,* and Mieczyslawa U. Jurczykb

aConservative Dentistry and Periodontology Department,
University of Medical Sciences, Bukowska 70 Street, 60-812 Poznan, Poland
bDivision Mother’s and Child’s Health, University of Medical Sciences,
Polna 33 Street, 60-535 Poznan, Poland 
*karolajur@gmail.com

Bionanomaterials for Dental Applications
Edited by Mieczyslaw Jurczyk
Copyright © 2013 Pan Stanford Publishing Pte. Ltd.
ISBN  978-981-4303-83-5 (Hardcover), 978-981-4303-84-2 (eBook)
www.panstanford.com



346 Osteoblast Behavior on Nanostructured Implant Materials

and ϐinally be affected by sterilization. Till now, there are no known 
materials which totally satisfy these criteria so when a foreign 
material is placed into a biological environment, inevitable reactions 
occurs which are detrimental to both the host and the material.
 The surface properties of biomaterials are associated with cell 
adhesion and subsequent various cell behaviors, such as proliferation, 
migration, cytoskeletal arrangement, differentiation, and apoptosis 
[12, 99]. In particular, a large number of studies on cell adhesion to 
various substrate surfaces have been conducted. Cell adhesion and 
its performance have been reported to depend on the characteristics 
of substrates, including the chemical composition, surface charge, 
water wettability, roughness, and size of the cytophilic area 
[5, 23, 44, 62, 63, 67, 68, 90, 104, 106, 107, 133, 135, 138, 141−143]. 
Understanding the mechanisms whereby cells sense and respond to 
chemical, physical and biological signals from material surfaces will 
facilitate the development of novel biomaterials for the control of 
cell behavior. 
 All implantable materials possess inherent morphological, 
chemical, and electrical surface qualities which elicit reactionary 
responses from the surrounding biological environment. In 
fact, biocompatibility can be described as multifactorial in that 
simultaneous stimuli from any of these material properties can 
affect the host response. 
 Using nanotechnology for regenerative medicine becomes 
obvious when examining nature [153]. Bone is a nanocomposite 
that consists of a protein based soft hydrogel template (i.e., collagen, 
non-collagenous proteins (laminin, ϐibronectin, vitronectin), and 
water) and hard inorganic components (hydroxyapatite, HA, 
Ca10(PO4)6(OH)2) [139, 154]. Speciϐically, 70% of the bone matrix is 
composed of nanocrystalline HA [57]. 
 In addition to the dimensional similarity to bone/cartilage 
tissue, nanomaterials also exhibit unique surface properties (such 
as surface topography, surface chemistry, surface wettability, and 
surface energy) due to their signiϐicantly increased surface area and 
roughness compared to conventional or micron structured materials. 
As known, material surface properties mediate speciϐic protein (such 
as ϐibronectin, vitronectin, and laminin) adsorption and bioactivity 
before cells adhere on implants, further regulating cell behavior 
and dictating tissue regeneration [139]. Furthermore, an important 
criterion for designing medical implant materials is the formation 
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of sufϐicient osseointegration between synthetic materials and bone 
tissue. 

12.2 Biocompatibility 

The biocompatibility of biomaterials is very closely related to cell 
behavior in contact with them, and particularly to cell adhesion 
to their surface [12]. Surface characteristics of materials, such as 
their topography, chemistry, or surface energy, play an essential 
part in osteoblast adhesion to biomaterials. The term “adhesion” 
in the biomaterial domain covers different phenomena [8, 12]: the 
attachment phase which occurs rapidly and involves short-term 
events like physicochemical linkages between cells and materials 
involving ionic forces, van der Walls forces, etc., and the adhesion 
phase occurring in the longer term and involving various biological 
molecules: extracellular matrix proteins, cell membrane proteins, 
and cytoskeleton proteins which interact together to induce signal 
transduction, promoting the action of transcription factors, and 
consequently regulating gene expression. 
 Studies have demonstrated that nanostructured materials with 
cell favorable surface properties may promote greater amounts of 
speciϐic protein interactions to stimulate more efϐiciently new bone 
growth compared to conventional materials [29, 136, 140]. This 
may be one of the underlying mechanisms why nanomaterials are 
superior to conventional materials for tissue growth. Therefore, by 
controlling surface properties, various nanophase ceramic, polymer, 
metal, and composite scaffolds have been designed for bone/
cartilage tissue engineering applications.
 The biocompatibility of an artiϐicial material in the body is 
complicated. The artiϐicial implants, once implanted in vivo, induce 
a cascade of reactions in the biological micro-environment through 
interaction of the biomaterial with body ϐluid, proteins, and various 
cells [43, 45, 119, 145]. The sequence of local events often leads to 
the classic foreign body response and the formation of a ϐibrous 
tissue capsule around an implant. It is clear that a major factor 
inϐluencing this unfavorable reaction of the body is the biomaterial 
surface. The speciϐic interactions determine the path and speed of 
the healing process and the long-term integration of the biomaterial-
body interface. Both the chemical composition of the surface 
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and the surface topography are believed to be important in bone 
contacting implants. They regulate the type and the degree of the 
interactions that take place at the interface like adsorption of ions 
and biomolecules such as proteins, formation of calcium phosphate 
layers, and interaction with different types of cells (macrophages, 
bone marrow cells and osteoblasts). Thus, the nature of the initial 
interface that is developed between an artiϐicial material and 
the attached tissue determines the ultimate success or failure of 
the materials. Tissue compatibility is the most important issue to be 
considered for the implant success. 
 Titanium is found to be well tolerated and nearly an inert material 
in the human body environment. In an optimal situation, titanium 
is capable of osseointegration with bone [43]. In addition, titanium 
forms a very stable passive layer of TiO2 on its surface and provides 
superior biocompatibility. Even if the passive layer is damaged, the 
layer is immediately rebuilt. In the case of titanium, the nature of 
the oxide ϐilm that protects the metal substrate from corrosion is of 
particular importance, and its physicochemical properties such as 
crystallinity, impurity segregation etc, have been found to be quite 
relevant. 
 Titanium alloys show superior biocompatibility when compared 
to the stainless steel and Cr–Co alloys. The grain size of metal 
implant inϐluences the osteoblast adhesion. In vitro studies carried 
out using ultra ϐine-grained Cp Ti (grade 2) and Ti64 alloy exhibited 
increased cell adhesion when compared to conventional materials. 
This increase in cell adhesion is attributed to the increase in surface 
energy at the grain boundaries. 
 Current trends in clinical dental implant therapy include 
use of endosseous dental implant surfaces embellished with 
nanoscale topographies. It has been shown, that implant surface 
character is one implant design factor affecting the rate and extent 
of osseointegration [21, 26, 89, 92]. According to Mendonça and 
coworkers, nanostructured surfaces possess unique properties that 
alter cell adhesion by direct (cell–surface interactions) and indirect 
(affecting protein–surface interactions) mechanisms [89]. Surface 
nanotopography appears to affect cell interactions at surfaces and 
alter cell behavior when compared to conventional sized topography 
[14, 16, 70, 89]. Nanotopography speciϐic effects on cellular behavior 
have been demonstrated using a wide range of different cell types 
including epithelial cells, ϐibroblasts, myocytes, and osteoblasts. 
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 Mendonça and coworkers recently reviewed the role of 
nanoscale topographic modiϐication of titanium substrates for the 
purpose of improving osseointegration [89]. Depiction of broad 
range of nanoscale topography effects observed in cellular protein 
adsorption is altered by nanoscale modiϐication of bulk material 
(Fig. 12.1). It is believed that, the changes in initial protein–surface 
interaction control osteoblast adhesion [14]. When implants come 
into contact with a biological environment, protein adsorption 
(e.g. plasma ϐibronectin) that occurs immediately will mediate 
subsequent cell attachment and proliferation. Changing the surface 
energy or wettability of a biomaterial represents a classical approach 
to altering cell interactions with the surface.
 Webster and coworkers [136, 138, 142, 153] observed increased 
osteoblast adhesion on Ti, Ti6Al4V, and CoCrMo compacts with 
nanometer compared to conventionally sized particles. Respective 
metal formulations had similar chemistry and altered only in degree 
of nanometer roughness. Interestingly, osteoblasts were observed to 
adhere speciϐically at particle boundaries. Since nanophase metals 
have higher percentages of particle boundaries at the surface, this 
may explain the greater numbers of osteoblasts on nanophase 
compared to conventional metals. 

Figure 12.1 Depiction of broad range of nanoscale topography effects 
observed in cellular protein adsorption is altered by 
nanoscale modiϐication of bulk material [89].

 Previous studies have also demonstrated increased functions 
of osteoblasts (bone-forming cells) on nanophase compared to 
conventional ceramics (speciϐically, alumina, titania, and hydro-
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xyapatite) [133−135], polymers (such as poly lactic-glycolic acid, and 
polyurethane) [58], carbon nanoϐibers/nanotubes and composites 
[58, 105].
 Another study suggested higher adsorption of ϐibronectin on 
hydrophilic self-assembled monolayers (SAMs) surfaces with greater 
focal adhesion formation (integrin binding) evident in the osteoblast 
cells adhered to the hydrophilic SAM treated surfaces [113]. 
 Both cell speciϐicity and extent of cell adhesion are altered, too. 
Depending on the nano-architecture cell, spreading may be increased 
or decreased. Lim and coworkers [80] more directly related protein 
adsorption, cell adhesion and the active process of attachment by 
measurement of increased focal adhesion kinase (FAK) activity. 
Surface roughness at the nanoscale is an important determinant of 
protein interactions that ultimately direct cell activity in control of 
tissue formation at implant surfaces [101]. 
 Nanofeatures of a surface affect both cell adhesion and cell 
motility. Andersson and coworkers [11] compared cell morphology 
and cytokine production on titanium substrates with 15 mm wide 
and 185 nm-deep grooves versus Ti substrates with 100 nm high, 
168 nm diameter hemispherical nanopillars. The cells appeared 
partially aligned to the grooves and had a cytokine release similar to 
that found from cells on ϐlat surfaces. Osteoprogenitor cell adhesion 
was enhanced on poly-L-lactide (PLLA) and polystyrene (PS) surface 
with nanoscale and micron-scale roughness compared to smooth 
surfaces. OCT-1 osteoblast-like cells grew along the surface with two 
different nanoscale surfaces (PLLA) and grew inside micron-scale 
pits of PS [127]. Similar conclusions were made when comparing 
nano- and micron-scale grain boundary effects on osteoblast cell 
adhesion and proliferation [142]. 
 Cell proliferation appears to be enhanced by nanoscale 
topography, too. Webster and coworkers [135] observed increased 
osteoblast proliferation on the nanoscale materials tested. The 
mechanism(s) affecting this process is not deϐined. However, it can 
be speculated that many of the events associated with adhesion can 
affect signaling pathways that control proliferation. 
 Several investigators have demonstrated the relative diminution 
of ϐibroblast adhesion compared to osteoblast adhesion when 
nano- and micron-structured surfaces were evaluated [83, 104]. 
For example, on nano-sized materials, the afϐinity ratio between 
osteoblasts and ϐibroblasts was 3 to 1. In the conventional materials, 
the ratio was 1 to 1 [136]. Bacterial adhesion and proliferation is 
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also diminished on nanophase materials [25]. Decreased bacterial 
colonization on nanostructured TiO2 and ZnO is observed even though 
these surfaces promote osteoblast adhesion and differentiation. 
 For osteoblast, several investigators have shown nanoscale 
topography enhances osteoblast differentiation [133]. Webster 
revealed that alkaline phosphatase synthesis and calcium mineral 
content increased in cell layers formed on nano-sized materials after 
21 and 28 days.
 The chemical and topographical properties of the implant surface 
strongly inϐluence the properties of the layer. Since proteins and cells 
range in size from nano- to micrometer, these are relevant length 
scales for the problem. Of equal importance are the properties of 
the cells, e.g. their ability to communicate through the extracellular 
matrix by signal molecules. During tissue healing, numerous 
bioactive signal molecules control the formation and some proteins 
have shown capability of stimulating healing near the implant. 
 The implant surface plays an important role in biological 
interactions [119, 145]. Various properties of the implant 
surface such as surface chemistry, energy, topography, and 
surface roughness are relevant factors for implant integration in 
bone tissue and, consequently, for osseointegration [1, 6, 7, 152]. 
The quality of titanium surfaces can be described in terms of 
surface chemistry, which refers to the critical surface tension (CST) or 
surface energy [66]. The CST is related to the contact angle of a liquid 
drop on the surface and, thus, provides an indicator of the potential 
of cell adhesion or surface wettability [33]. Complete moistening 
and distribution of a liquid on a surface indicates high surface 
energy, biocompatibility, and hydrophilicity of a material. It has 
been observed that chemically activated and hydrophilic sandblasted 
and acid-etched (SLA) surfaces resulted in a greater percentage of 
bone-implant contact in the ϐirst weeks of osseointegration [22]. 
 The surface properties of the implants can be change by different 
methods of cleaning, sterilization, and storage [45, 61, 82]. For 
example, it has been observed that discs with an active SLA surface 
sterilized by gamma irradiation and continuously submersed in 
isotonic NaCl presented less contamination with hydrocarbons and 
carbonates from the atmosphere, producing a chemically clean and 
reactive surface [155]. 
 Another aspect of surface chemistry determined by the oxide 
layer refers to the atomic and molecular structure of the biomaterial 
[59, 103]. Titanium forms various stable oxides such as TiO, TiO2, 
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Ti2O3, and Ti3O4 on its surface [60]. The average thickness of 
the dense titanium oxide ϐilm is 10 nm [59]. This oxide thickness 
increases more rapidly when in contact with bone. Additionally, 
calcium and phosphorus ions increase and modify the oxide layer. 
It has been shown that titanium oxide acts as a nucleation substrate 
for calcium phosphate crystals [28, 109, 110]. The biological activity 
of TiO2 also inϐluences protein adsorption to the titanium surface 
[36]. The chemical composition and microstructure of a surface 
can regulate the adsorption of components present in extracellular 
ϐluid as a result of alterations in surface energy. In vitro studies have 
shown that rough and chemically activated surfaces provide the ideal 
conditions for direct protein adsorption and alter the adsorption of 
ϐibronectin and albumin due to modiϐications in their ionic state 
[119]. 

12.3 Nanostructured Biomaterials 

Nanostructured biomaterials possess unique surface and mechanical 
properties similar to the bone and hence are considered to be the 
future generation biomaterials [39, 40, 132, 137, 144]. Owing to 
very high number of atoms on the surface, nanograined materials 
possess large surface energy. Thus, they exhibit entirely different 
behavior compared to the micron sized grains. The bone-forming 
cells generally attach themselves to the surface whose roughness is 
of nanometer range. 
 The nano roughness arises because of the fact that human bones 
consist of inorganic minerals of grain size varying from 20 to 80 nm 
long and 2 to 3 nm in diameter [34]. The variation in the surface 
energy due to the nanosurface roughness leads to desirable cellular 
responses on nanostructured titanium and other materials resulting 
in high osseointegration [65, 70, 71, 132, 137, 144]. The cell adhe-
sion behavior on submicron, nanometer structured titanium surface 
was investigated and the obtained results were compared with a ϐlat 
smooth titanium surface [65]. The study demonstrated that both 
nanometer and submicron surfaces have very high surface energy 
and adhesion of bone cells was very high. Additionally, nanograined 
alloys made of Cp Ti, Ti–6Al, 4V, and CoCr as well as nanoceramic 
biomaterials such as alumina, titania, and hydroxyapatite also 
exhibit increased cell adhesion [135, 142]. When the grain size was 
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decreased from 167 to 24 nm, osteoblast adhesion got increased 
by 51% and ϐibroblast adhesion responsible for encapsulation was 
reduced by 235%. 
 The difference in the cell density between the conventional and 
nanomaterials is given in Table 12.1. It may be noted that, though 
different types of cells were utilized for cell culture studies on the 
alloys and ceramics, the cell density was observed to be relatively 
higher for the nanomaterials when compared to conventional 
counterparts.

Table 12.1 Cell density on nano-size (nanophase materials) and micron 
size (conventional materials) grains [43]

Material 

Increase in surface 
area when compared to 
conventional materials 

Roughness
(nm)

Cell densitya

(cells/sq.cm.)

Ti (nano) 15% 11.9 2000b

Ti–6Al–4V (nano) 23% 15.2 1600b

Co–Cr–Mo (nano) 11% 35.6 1450b 
Ti (conventional) 1400b 
Ti–6Al–4V (conventional) 950b

Co–Cr–Mo (conventional) 600b

Alumina (24 nm) (nano) 6000c

Titania (39 nm) (nano) 8000c

Hydroxyapatite (67 nm), 
(nano)

9500c

Alumina (167 nm) 
(conventional)

5000c

Titania (4520 nm)
(conventional)

7000c

Hydroxyapatite (179 nm)
(conventional)

7000c

a Rounded values; b After 3 h; c After 5 days

 Apart from the roughness, the pore size on the surface also has 
an inϐluence on the protein adhesion. The protein, victronectin, 
is generally adsorbed on pores of smaller sizes (0.69, 0.95, and 
0.66 nm of Al2O3, TiO2, and HA), on the other hand, the protein 
that decreases cell adhesion such as laminin, generally adsorbs to 
pore size 2.54, 2.33, and 3.1 μm corresponding to Al2O3, TiO2, and HA 
bioceramics [13]. Increased osteoblast adhesion was also observed 
on nano HA coated Ti–13Nb–11Zr alloy and further bone ingrowth 
toward implant was noted indicating ceramic surface coatings 
leading to high osseointegration [20].

Nanostructured Biomaterials
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12.3.1 Nanostructured Biointerfaces 

In vivo, the interactions of a cell with its surroundings are mediated 
at the molecular and macromolecular level [3]. Speciϐic interactions 
with, for example extracellular matrix components and soluble 
factors, or macromolecules in the outer membranes of adjacent 
cells provide necessary signaling and communication routes. Such 
interfaces have both topographic nanostructure and chemical/
biospeciϐic interaction sites distributed at the nanoscale [2]. 
 The use of diverse techniques to characterize material surfaces 
with great precision has led to a range of model experiments, 
studying in detail the inϐluence of surface chemistry and surface 
topography in vitro and in vivo [3]. A constant desire has been to 
develop better surfaces of implant materials that are able to improve 
biocompatibility, hemocompatibility, or osseointegration. With the 
development and spread of nanofabrication approaches based on 
lithographic, chemical synthesis and self-assembly approaches have 
recently allowed material interfaces to be structured on the length 
scale of the macromolecular components of the extracellular matrix 
and cell membranes [126, 147]. 
 A signiϐicant number of studies have focused on the effect 
of surface nanotopography on cell functions such as adhesion, 
motility, morphology, cytokine release, gene expression, and 
differentiation [3, 38]. The ability to deϐine interfaces on a length 
scale which match that of the mediating macromolecules in cellular 
membranes and extracellular matrixes, has the potential to create 
artiϐicial biointerfaces which are capable of communicating with/
signaling to adherent cells. Such artiϐicial biointerfaces would be of 
immediate interest for application areas such as biomaterials, tissue 
engineering, substrates for generating cells for cell therapies, and 
cell-based electronics/sensors. 
 Additionally, the development of an implant/bone interface 
may be inϐluenced by both nanoscale and micron-scale parameters 
of topography [89]. The role of surface parameters (both bulk 
chemistry and topography) requires consideration of molecular 
(ionic and biomolecular) interactions with the surface, cell adhesion 
phenomenon, and local biomechanical features of the established 
interface. It is clear that nanoscale modiϐication will affect the 
chemical reactivity of an endosseous implant surface and alter the 
ionic and biomolecular interactions with the surface. Proposed 
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changes include enhanced wettability, altered protein adsorption, and 
potential mineralization phenomenon [89]. Changes in wettability 
and altered protein adsorption lead to altered cell adhesion, likely 
involving both integrin and non-integrin receptors. The potential for 
mineralization and epitaxic crystal growth in support of early bone 
bonding could dramatically alter the biomechanical environment of 
the healing implant in favor of stability.
 Various reports support the concept that nanotopography 
enhances osteoblastic differentiation which could also promote 
stability and favorably alter the biomechanical environment for 
healing [89]. However, initial clinical stability may require additional 
considerations of micron-scale topography and overall implant 
design. The pioneering investigations of Meirelles and coworkers 
suggest that nanometer-scale topography alone is not sufϐicient 
to assure robust osseointegration [87, 88]. Investigations which 
have isolated nanometer-scale topography as an experimental 
variable in osseointegration have required additional consideration 
of endosseous implant stability. It is possible that micron-level 
roughness is of additional value to the process of osseointegration 
[89].

12.3.2 Osteoblastic Cell Behavior on Nanostructured 
Surface of Metal Implants

The effect of nanotopography on osteoblastic cell behavior has been 
reported in the literature [19, 32, 77, 81, 85, 98, 100, 102, 114, 131]. 
Surface modiϐications at the nanometric scale may promote protein 
adsorption, cell adhesion and thus favor the osseointegration of 
metal implants. Chemical composition, surface energy, roughness, 
and topography are key factors for interaction with biological ϐluids, 
cells and tissues, and the modiϐication of one of these parameters 
usually modiϐies the others. 
 In the ϐield of dental implants, surface roughness has often been 
modiϐied in order to control bone tissue apposition [9, 37, 76]. Surface 
roughness may be divided into three levels according to the scale of 
the features: macro-, micro- and nanometer-sized topologies. The 
macrostructure of implants has been adapted for primary anchorage 
of implants to bone in relation to the biomechanics of the skeleton. 
Most implant surfaces usually present a moderately rough surface in 
the micrometer range with Ra (Roughness average) values around 
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1–2 μm [9]. This microstructure favors mechanical anchorage to bone 
tissue. The third level of roughness, at the nanometer scale, plays an 
important role in the adsorption of proteins, adhesion of osteoblastic 
cells and thus the osseointegration rate. All the interactions between 
proteins and focal adhesion points of cells occur at the nanometer 
scale, activating intracellular molecular signaling pathways, and 
controlling cell fate [35]. 
 Recent literature reports several methods for preparing surfaces 
structured at the nanometer scale and studying the behavior of cells 
on these surfaces. On metal surfaces, enhanced cell metabolic activity 
has been observed, such as the upregulation of bone sialoprotein 
and osteopontin [31], as well as a threefold increase in osteoblastic 
cell adhesion as compared with the surfaces without nanostructure. 
Furthermore, enhancement of calcium and phosphorus deposition 
has been observed on nanostructured titanium alloys and on CoCrMo 
surfaces but it was not observed on pure titanium [84, 131]. 
 Recently, the behavior of osteoblastic cells was studied on 
mirror-polished (Smooth-SS) and nanostructured (Nano-SS) 
stainless steel surfaces [77]. Nanometer-scale features on stainless 
steel were prepared by anodization. The aim of this study was to 
compare osteoblastic cell behavior on smooth, plastic cultures, and 
these nanostructured stainless steel surfaces were made from an 
ordered array of pores. The Nano-SS exhibited a smooth surface 
with a regular array of nanometer-sized cavities visible at high 
magniϐication under SEM. The pores were organized in a hexagonal 
array like a honey-comb structure. The diameter and depth of the 
pores averaged 182 and 25 nm, respectively. Table 12.2 reports the 
surface roughness parameters of Smooth- and Nano-SS. Both the 

Table 12.2 Surface roughness, contact angle and surface energy of 
mirror-polished (Smooth-SS) and nanostructured (Nano-
SS) stainless steel discs compared with plastic culture [77] 

Parameter Plastic culture Smooth-SS Nano-SS

Roughness average Sa/Ra (nm) 0.65 ± 0.25 1.4 ± 0.3 6.2 ± 0.5
Roughness mean square Sq/Rq 
or Rms (nm)

0.86 ± 0.30 2.0 ± 0.3 7.6 ± 0.5

Peak-to-valley height Rt (nm) 3.2 ± 0.9 31 ± 3 41 ± 4
Skewness Rsk/Ssk (nm) — 1.88 0.06
Dynamic contact angle (°) 61 ± 1.0 64.0 ± 0.5 89.5 ± 0.5 7
Surface energy (mJ/m2) 48.7 43.5 34.1
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mirror-polished and nanostructured surfaces had higher surface 
roughness than that of the plastic culture. The cell plastic culture and 
the smooth stainless steel discs presented an intermediate surface 
energy. The most hydrophobic material was the nanostructured 
stainless steel discs.

 The surface composition of mirror-polished and nanostructured 
stainless steel surfaces was determined by X-ray photoelectron 
spectroscopy (Table 12.3). The stainless steel was covered by an 
oxide layer composed of iron and chromium oxides (Fe2O3, Cr2O3). 
The chromium content was higher on Nano-SS as compared with 
Smooth-SS while it was the opposite for iron. It may be due to a more 
rapid dissolution of iron during anodization. A higher concentration 
of carbon and a lower concentration of oxygen were observed on the 
nanostructured stainless steel discs as compared with the smooth 
stainless steel. This high carbon content on the Nano-SS in the iron 
oxide layer may be explained by the anodization process that was 
conducted in an organic solvent. 

Table 12.3 Surface analyses determined by X-ray photoelectron 
spectroscopy of mirror-polished (Smooth-SS) and nano-
structured stainless steel (Nano-SS) [77]

Element (atomic %) Smooth-SS Nano-SS
C 37.3 ± 0.7 53.6 ± 1.1
O 52.6 ± 1.0 40.6 ± 0.8
Cr 3.3 ± 0.7 3.6 ± 0.7
Fe 6.7 ± 0.1 2.2 ± 0.1

 By comparing cell morphology on the two surfaces at high 
magniϐication, the osteoblastic cells exhibited a round shape on 
Smooth-SS while they appeared to have a “star-like” shape with 
more cytoplasmic extensions and ϐilipodia on the Nano-SS after 
4 h. The number of branched cells was relatively higher than the 
number of round cells on the Nano-SS as compared with Smooth-SS. 
Therefore, osteoblastic cells seemed to spread more rapidly on the 
nanostructured than on the smooth surface. 
 Cell proliferation of mouse pre-osteoblasts MC3T3-E1 was 
measured through their mitochondrial (MTS) activity at different 
time points on to the different substrates and controls. Compared 
with plastic culture, MTS cell viability was similar on Smooth-SS 
and Nano-SS at 8 days. At day 15, osteoblastic cells proliferated 
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more rapidly on both smooth and nanostructured stainless steel sub-
strates than on culture plastic. 
 The differentiation of osteoblastic cells was assessed using ALP 
(Alkaline phosphatase) activity normalized to protein content after 
culturing MC3T3-E1 on the different substrates for 8, 15, and 21 days. 
The differentiation increased with culture time on both Smooth-SS 
and Nano-SS substrates. ALP activity was better enhanced at 21 days 
on the nanostructured surface than on the Smooth-SS. 
 A positive inϐluence for nanotopography on stainless steel 
with regard to the spreading of osteoblastic cells was observed 
[77]. Analysis of osteoblast morphology revealed that there were 
extensive interactions between osteoblasts and nanoscale features 
as they extended ϐilipodia to a greater extent on Nano-SS than on 
Smooth-SS. Webster and Ejiofor [142] have reported that osteoblasts 
extended their ϐilipodia and interacted with nanostructured surfaces 
faster than those on control surfaces. 
 The surface topography of bio-implant materials dramatically 
inϐluences their cell response. Recently, a set of unique structures 
ranging from mesoporous nanoscaffolds, nanoϐlowers, nanoneedles, 
nanorods, and octahedral bipyramids were fabricated by 
systematically tuning the hydrothermal conditions such as reaction 
medium composition, concentration, temperature, and time duration 
[32]. The cytotoxicity of surface modiϐied Ti was assessed using 
human primary osteoblastic cells, and more than 90% of the cells 
were found to be viable after 24 h of incubation. Protein adsorption 
studies revealed that the surface modiϐied nanostructures on 
titanium adsorbed more proteins, suggesting that they are capable 
of promoting cell adhesion/attachment. 
 Recently, a monoclinic zirconia coating with a nanostructural 
surface was prepared on the Ti–6Al–4V substrate by an atmospheric 
plasma-spraying technique, and its microstructure and composition, 
as well as mechanical and biological properties, were investigated to 
explore potential application as a bioactive coating on bone implants 
[130]. X-ray diffraction, transmission electron microscopy, scanning 
electron microscopy, and Raman spectroscopy revealed that the 
zirconia coating was composed of monoclinic zirconia which was 
stable at low temperature, and its surface consists of nano-size 
grains 30–50 nm in size. The bond strength between the coating and 
the Ti–6Al–4V substrate was 48.4 ± 6.1 MPa, which is higher than 
that of plasma-sprayed HA coatings. 
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 The hardness (H) and elastic modulus (E) of the plasma-sprayed 
monoclinic zirconia measured by nano-indentation are listed in 
Table 12.4. For comparison, the 3 mol.% Y2O3–ZrO2 coating 
composed of the tetragonal phase [129] and 12.8 mol.% CaO–ZrO2 
coating composed of mainly the cubic phase [128] are summarized. 
The term H/E represents the degree of elastic response in elastic–
plastic materials [72, 78]. It was taken as a useful indicator of a 
given incapacity of materials to absorb impact energy, that is to say, 
materials with lower H/E value possess stronger capacity to dissipate 
impact energy [73]. Table 12.4 shows that the elastic modulus and 
nano-hardness of the plasma-sprayed monoclinic zirconia coating 
are 139.72 ± 24.96, and 7.60 ± 1.77 GPa, respectively. In comparison 
with the 3 mol.% Y2O3–ZrO2 and 12.8 mol.% CaO–ZrO2 coatings, 
the plasma-sprayed monoclinic zirconia coating has the lowest 
H/E value, indicating that it was more resistant to exterior energy 
than the other two coatings. After Vickers indentation, no obvious 
cracks were formed around the impression on the plasma-sprayed 
monoclinic zirconia coating surface while spallation was observed 
on the 12.8 mol.% CaO–ZrO2 coating, further indicating that the 
plasma sprayed monoclinic coating may have better toughness. 

Table 12.4 Elastic modulus (E) and hardness (H) of the zirconia coating 
in comparison with 3 mol.% Y2O3–ZrO2 [129] and 12.8 
mol.% CaO–ZrO [128]

Monoclinic
ZrO2 coating 

3 mol.% Y2O3–
ZrO2 coating 

12.8 mol.%
CaO–ZrO2 coating 

Phase composition M T C + 8.7% M 
Elastic modulus E 
(GPa) 

139.72 ± 24.96 136.41 ± 25.95 178.53 ± 27.31 

Hardness H (GPa) 7.60 ± 1.77 9.20 ± 2.98 13.05 ± 2.92 
H/E 0.055 0.067 0.073

Note: M, monoclinic phase; T, tetragonal phase; C, cubic phase.

 The SEM micrographs of the osteoblast-like MG63 cells seeded 
on the plasma-sprayed monoclinic zirconia coating are displayed 
in Fig. 12.2. After seeding for 1 h, the cells on the zirconia coating 
exhibit a round morphology (Fig. 12.2a), which is consistent with the 
LSCM observation. A number of secretory vesicles are observed on 
the surface and many ϐilopodia extend from the MG63 cells as shown 
in Fig. 12.2a. After seeding for 2 h, the cells become larger and ϐlatter. 
The ϐilopodia become more elongated and extend to all directions 
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(Fig. 12.2b). After seeding for 5 h, the cells enlarge and ϐlatten 
obviously (Fig. 12.2c) and are in close contact with the coating via 
the extended ϐilopodia. With further increase in the culturing time to 
24 h, all the cells completely ϐlatten (Fig. 12.2d). After culturing for 
48 h, the cells appear to be more elongated and thicker (Fig. 12.2e). 
The results indicate that the MG63 cells can attach and adhere well 
to the plasma-sprayed monoclinic zirconia coating. Cell attachment 
and adhesion are the ϐirst phase of cell/material interaction and the 
efϐicacy and quality of this ϐirst phase will inϐluence the capability 
of the cells to proliferate and differentiate upon contact with the 
implant.

Figure 12.2 SEM pictures of MG63 cells cultured on the plasma-sprayed 
monoclinic zirconia coating for (a) 1 h, (b) 2 h, (c) 5 h, 
(d) 24 h, and (e) 48 h (the density of the cell suspension is 
1 × 104 cell ml–1) [130].

 Figure 12.3 displays the morphology of the MG63 cells seeded on 
the coating surface for 3–11 days showing higher cell densities. After 
seeding for 3 days, the number and size of cells increase, indicating 
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that cells grow and proliferate well on the surface (Fig. 12.3a). Cell 
conϐluence appears and a sheet-like layer is formed on the coating 
after the cells have been seeded for 7 days, as shown in Fig. 12.3b. 
The cells seeded on the coating for 11 days have a more elongated 
morphology and cover the whole surface (Fig. 12.3c).

Figure 12.3 SEM photographs of MG63 cells cultured on the plasma-
sprayed monoclinic zirconia coating for (a) 3 days, (b) 7 
days, and (c) 11 days (the density of the cell suspension is 
1 × 105 cell ml–1) [130].

 The good cytocompatibility of the plasma-sprayed monoclinic 
zirconia coating was possibly related to its surface nanostructure. It 
was reported that nano-sized topography improved cell attachment, 
adhesion, and proliferation on biomaterials [12, 127]. Webster 
has proposed that the critical grain size for osteoblast adhesion is 
49–67 nm for Al2O3, and 32–56 nm for TiO2 [133]. The surface of 
the plasma-sprayed monoclinic zirconia coating is constructed by 
grains with the size range of 30–50 nm, which appears suitable for 
cell attachment and viability.
 The nanostructured surface that is composed of monoclinic 
zirconia is believed to be crucial to its bioactivity. Morphological 
observation and the cell proliferation test demonstrated that 
osteoblast-like MG63 cells could attach to, adhere to and proliferate 
well on the surface of the monoclinic zirconia coating, suggesting 
possible applications in hard tissue replacements [130].
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 These studies show that the nanostructuration of metal implants 
may improve the adhesion and differentiation of osteoblastic 
cells. However, further studies are necessary to corroborate these 
preliminary results in vivo.
 Independently studies have shown that by varying the surface 
roughness of a biomaterial, bacteria adhesion decreases [25]. Simple 
means for the reduction of bacteria on and subsequent infection of 
titanium using nanometer sized Ti surface features was explored for 
medical applications by Webster and coworkers [108]. 
 This study found that compared to conventional (nano-smooth) 
Ti, the nanorough Ti surfaces produced by electron beam evaporation 
decreased the adherence of all of the aforementioned bacteria the 
most. The conventional and nanorough Ti surfaces were found to 
have crystalline TiO2 while the nanotubular and nanotextured Ti 
surfaces were found to be amorphous. The surface chemistries were 
similar for the conventional and nanorough Ti while the anodized 
Ti surfaces contained ϐluorine. Therefore, the results of this study 
in vitro demonstrated that certain nanometer sized Ti topographies 
may be useful for reducing bacteria adhesion while promoting bone 
tissue formation and, thus, should be further studied for improving 
the efϐicacy of Ti-based implants.
 The unmodiϐied titanium (Ti) possessed micron rough surface 
features as displayed under SEM (Fig. 12.4(a)). After electron beam 
evaporation, the Ti substrates possessed a high degree of nanometer 
surface features, thus, creating a more nanometer rough surface 
topography (Fig. 12.4(b)). Completion of anodization for 1 min 
in 0.5% hydroϐluoric acid (HF) at 20 V resulted in a Ti substrate 
containing nanotextured surface features (Fig. 12.4(c)). Increasing 
the anodization time (10 min) and concentration of HF (1.5%) 
resulted in a Ti surface that contained nanotubular like structures 
with an inner diameter from 60 to 70 nm, as estimated from the SEM 
images (Fig. 12.4(d)). 
 Results from this study indicated that the prepared nanorough 
Ti surfaces are the best surfaces for inhibiting bacterial adhesion. 
Compared to conventional surfaces, nanostructured materials have 
excellent biocompatibility properties due to enhanced protein 
interaction (including adsorption and conformation) resulting in 
improved cellular adhesion and tissue growth [64, 136, 146]. It has 
been demonstrated that there is a linear relationship between nano-
roughness, surface energy, and protein adsorption. More speciϐically, 
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a surface that has more nanorough features possesses increased 
surface energy which leads to greater protein adsorption [64, 136, 
146]. This study also conϐirmed the same correlation as it revealed 
that nanorough, nanotubular, and nanotextured Ti possessed higher 
degrees of nanometer features, higher surface energy, and increased 
ϐibronectin adsorption compared to conventional Ti. Furthermore, 
research has also shown that increased protein adsorption, such as 
ϐibronectin, results in decreased bacteria attachment [10, 69, 70]. 

Figure 12.4 SEM micrographs of Ti before and after electron beam 
evaporation and anodization: (a) conventional Ti; (b) nano-
rough Ti after electron beam evaporation; (c) nanotextured 
Ti after anodization for 1 min in 0.5% HF at 20 V; 
(d) nanotubular Ti after anodization for 10 min in 1.5% HF 
at 20 V. Scale bars = 200 nm [108]. 

 Compared to conventional Ti, nanorough Ti possessed no 
chemical difference, and, thus, the presence of nanometer features 
alone (higher surface energy) increased ϐibronectin adsorption, 
which decreased bacterial attachment. 
 Although total bacteria adhered the most to the anodized 
nanotubular surfaces, this study also revealed that the anodized 
surfaces (nanotubular and nanotextured Ti) decreased the 
percentage of living cells compared to the non-ϐluorinated surfaces 
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(nanorough and conventional Ti). This could be a result of the 
antibacterial effects caused by the presence of ϐluorine, as shown by 
other studies [48, 111, 151]. Additionally, there was also a difference 
in the crystallinity between the anodized Ti surfaces, nanorough, 
and conventional Ti that can be linked to bacteria adherence. 
Nanotextured and nanotubular Ti contained amorphous TiO2 while 
the nanorough and conventional surfaces contained crystalline TiO2 
(anatase and rutile phase). Research has shown that amorphous TiO2 
promoted bacteria attachment compared to anatase TiO2 (which is 
known to possess antibacterial properties) [30,150]. 
 Formation of porous TiOx layers on Ti during electrochemical 
etching in H3PO4, CH3COOH electrolytes modiϐied by HF and NH4F 
was described [50, 51]. The anodization resulted in porous TiOx 
formation, useful in tissue growth and bone bonding. The pore 
dimensions increased due to the increase of HF or NH4F content in 
H3PO4 electrolyte. During anodization at 10 V for 30 min, when the 
HF content increased from 0.5 to 10%, the pore diameter increased 
from 30 nm up to 8 μm, respectively. Anodization in CH3COOH 
electrolyte resulted in non-uniform etching with ϐlat hexagonal 
islands with nanopores inside surrounded by micropores. 
 The biocompatibility of the porous surface was investigated 
after one and ϐive days on osteoblasts culture (Fig. 12.5). After the 
ϐirst day, we have observed relatively large amount of short ϐilopodia 
(a,b). After 5 days, the cells showed adhesion and proliferation (c,d) 
and the osteoblasts covered most of the surface. On the porous 
sample, after one day, the cells strongly ϐixed to the insert, growing 
inside the pores. The ability of adhesion and growth on porous 
material is a speciϐic feature of the osteoblasts.

Figure 12.5 Human osteoblasts after 1st (a) and 5th (b) day of the 
culture on sample etched at 10 V/30 min in 1M H3PO4 
+ 10% HF electrolyte [51].
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12.3.3 Adhesion of Osteoblast-Like Cells on 
Nanostructured Hydroxyapatite

In the ϐield of biomaterials for substitution and reorganization of 
hard tissue, calcium phosphate ceramics are quite important because 
natural hard tissues are primarily composed of hydroxyapatite (HA) 
[15, 18, 32, 99, 135]. In consequence, the nanoscale topography of 
calcium phosphate ceramics determines the cellular performance of 
mesenchymal stem cells and osteoblast cells. Osteoblast proliferation 
was reported to be enhanced on nanophase HA in comparison with 
borosilicate glass, nanophase alumina, and nanophase titania [135]. 
 Recently, the response of osteoblast-like cells seeded on 
hydroxyapatite substrates consisting of nano-sized crystals 
was investigated [99]. Various types of HA nanocrystals, such 
as nanoϐibers, nanoneedles, and nanosheets were selectively 
prepared as substrate through the hydrolysis of a solid precursor 
crystal of CaHPO4 in alkaline solutions by varying the pH and ion 
con-centrations. Although all the substrates were macroscopically 
ϐlat and smooth, the nanoscale topography inϐluenced cell activity 
including the adhesion, proliferation, elongation, and formation of 
actin stress ϐibers. The presence of ϐine nanoneedles and nanoϐibers 
on the surface restricted the cellular activities, while the cells steadily 
proliferated on a nanoscopically smooth surface of large grains and 
on a substrate consisting of wide nanosheets. These results suggest 
that the adhesion and subsequent responses of osteoblast-like cells 
were affected by the contact domain size between the cell and the 
substrate. Isolated small domains of the nanostructured HA limited 
focal adhesion formation in the cells associated with the formation 
of stress ϐibers. Stable adhesion with contact domains larger than 
100 nm in width was suggested to be required for cell survival. On 
the other hand, insufϐicient adhesion on the ϐine nanoneedles was 
found to lead to apoptosis.
 Recently, research has been directed toward the development of 
electrostatic spray deposition technique, allowing the fabrication 
of dense, porous or nanostructured CaP coatings [4, 46, 47, 75, 79]. 
Figure 12.6 shows a typical osteoblast response to nanoscale 
hydroxyapatite particles deposited on to a glass surface using 
electrohydrodynamic atomization. Reports in the literature 
suggest that the special properties of these coatings are likely to 
inϐluence protein interactions and subsequently, control in vitro cell 
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proliferation and differentiation [116, 117]. Research has shown 
that the incorporation of transforming growth factor-beta 1 results 
in enhanced cellular function [118]. Thus, this route appears to offer 
the potential for chemical and topographical control of cell behavior 
and also drug delivery.

Figure 12.6 Osteoblast cells on a glass substrate coating with nanoscale 
HA deposited via electrohydrodynamic atomization [18].

12.3.4 Size Effect of Hydroxyapatite Nanoparticles on 
Proliferation and Apoptosis of Osteoblast Cells

Nano-hydroxyapatite (nano-HA), as a better candidate for an apatite 
substitute of bone in biomedical applications than microsized 
hydroxyapatite (m-HA), is suggested by many researches [115]. 
Nano-HA particles with diameters of ~20 nm (np20) and 
~80 nm (np80) were synthesized and characterized. The size effects 
of these nano-HA’s and m-HA were studied on human osteoblast-
like MG-63 cells in vitro. These results demonstrate that both cell 
proliferation and cell apoptosis are related to the size of the HA 
particles. Np20 has the best effect on promotion of cell growth and 
inhibition of cell apoptosis. This work provides an interesting view of 
the role of nano-HA’s as ideal biomedical materials in future clinical 
applications.
 As shown in Fig. 12.7A, the MG-63 cells on np20, np80, and 
m-HA ϐilms proliferated with increasing culturing time (up to 5 
days). Furthermore, cell number was signiϐicantly higher on np20 
compared to m-HA after 3 and 5 days of incubation, though there 
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was no signiϐicant difference between both surfaces after 1 day of 
incubation. The number of MG-63 cells on glass, np20, np80 and 
m-HA was 357 ± 34, 299 ± 24, 215 ± 21, and 135 ± 13 mm–2 after 
5 day. These are consistent with the results of AO staining, which 
showed that the cell coverage of np20 ϐilm was higher than that of 
np80 and m-HA ϐilms after 5 days of culture (Fig. 12.7B).

Figure 12.7 (A) Cell density of MG-63 on different substrates for 1, 
3, and 5 days. n = 6; *signiϐicantly different from m-HA, 
p < 0.05. (B) Fluorescence microscopic photographs of MG-
63 cells (cultured for 5 day) on (a) glass, (b) np20, (c) np80, 
and (d) m-HA [115]. See also Color Insert.

 This study suggested that nano-HA particles could stimulate 
osteoblastic proliferation as compared with m-HA. In addition, 
this study further revealed that the cell proliferation was inversely 
related to the HA particle sizes. Np20 was the most effective of the 
three HA samples. This may be ascribed to the enhanced interfacial 
adhesion of HA nanoparticles to cells, as well as the improved 
penetration abilities of smaller HA’s. Nano-HA’s can provide a higher 
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surface area per HA volume for cell growth than m-HA, which might 
result in increased cellular adherence and proliferation [49, 74, 
133]. 
 The origin of the effects of np20 may derive from the fact that 
the internalized HA nanoparticles were partially dissolved during 
lysosomal digesting and the obtained solutes such as Ca2+ ions 
diffused into the cytoplasm [17]. The proper Ca2+ concentrations 
favored osteoblast proliferation and differentiation [84]. 
 Besides particle size, the crystallinity and the morphology of HA 
particles also affect cell behavior. The studies have provided evidence 
that the crystallinity of calcium phosphate affects the behavior of 
cultured osteogenic cells [42, 91]. The osteogenic differentiation 
is higher in cultures on amorphous calcium phosphate substrates 
compared to crystalline HA substrates. It is demonstrated that 
surface chemistry and topography of lower crystallinity is favorable 
for cell attachment and differentiation [14, 24, 41]. 
 The morphology should be another important parameter for 
estimating the biological effect of calcium phosphate particles 
[115, 156]. The cell experiment showed that HA with spherical 
nanocrystals showed more favorable properties than rod-like HA for 
osteoblasts. The explanation for the favorable effect of sphere-like 
nano-HA on osteoblasts might be the well-organized surface which 
seems beneϐicial for ϐilopodia protrusion.
 Cytotoxicity was another important parameter to estimate the 
biological effect of HA nanoparticles. The cells in np80 and m-HA 
groups exhibited marked changes, including loss of contact with 
neighboring cells, contraction of the cells, swollen mitochondria, 
deformed nuclei, and condensed chromatin [115]. This means that 
larger sizes of HA nanoparticles are toxic to cells. Saunders and 
coworkers [112] pointed out that increased calcium phosphate 
in the matrix might trigger apoptosis in osteoblasts during bone 
resorption, and that bone cell apoptosis induced by high calcium and 
phosphate exhibited a marked change in mitochondrial function. 
 Substrate micro- and nano-topography, independently of 
substrate biochemistry, seem to have signiϐicant effects on cell 
behavior [86]. As reported till now, substrate topography (with 
micro- or nano-features) has direct effects on cell orientation, 
morphology, and cytoskeleton arrangements. As a general rule, the 
effects are more pronounced for smaller, nano-sized surface features, 
although there is a lack of knowledge on the basic mechanisms the 
cell uses to detect and respond to this nanotopography. 
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12.3.5 Biocompatibility of Ti-Bioceramic Nanocomposites

The application of Ti-bioceramic nanocomposites also focused our 
attention on the biocompatibility of synthesized bulk materials. 
In our work, hybrid Ti-x vol% 45S5 Bioglass, Ti-x vol% SiO2, and 
Ti-x vol% HA bionanocomposites (0 ≤ x ≤ 20) were produced by 
the combination of mechanical alloying (MA) and powder metall-
urgical process [52−56, 93−97]. 
 For example, the SEM images of the Normal Human Osteoblast 
(NHOst) cells cultured on Ti-10 vol% 45S5 Bioglass disks sterilized 
by autoclaving after 1 and 5 days are shown in Fig. 12.8. After the 
ϐirst day of incubation, cells show good adhesion to the surface of 
studied samples in the form of ϐilopodia. After 5 days of incubation, 
the typical monolayer was observed. The same results were 
obtained in the case of other studied nanocomposites as well as 
microcrystalline titanium. Earlier, it has been demonstrated that 
metal (Ti, Ti6Al4V, and CoCrMo) surfaces utilizing submicron to 
nanometer particles, due to higher amounts of particle boundaries 
at their surfaces, promoted the adhesion of osteoblasts as compared 
to metals composed of respective micron particles [142]. 

Figure 12.8 SEM images of the cells cultured on nanocomposite Ti-10 
vol% 45S5 Bioglass after 1(left, magniϐication 7000×) and 5 
(right, magniϐication 3500×) days. 

 Cytotoxicity tests of the extracts of studied Ti-45S5 Bioglass 
materials under wear conditions are shown in Fig. 12.9. The relative 
viability of the cells (RVC) decreases when fraction increases. It is 
important to note that the RVC of nanoscale Ti-45S5 Bioglass is 
higher in comparison with microcrystalline titanium. The wear 
and fretting accelerates the corrosion of the studied samples in a 
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biological environment such as cell culture medium. Two factors 
may inϐluence cell growth on the disks: adsorbing protein onto the 
disks and released metal ions from the disks (see Table 12.5). 
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Figure 12.9 Cytotoxicity tests of the extracts of studied samples: 
(a) microcrystalline titanium, (b) Ti-10 vol% 45S5 Bioglass 
in dynamic conditions (see text for details).

Table 12.5 Quantiϐications of metallic elements in the extracts in 
microcrystalline titanium and nanocomposite Ti-10 vol% 
45S5 Bioglass (<DL – concentration below detection level)

Element

Sample

Microcrystalline Ti 
[mg/L]

Ti-10 vol% 45S5 Bioglass 
[mg/L]

Ca 64 ± 8 82 ± 11

Cr 4.4 ± 0.7 4.1 ± 0.6

P 0 0

Ti <DL <DL

 The quantiϐication of metallic elements in each extract of studied 
nanocomposite Ti-45S5 Bioglass samples was performed for the 
elements such as Ca, Cr, P, and Ti under the optimum condition for 
each element and the results are shown in Table 12.5. In all extracts, 
chromium was detected at the concentration of 4.4 ± 0.7 and  
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4.1 ± 0.6 mg/L, respectively. Chromium is one of the essential 
elements for human, so slight amount of this element may contribute 
to cell proliferation, and resulting in higher cell growth. Additionally, 
in all studied extracts calcium was present at the concentration of  
64 ± 8 and 82 ± 11 mg/L, respectively. The existence of Ca could 
promote the formation of apatite. Titanium element cannot be 
detected. 
 This study provided evidence of signiϐicant differences in the 
amount of calcium and phosphorus deposition by osteoblasts as 
well as their precipitation from culture media between common 
orthopedic (Ti6Al4V, CoCrMo) alloys due to nanometer particle sizes 
[142]. 

12.3.6 Biocompatibility of Ni-Free Stainless Steel

Ni-free austenitic stainless steels with nanostructure were 
synthesized by mechanical alloying (MA), heat treatment, and 
nitrogenation of elemental Fe, Cr, Mn, and Mo microcrystalline 
powders [120−125]. The phase transformation from ferritic to 
austenitic was conϐirmed by XRD analysis. The mechanical and 
corrosion properties of the produced biomaterials were investigated. 
Additionally, the biocompatibility of nickel-free austenitic stainless 
steels with nanostructure and microcrystalline 316L steel, were 
analyzed studying the behavior of Normal Human Osteoblast 
(NHOst) cells from Cambrex (CC-2538). An enhancement of the 
properties due to the nanoscale structures in the bulk consolidated 
materials was observed.
 Biocompatibility tests were performed for synthesized bulk 
nanomaterials and 316L stainless steel. The AFM images of the cells 
cultured on Fe54Cr24Mn21Mo1N disks sterilized by autoclaving for 1, 
7, and 14 days are shown in Fig. 12.10. After incubation for 1 day, 
the cells were observed as scattered dots but after 7 days incubation 
the cells had grown to cover almost entire surface of the disks. There 
was a large difference in number of cells in the studied samples. Two 
factors may inϐluence cell growth on the disks: adsorbing protein 
onto the disks and released metal ions from the disks.
 Cytotoxicity tests of the extracts of the studied materials under 
wear conditions are shown in Fig. 12.11. 
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(a) (b)

(c)

Figure 12.10 AFM images of the cells cultured on Fe54Cr24Mn21Mo1N 
disks sterilized by autoclaving for 1 (a), 7 (b), and 14 days 
(c).

Figure 12.11 Cytotoxicity tests of the extracts of studied samples.

 The relative viability of the cells (RVC) decreased when the 
concentration of cells in the medium increased. It is important 
to note that the RVC of nanoscale nickel-free austenitic stainless 
Fe54Cr24Mn21Mo1N steels was higher than that of Fe74Cr24Mo2N 
and microcrystalline 316L steel. Wear and fretting accelerated the 
corrosion of the studied samples in a biological environment such as 
a cell culture medium.
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Table 12.6 Quantiϐications of metallic elements in the extracts

Element

Sample 

316L [mg/L] Fe74Cr24Mo2N [mg/L] Fe54Cr24Mn21Mo1N [mg/L] 

4.6 ± 0.6 4.2 ± 0.5 4.3 ± 0.5 

Fe 0.00 0.00 0.00

Mn 0.00 — 0.00

Mo 0.00 0.00 0.00

Ni 0.21 ± 0.03 0.10 ± 0.02 0.10 ± 0.02

 The quantiϐication of the metallic elements in each extract of 
the samples was undertaken for Cr, Fe, Mn, Mo and, Ni under the 
optimum condition for each element and the results are shown in 
Table 12.6.
 In the extract of 316L, Ni was detected at a concentration of 
0.21 ± 0.03 mg/L. Under dynamic conditions in the cell culture 
medium, the presence Ni was also observed with Fe74Cr24Mo2N and 
Fe54Cr24Mn21Mo1N, although nickel is not present as a constituent 
element. It should be noted that the presence of Ni was also reported 
from Ti–6Al–4V as an impurity at a concentration less than 0.01 
mass% [150]. Iron and chromium oxides are the main component of 
the surface oxide on 316L and Fe74Cr24Mo2N and Fe54Cr24Mn21Mo1N, 
but small amounts of nickel, molybdenum, and manganese oxides 
were also detected in the surface oxide layer. However, the stability 
of nickel oxide is relatively low compared to chromium and other 
oxides, thus the preferential release of nickel could occur.
 Additionally, in all extracts of 316L, Fe74Cr24Mo2N, and 
Fe54Cr24Mn21Mo1N chromium was detected at the concentration 
of 4.6 ± 0.6, 4.2 ± 0.5, and 4.3±0.5 mg/L, respectively. Chromium is 
one of the essential elements for humans, so a small amount of this 
element may contribute to cell proliferation, resulting in higher cell 
growth [148].
 These results indicate that Fe74Cr24Mo2N and Fe54Cr24Mn21Mo1N 
have superior cytocompatibility than the conventional metallic 
biomaterial, 316L. Additionally, the nitrogen adsorption 
treatment increases the corrosion resistance of Fe74Cr24Mo2N 
and Fe54Cr24Mn21Mo1N. The addition of nitrogen to stainless 
steel inϐluences the corrosion resistance of the steel. Recently, 
microcrystalline Ni-free stainless steel was manufactured by the 
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nitrogen adsorption treatment [148]. Fe54Cr24Mn21Mo1N sample 
had a higher cell growth than 316L in static and dynamic conditions. 
Based on the results of Yamamoto and coworkers [148, 149], 
Fe54Cr24Mn21Mo1N has a major possibility for application in the 
biomedical ϐield.
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Current research focuses on improving the mechanical perfor- 
mance and biocompatibility of metal/alloy-based systems through 
variations in alloy composition, microstructure, and surface 
treatment [24, 27, 28, 34, 38, 47, 56]. In the case of titanium, 
signiϐicant efforts go into enhancing the strength characteristics of 
commercial purity grades in order to avoid potential biotoxicity of 
alloying elements, especially in dental implants [2, 4, 5, 17, 33].
 To enhance the physicochemical and mechanical performance 
of implant materials through microstructure control, the top-down 
approaches known as mechanical alloying (see Chapters 6, 7, 8, and 
9) and severe plastic deformation (SPD) techniques were applied. 
Recent studies clearly proved that nanostructuring of titanium can 
considerably improve not only the mechanical properties, but also 
the biocompatibility [17, 27, 28, 34, 38, 40, 48, 50−54]. On the other 
hand, this approach also has the beneϐit of enhancing the biological 
response of the cp titanium surface [27, 28, 40, 53]. 
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13.1 Bulk Nanostructured Titanium

Till now, a number of SPD methods for producing in bulk, ultra 
ϐine grain metals/alloys have been developed [48−54]. Valiev 
and co-workers apply a process known as equal channel angular 
pressing (ECAP), which is a viable processing route to grain 
reϐinement and property improvement [53]. Their study reports of 
nanostructured titanium (n-Ti), produced as long-sized rods with 
superior mechanical and biomedical properties and demonstrate its 
applicability for dental implants. It turns out that the extreme grain 
reϐinement of the bulk of the metal, down to nanoscale transpires 
to surface morphology that turns out to be conducive for enhanced 
adhesion and growth of living cells. 
 Commercially pure titanium (Grade 4) of the following 
composition was used: 0.052% C, 0.34% O2, 0.3% Fe, 0.015% N, base 
material Ti (wt%). In the as-received condition, billets produced by 
hot rolling had a diameter of 40 mm with an average grain size of 
25 μm. Nanostructuring was performed using SPD by equal-channel 
angular pressing (ECAP) with subsequent thermomechanical 
processing (TMP), which made it possible to manufacture rod 
semiproducts with a length of 3 m and a diameter of 7 mm [48−54]. 
 This processing resulted in a large reduction in grain size, from 
the 25 μm equiaxed grain structure of the initial titanium rods to 
150 nm after combined SPD and TMT processing, as shown in 
Fig. 13.1. The selected area electron diffraction pattern, Fig. 13.1c, 
further suggests that the ultra ϐine grains contained predominantly 
high-angle non-equilibrium grain boundaries with increased grain-
to-grain internal stresses. It is important to note, that a similar 
structure for cp Ti can be produced in small discs using other SPD 
method such as high-pressure torsion (HPT) [49]. 

 (a) (b) (c)

Figure 13.1 Microstructure of Grade 4 cp Ti: (a) the initial coarse 
grained rod; (b), (c) after ECAP + TMT (optical and electron 
photomicrographs) [53].
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 Mechanical properties of conventionally processed and 
nanostructured cp Grade 4 titanium is presented in Table 13.1. 
The strength of the nanostructured titanium is nearly twice that of 
conventional cp titanium. Additionally, it has been shown, that the 
fatigue strength of nanostructured cp titanium at 106 cycles is almost 
two times higher than for conventional cp titanium and exceeds that 
of the Ti–6Al–4V alloy.

Table 13.1 Mechanical properties of conventionally processed and 
nanostructured cp Grade 4 titanium [53]

Processing/
treatment
conditions

UTS
[MPa]

YS 
[MPa]

Elongation
[%]

Reduction
area
[%] 

Fatigue
strength at
106 cycles 

Conventional Ti
(as received) 

700 530 25 52 340

nTi
ECAP + TMT 

1240 1200 12 42 620

Ti–6Al–4V ELI
annealed

940 840 16 45 530

 Cytocompatibility tests utilizing ϐibroblast mice cells L929 
were carried out. After nanostructuring, ϐibroblast colonization of 
the cp Grade 4 titanium surface dramatically increases (Fig. 13.2). 
For example, the surface cell occupation for conventional cp Ti 
was 53.0% after 72 hrs in contrast to 87.2% for nanostructured 
cp Grade 4 (Table 13.2). Compared to conventional titanium, high 
osteointegration rate should be expected with nanostructured cp 
Grade 4 titanium. Nanostructured (Nanoimplants®) implants have 
been successfully designed and fabricated (Fig. 13.3).

Figure 13.2 Occupation of the mice ϐibroblast cells L929 after 24 hours; 
Nanostructured (left) and conventional (right) cp Grade 4 
titanium [53].

Bulk Nanostructured Titanium
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Table 13.2 Surface cell occupation for conventional and nanostructured 
cp Grade 4 titanium [53]

Material Surface treatment
Occupied surface 
[pct.] after 72 hours 

cp Gr. 4 Ti Machining, followed by
hydroϐluoric acid etching 

53.0

Nanostructured Gr. 4 Ti 87.2 

(a) (b)

Figure 13.3 2.4 mm diameter Nanoimplant® (a) and 3.5 mm diameter 
Timplant® (b) [53].

 The certiϐied system of Timplant® manufactured according to 
standard EN ISO 13485:2003 was used during the development of 
the Nanoimplant® implant. The intraosseal nanoimplant of 2.4 mm 
diameter 2.4 mm has the strength equivalent to the conventional 
of 3.5 mm diameter implant. A number of over 250 Nanoimplants® 
have been implanted [41]. For example, a 55-year-old male with 
edentulous mandible and maxilla was treated by insertion of conical 
implants laterally and Nanoimplants® in the narrow anterior 
part (Fig. 13.4). Primary retention of all implants was very good. 
Nanostructuring of titanium by SPD processing has made the 
material with signiϐicantly superior mechanical performance when 
compared to conventional cp Grade 4 titanium and Ti–6Al–4V alloy 
(Figs. 13.5 and 13.6).
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Figure 13.4 Implanted nanoimplants® [41].

Figure 13.5 Selected mechanical properties of some implant alloys in 
comparison with nTiGr2 and nTiGr4 [41].

Figure 13.6 Young’s modulus of different implant materials in 
comparison with nTiGr2 and nTiGr4 [41].

Bulk Nanostructured Titanium
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 Currently, titanium and its alloys are used for dentistry devices 
such as implants, crowns, bridges, overdentures, and dental implant 
prosthesis components (screw and abutment). There are currently 
four cp Ti grades and one titanium alloy specially made for dental 
implant applications. These metals are speciϐied according to ASTM 
as grades 1 to 5. Grades 1 to 4 are unalloyed while grade 5, with 
6% aluminum and 4% vanadium, is the strongest. However, for 
permanent implant applications, the Ti–6Al–4V alloy has a possible 
toxic effect resulting from the released vanadium and aluminum 
[4, 5]. For this reason, vanadium- and aluminum-free alloys have 
been introduced for implant applications. These new alloys include 
Ti–6Al–7Nb (ASTM F1295), Ti–13Nb–13Zr (ASTM F1713), and  
Ti–12Mo–6Zr (ASTM F1813) [11].

13.2 Dental Implants with Nanosurface

Nanoscale modiϐication can alter the chemistry and/or topography 
of the implant surface [36]. There are many different methods 
to impart nanoscale features to the implant surface (Table 13.3). 
Several of these methods have already been used to modify implants 
available commercially. Such changes alter the implant surface 
interaction with ions, biomolecules, and cells. These interactions 
can favorably inϐluence molecular and cellular activities and alter 
the process of osseointegration. 
 Till now, a few nanoscale surface topography modiϐications have 
been used to enhance bone responses at clinical dental implants. 
For example, the Osseo-Speed surface (Astra Tech AB, Molndal, 
Sweden) possesses nanostructured features created by TiO2 
blasting followed by a proprietary hydroϐluoric acid treatment [1, 7,  
13]. Greater osteoblastic gene expression (Runx2, Osterix, Alkaline 
Ph-osphatase, and Bone Sialoprotein) was measured in cells adherent 
to the nanoscale HF-treated surface compared to the micron-scale 
surface [23]. This nanotopography is associated with the 
elevated levels of gene expression that indicate rapid osteoblastic 
differentiation. Other studies have demonstrated an increased bone 
formation, torque removal value [12]. In the rabbit tibia model of 
osseointegration, histomorphometric evaluations demonstrated 
higher bone-to-implant contact for the nanoscale OsseoSpeed im-
plants compared to the micron-scale TiOblast™ implants (Astra 
Tech AB, Mölndal, Sweden) at 1 month (35 ± 14% vs 26 ± 8%) and  
3 months (39 ± 11% vs 31 ± 6%) after placement [43]. 
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Table 13.3 Methods for creating nanofeatures on cp titanium 
implants [36]

Methods Characteristics 

Self-assembly of monolayers
The exposed functional end group could 
be a molecule with different functions (an 
osteoinductive or cell adhesive molecule).

Physical approaches
Compaction of nanoparticles

Ion beam deposition

Conserves the chemistry of the surface 
among different topographies. Not readily 
applied over implant surfaces.

Can impart nanofeatures to the surface 
based on the material used.

Chemical methods
Acid etching

Peroxidation

Alkali treatment (NaOH)

Anodization

Combined with other methods (sand-
blasting and/or peroxidation) can impart 
nanofeatures to the surface and remove 
contaminants.

Produces a titania gel layer.
Both chemical and topography changes 
are imparted.

Produces a sodium titanate gel layer 
allowing hydroxyapatite deposition.
Both chemical and topography changes 
are imparted.

Can impart nanofeatures to the surface 
creating a new oxide layer (based on the 
material used).

Nanoparticle deposition
Sol–gel (colloidal particle 
adsorption)

Discrete crystalline deposition

Creates a thin-ϐilm of controlled chemical 
characteristics. 
Atomic-scale interactions display strong 
physical interactions.

Superimposes a nanoscale surface topo-
graphical complexity on the surface. 

Lithography and contact 
printing technique Many different shapes and materials can 

be applied over the surface.
Approaches are labor intensive and 
require considerable development prior 
to clinical translation and application on 
implant surface. 

Dental Implants with Nanosurface
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 The Astra Tech TiOblast™ is the precursor of the OsseoSpeed™ 
surface [25]. This surface was grit blasted with titanium dioxide 
particles to achieve an isotropic, moderately roughened surface. The 
TiOblast surface shows excellent outcomes when compared with 
machined titanium surfaces in theoretical models, in terms of in 
vitro cell biocompatibility evaluations and in vivo studies [8, 16, 21, 
22, 37].
 On the other hand, OsseoSpeed™ was launched in the fall 2004 
and was a further development of the moderately roughened (grit 
blasted with titanium dioxide particles) titanium surface TiOblast™ 
[43]. OsseoSpeed gains its additional surface characteristics via a 
chemical (ϐluoride) treatment and a slight topographic modiϐication 
of the TiOblast surface. Incorporation of small amounts of ϐluoride 
ions in the oxide layer results in a slight increase on the micrometer 
scale in surface roughness and the appearance of a nanoscale 
topography have been reported for the OsseoSpeed surface. In vitro 
and animal experiments indicate that the OsseoSpeed surface leads 
to increased bone formation and stronger bone-to-implant bonding 
at shorter healing times than TiOblast or machined titanium 
surfaces. Enhanced osteoblast differentiation, platelet activation, 
and thrombogenic properties of the ϐluoride-treated surface have 
been reported [3, 13, 14, 18, 20, 44, 57]. 
 Published data shows that the OsseoSpeed implant can be safely 
used with a range reported for survival rate from 94.5% to 100%, 
including the use of immediate loading protocol [10] even in the 
atrophic edentulous maxilla [46], in sinus lifted maxillary posterior 
jaw sites [45], immediate installation in extraction sockets [35], and 
implants placed in atrophied mandibles close to the nerve [42]. 
 Another nanoscale surface implant presently available in the 
clinical marketplace involves a CaP nanoparticle modiϐication of a 
minimally rough titanium alloy implant (see Figs. 13.7 and 13.8) [9]. 
The NanoTite™ Implant starts with the industry-proven OSSEOTITE® 
Surface at the core. Next, discrete nanometer scale crystals of 
calcium phosphate (CaP) are deposited onto the OSSEOTITE Surface 
substrate. These crystals are bonded to the substrate, occupying 
approximately 50% of the surface, thereby being differentiated 
from the traditional plasma-sprayed CaP coatings that have been in 
commercial use for more than 20 years. The nanoscale topography 
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and potential biologic beneϐits associated with the CaP crystals may 
play a key role in enhanced site response, potentially improving 
clinical predictability and outcomes. Preclinical studies demonstrate 
a substantial improvement on the rate and extent of osseointegration 
for the NanoTite Implant versus the Osseotite Implant. 

Figure 13.7 OSSEOTITE® Surface at 20,000× [http://biomet3i.com].

Figure 13.8 NanoTite™ Surface at 20,000× [http://biomet3i.com].

 The nanoscale CaP surface created by DCD (Nanotite, 3i) was 
evaluated [39]. The histologic evaluation of clinical implants 
revealed bone-to-implant contact of 19 ± 14.2% and 32.2 ± 18.5% 
for the Osseotite (3i) control and the Nanotite (3i) experimental 
implants, respectively. Additionally, greater bone formation at 4 
and 8 weeks was observed [19]. 
 Recently, ion-beam assisted deposition (IBAD) process, which 
provides increased integration with the implant surface, known 
as high-energy sputter deposition, has been used to create a 
commercially available dental implant surface [6]. In the NanoTite™ 

Dental Implants with Nanosurface
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process, a high-energy ion beam source aims a beam of ions at the 
surface of a target treated with HA. These high-energy ions eject the 
basic chemical elements of the HA from the target/substrate and 
create a molecular cloud whose molecules bond with the surface 
of the Bicon Integra-Ti™ implant. The bone formation was higher 
in the experimental group than in the control group (sandblasted/
acid-etched) after 2 (13.56% vs 24.04%) and 4 weeks (14.22% vs 
27.39%) [6]. 

13.3 Nanostructured Materials for Permanent 
and Bioresorbable Medical Implants

The development of metallic implant materials is driven by the 
biocompatibility requirements and also by the need for improved 
mechanical performance of biomedical implants. Additionally, the 
implants should strongly bond with the bone for the unfailing and 
long-term exploitation. For that reason, beside good mechanical 
and corrosion properties, the implant surface should be sufϐiciently 
rough for tissue growth and bone bonding [27−29]. Different 
paradigms govern this development for permanent and temporary 
implants. While materials for permanent implants, e.g., for bone 
or tooth replacement, obviously need to be as inert in bodily ϐluids 
as possible, those for temporary implants must degrade at a rate 
suitable for the targeted application. 
 Recently, two alloy systems based on titanium and magnesium 
are investigated [17, 26, 55]. Indeed, Ti forms a protective 
surface layer of titania and is considered to be bio-inert, while 
Mg is extremely reactive and biodegradable. It is known, that the 
mechanical performance of implant materials is possible to enhance 
through microstructure control. An equal channel angular pressing 
(ECAP) is a viable processing route to grain reϐinement and property 
improvement. It turns out that the extreme grain reϐinement of the 
bulk of the metal down to nanoscale transpires to surface morphology 
that turns out to be conducive for enhanced adhesion and growth of 
living cells (Fig. 13.9). Indeed, proliferation of the preosteoblast cells 
on the surface of nanostructured Ti processed by ECAP was shown 
to be hugely enhanced, by a factor of about 20. Improved adhesion 
and accelerated rate of proliferation following ECAP processing of 
titanium was recently reported for osteoblast cells [40]. 
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Figure 13.9 Enhanced growth of preosteoblast cells on nanostructured 
titanium (left) as compared to coarse-grained one (right) 
[17].  

 Bioactivity of titanium can be enhanced further by a combination 
of coating techniques, such as micro-arc oxidation (MAO), anodizing, 
and coating with hydroxyapatite (Fig. 13.10) [32, 33]. When HA was 
deposited on a MAO-treated surface, bioactivity was higher than in 
the case when only surface treatment was performed. 

Figure 13.10 SEM micrographs of surface-modiϐied titanium implants: 
Morphology of MAO-treated surface (left top), anodized 
surface (right top) and cross-sectional view of HA coating 
on Ti substrate (left bottom) [32, 33].

 The potential for using Mg alloys in bioresorbable vascular  
stents or bone implants has recently attracted a huge interest of 

Nanostructured Materials for Permanent and Bioresorbable Medical Implants
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researchers [15, 26, 30, 31, 58]. Reducing the danger of inϐlammations 
and avoiding the need for repeat surgery by using temporary, 
biodegradable metallic implants and at the same time capitalizing 
on their good mechanical strength is, indeed, a very attractive 
possibility. Many groups worldwide have rapidly moved into this 
area. Despite some problems with biotoxicity of certain alloying 
elements, structural Mg alloys have been used in biocompatibility 
tests, both in vitro and in vivo. Clinical tests have demonstrated 
the viability of Mg alloys as stent implant materials. Recent results 
supported by the published work suggest, however, that in vivo 
tests are indispensable already at this stage, as biocompatibility 
of Mg alloys in vitro does not fully represent what happens in vivo  
[15, 58]. 
 Recent work has demonstrated that bulk grain reϐinement 
techniques, such as equal-channel angular pressing, are potent tools 
to improve the fatigue strength and the bio-corrosion resistance of 
common structural Mg alloys [55]. We are exploring the ways to 
further improve the properties of Mg based alloys and make them ϐit 
for applications in bioresorbable implants. 
 However, bulk grain reϐinement may be insufϐicient to bring the 
bio-corrosion rate down to the levels required by the clinical needs. 
A natural way to contain corrosion of Mg and achieve controllable 
corrosion rates is by surface modiϐication, particularly through 
smart coating design. For example, corrosion of Mg alloys is retarded 
markedly when a thin MgF2 layer is formed on the surface in a 
ϐluoridation process. Furthermore, when a bioactive material, such 
as hydroxyapatite, is deposited on top of the MgF2 layer, both the 
corrosion resistance and biocompatibility are enhanced signiϐicantly 
(Fig. 13.11).

Figure 13.11 Coating layers of MgF2 and hydrohyapatite (HA) on Mg 
(left) and osteoblast cells attached on the surface of Mg 
coated with MgF2 and HA (right) [55]. 
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13.4 Nanostructured Dental Composite 
Restorative Materials

In recent years, materials used for dental restorations have 
comprised principally acrylate or methacrylate polymers. However, 
acrylic materials exhibit high coefϐicients of thermal expansion 
relative to the coefϐicient of thermal expansion for the tooth 
structure, therefore these substances by themselves proved to be 
less than satisfactory. The disparity in thermal expansion, coupled 
with high shrinkage upon polymerization, resulted in poor marginal 
adaptability and ultimately led to secondary decay. Furthermore, 
the wear and abrasion characteristics and the overall physical, 
mechanical, and optical properties of these unϐilled acrylic resinous 
materials were quite poor. Composite dental restorative materials 
containing methacrylate resins and ϐillers were thus developed. 
 The nanotechnology and nanoscience approach is to design 
and develop new dental composite materials with superior 
properties [29]. The ϐiller composition comprises at least a bound, 
nanostructured, and silica. The silica is in the form of nano-sized 
particles, preferably spherical particles. The individual particles 
have the largest dimension or diameter in the range from about  
10 to about 100 nm and preferably from about 10 to about 50 nm. 
The silica particles are furthermore bound to each other so as to 
result in chains having lengths in the range from about 50 nm to 
about 400 nm. In order to improve bonding with the resin matrix, the 
bound colloidal silica ϐiller particles may optionally be treated with 
a silane. These ϐilled compositions are useful for a variety of dental 
treatments and restorative functions including crown and bridge 
materials, ϐillings, adhesives, sealants, luting agents or cements, 
denture base materials, orthodontic materials and sealants, and 
other dental restorative materials. 
 In addition to the bound, nanostructured silica, the ϐiller 
composition may further comprise one or more of the inorganic 
ϐillers currently used in dental restorative materials. Preferred 
additional ϐillers include those which are capable of being 
covalently bonded to the resin matrix itself or to a coupling agent 
which is covalently bonded to both. Examples of suitable ϐilling 
materials include but are not limited to, silica, silicate glass, quartz, 
barium silicate, strontium silicate, barium borosilicate, strontium 
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borosilicate, borosilicate, lithium silicate, lithium alumina silicate, 
amorphous silica, ammoniated or deammoniated calcium phosphate 
and alumina, zirconia, tin oxide, and titania. Suitable ϐillers have a 
particle size in the range from about 0.1−5.0 μm, and may further 
comprise unbound silicate colloids of about 0.001 to about 0.07 μm. 
These additional ϐillers may also be silanized. 
 The amount of total ϐiller composition in the dental composite 
can vary widely, being in the range from about 1 to about 90% 
by weight (wt%) of the total composition. The amount used is 
determined by the requirements of the particular application. Thus, 
for example, crown and bridge materials generally comprise from 
about 60 to about 90 wt% ϐiller, luting cements comprise from about 
20 to about 80 wt% ϐiller, sealants generally comprise from about 1 
to about 20 wt% ϐiller, adhesives generally comprise from about 1 to 
about 30 wt% ϐiller and restorative materials comprise from about 
50 to about 90% ϐiller, with the remainder in all cases being the resin 
composition. 
 The expected outcomes are new formulations for dental 
composites with improved adhesive bonding to dentin and enamel 
surfaces, improved durability, esthetics, and biocompatibility. 
Nanostructured dental composites can have superior mechanical 
properties (e.g., increased elastic modulus, strength, or resistance to 
fatigue fracture) that can easily be tuned by small modiϐications of 
their building blocks. 
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